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Even as civilian nuclear energy is experiencing a real resurgence in interest, there is a need also to know
precisely what is involved in the issue, whether it be nuclear energy itself, or the associated science and
technology. And yet, overviews of a good scientific level are scarce… In order to fill this gap, and highlight
its own work in due manner, the French Alternative Energies and Atomic Energy Commission (CEA:
Commissariat à l'énergie atomique et aux énergies alternatives) is issuing, in the form of short Monographs,
a comprehensive overview of its own ongoing research in the area of civilian nuclear energy.

Such research being diverse and multidisciplinary, this series of CEA Monographs explores, and surveys
topics as varied, if complementary, as reactors for the future, nuclear fuel, materials under irradiation,
or nuclear waste…

Aimed both at scientists hailing from other areas of expertise, wishing to appraise themselves of the issues
at hand, and a wider public, interested in learning about the present and future technological environment,
these CEA Monographs set out the recent findings from research, together with their context and the
related challenges.

Materials are the key (or showstopper) of broad areas
of industry, and, more specifically, of nuclear industry.
The safety and operating time of nuclear reactors, and the
feasibility of fuel cycle operations are dependent on the
materials used.

Nuclear materials are harshly treated, indeed, as they are
exposed to loading due to mechanical, thermal, chemical
and radioactive conditions. The latter often act in synergy
(stress corrosion, irradiation creep…). The first three types of
loading are “classic”, but the last one (irradiation) is specific
of nuclear materials.

With the purpose of guiding the design of these materials,
and predicting their behavior, modeling and simulation tools
have become indispensable. So a wide range of modeling
tools has been developed, from the atomic to the macro-
scopic scale. These models have to be interconnected, and
validated by experiments with well-defined targets, so as to
make sure that the involved phenomena are well controlled.
These experiments are first conducted on model materials of
simple structure and composition, before dealing with the
more complex case of real materials subjected to multiple
stresses.

Such is the scientific approach described in this Monograph.
The reader will find in it a simple description of modeling
methods for materials under irradiation, and of related
experimental methods, as well as a few recent highlights.
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Foreword

The major mission assigned to the CEA by our country is to develop a R&D
program in the field of civilian nuclear power-generating reactors, a program that
includes the various following aspects: optimizing current nuclear technologies,
conducting waste management and dismantling activities, and developing future
generations of nuclear power plants (NPPs) and fuel cycle facilities.

The CEA’s prime mission is to conduct its activities “from research to industry”.
Thus, the CEA develops new concepts, and has to make sure of their theoretical
relevance and scientific quality, as well as of their technological feasibility, in relation
to achieving industrial projects. Materials play a key role in the ability to implement
innovative concepts. So, in order to ensure the quality of the results it issues, the
CEA conducts an enhanced R&D on both objects themselves, and their constitutive
materials.

Concerning the current NPP fleet, the reliability of the materials that constitute the
different confinement barriers is crucial to ensure the safety and operating time of
reactors, as well as the safe behavior of nuclear waste in the storage or disposal
steps. Another CEA’s mission is to propose innovative concepts for developing
future generations of nuclear power plants. This Monograph sets out the scientific
and technical approach enabling the CEA to validate nuclear materials behavior
under the extremely harsh conditions which they are exposed to, in particular
irradiation effects, and to design innovative materials for nuclear future.

The conventional scientific approach is used for this purpose: a deep insight of the
materials subjected to mechanical, thermal, chemical and radioactive loading can
be gained through observing and analyzing the involved physico-chemical
phenomena on the representative scales.The CEA has developed modeling tools
from the atomic to the macroscopic scale, relying on high-performance numerical
methods, and on fully controlled characterization tools on the same scales. These
models, interconnected using relevant methods, and validated by confrontation
with experiment, provide nuclear operators the required tools to check the good
behavior of their facilities in any circumstances.

The same tools can be involved in building an approach for developing innovative
materials, and thus providing an optimized response to stresses to be faced by
future nuclear reactors’ components. Indeed, simulation is expected to help
implement an upstream approach relying on ab initio design of materials that a
priorimeet the functions, and conditions of use, for which they have been designed,
thereby fostering continuous innovation.

It seems to me of the utmost importance that scientific and technical knowledge be
widely disseminated. This research work, which calls upon all the scientific
disciplines contributing to materials science, and often ranks as among the best in
the world, must be presented and explained to all those who would like to form
their own opinion on nuclear energy.The reader will find in this Monograph a simple
description of methods for simulating materials behavior under irradiation, and of
related experimental processes, as well as recent CEA highlights.

Nuclear Materials
Structural Materials Modeling and Simulation
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Introduction

justify safety margins, initially set up in an empirical way.
Nuclear reactors are built using conventional rules, and both
their materialsʼ aging and mechanical behavior in in-service
and accidental conditions are conventionally predicted using
empirical methods. However, demonstrating their perform-
ance and lifetime increasingly relies on a physically-based
approach. The previous step of understanding prior to pre-
dicting the mechanical behavior of a material involves physi-
cal modeling on different space and time scales, and methods
for changing scales. That type of approach is now acknowl-
edged as a very rich complement of the empirical approach.

Predicting the long-term behavior of materials exposed to
such environments, and designing new materials of higher
performance imply simulating the involved physical phenom-
ena. Achieving such a project, essential for reactor safety and
operation, requires a step-by-step implementation. That first
implies to get a good knowledge of the materialsʼ character-
istics in terms of microstructure, resistance, ductility, and cor-
rosion. Then, the changes induced in these materials by neu-
trons have to be identified. Once the physical phenomena
identified, they have to be modeled as part of simulation, first
separately, and then altogether. Finally, this whole modeling
has to be validated by experiments, initially conducted on sim-
ple systems, and then on systems as representative, as pos-
sible, of real conditions of use.

In the French background, as soon as it was setup, CEA was
assigned the task of developing nuclear materials science in
co-operation with the expertise of the best metallurgy and
solid physics university laboratories, especially the laboratory
supervised by Professeur Jacques FRIEDEL (1921-2014). The
advances achieved at CEA, as well as the modeling methods
of that age, were transferred in the nineties to EDF and
AREVA, that integrated them, which enabled them to update
their knowledge in order to address the aging issues in a less
empirical manner. Since the 2000s, many developments have
been achieved in modeling and nuclear materials science,
jointly conducted with EDF and AREVA, in co-operation with
the University.

In this Introduction, the reader will find a brief description of
nuclear materials and of the components in which they con-
stitute the structure, the reasons of their selection, their oper-
ating conditions, and the main macroscopic features of
aging. The latterʼs evolution will be made explicit as a func-
tion of service conditions, particularly neutron flux and dose,

From the early age of nuclear industrial adventure, the
need to develop a specific materials science has been
made obvious, either to gain the control of little known ma-
terials (uranium, plutonium, and their oxides, nitrides, and car-
bides for fuel, or zirconium, magnesium, and their alloys for
fuel clad), or to control new or unexpected phenomena (from
the very early, i.e. theWigner effect* in graphite, to austenitic
steels swelling in fast neutron reactors twenty-five years later,
going through uranium and zirconium growth*, diffusion and
plasticity under irradiation, water radiolysis*…).

Structural materials in nuclear reactors, whether current
Generation-II and III power-generating reactors, Generation-
IV reactors, or future controlled thermonuclear fusion reac-
tors, are subjected to severe service conditions: high temper-
atures, fast neutron irradiation, mechanical loading, and a
possibly corrosive environment. Their functional properties
often degrade in service, which is termed ʻagingʼ: that implies
de facto a limitation in the operating time of some compo-
nents, with multiple consequences. Thus, the fuel element
clad or the reactor vessel are safety barriers whose ability to
operate has to be demonstrated by the operator. So, under-
standing and predicting in the best possible way how the
properties of these componentsʼ structural materials are to
evolve, are essential issues for the safety and operation of
facilities. This knowledge also makes it possible to propose
new clad materials, with a view to extending the fuel element
service life, and so improving specific burn-up* in fully safe
conditions, a significant economic challenge, indeed. The
reactor vessel cannot be replaced: so the degradation of steel
properties will determine the facilityʼs end of operation. In the
case of replaceable components, such as internals, pipes,
and exchangers, the challenge will be mainly economic, as
their possible replacement will affect reactor availability.

Hence the crucial interest of nuclear materials science. That
science has to rely on a robust modeling, as the purpose is
to ensure materials behavior under irradiation over times that
may sometimes exceed times accessible to experimentation.
Another interest is to extrapolate to new, and sometimes inac-
cessible, irradiation conditions, such as those of fusion reac-
tors, the evolution of materials that is only known in too much
a limited field of neutronic and thermal conditions. Materials
in a reactor may be subjected to extreme conditions, particu-
larly likely to be reached under accidental conditions, in which
observation on the relevant space and time scales is not pos-
sible. A last purpose is to reduce uncertainties, and to better

Nuclear Materials
Structural Materials Modeling and Simulation
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Table 1.
Nuclear Reactors Materials and Components

Main components of Generation-II, III, IV, and fusion nuclear
reactors subjected to irradiation by fast neutrons, as well
their structural materials, their operating conditions, and the
functional properties that determine their ability to operate
in such conditions (temperature being expressed in Celsius
degrees, stress in MPa, pressure in bar, dose in dpa* (dis-
placements per atom), and helium and hydrogen generation
in appm/dpa).

8 Introduction

Reactor

Pressurized
water reactor
(Generations II
and III)

Generation-IV
Case of sodium-
cooled fast neutron
reactors

DEMO fusion
reactor

Component
- Function
- Replaceable

Fuel clad*

- Safety barrier
- Consumable

Vessel
- Safety barrier
- Irreplaceable

Lower internals
-Thermal-hydraulics
- Replaceable

Fuel clad
- Safety barrier
- Consumable

Hexagonal wrapper tube
- Core segmentation
-Thermal-hydraulics
- Consumable

Tritium-breeding blanket
-Tritium self-sufficiency
- Replaceable

Alloys

Zircaloy-4

Alloy M5®

ZIRLOTM

Low-alloy steel

Austenitic steel

- Austenitic steel

- ODS martensitic
- ODS ferritic

- Martensitic steel

SiC/SiC

- Martensitic steel
- ODS martensitic
- ODS ferritic

Chemical Composition
Metallurgical State

Zr-1.3%Sn-1,200 ppmO-0.2%Fe-
0.1%Cr
Stress-relieved

Zr-1%Nb-0.025%Fe-1,250 ppmO
Recrystallized

Zr-1%Nb-1% Sn-1,000 ppmO
Stress-relieved

Fe-Mn-Ni (Cu-P)
Tempered bainitic

- Solution-annealed 304L 18%Cr-
10%Ni
- Cold-worked 316 17Cr-11Ni-2.5 Mo

- Optimized cold-worked 15%Cr/
15%Ni Ti (AIM-1)
- Advanced cold-worked austenitic steel

- 9-14%Cr (Y, Ti, O)

- EM10: 9%Cr 1%Mo
- Optimized advanced martensitic steel
- Quenched, tempered or cold-worked

A very ambitious solution under evalua-
tion

- 9%Cr WV (reduced activation)
- 9%Cr (Y, Ti,O)
- 14%Cr (Y, Ti, O)
- Tempered

(Nominal) Service
Conditions

- 320-400°C
- ± 90 MPa
- 5 dpa (5 years)

- 150 bars
- 290°C
- 0.2 dpa (60 years)

- 290-380°C
- ~60 dpa (60 years)
- ~10 appmHe/dpa

- 650°C
- 100 MPa (end of life)
- 150 dpa (4 years)
- ~0.2 appmHe/dpa

- > 650°C
- ~100 MPa (end of life)
- > 150 dpa
- ~0,2 appmHe/dpa

- 550°C
- ~150 dpa (EM10)
- >150 dpa (AMA)
- ~0.2 appmHe/dpa

- T = f (coolant)
- ~50 dpa
- ~10 appmHe/dpa
- ~50 appmH/dpa
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Critical Property

- Growth*
- Irradiation creep*
- Corrosion/hydriding
- Resistance to accidental conditions

- Toughness*

- Ductility*, toughness*
- Irradiation creep
- Irradiation-Assisted Stress
Corrosion Cracking* (IASCC*)

- Swelling*

- Swelling/Irradiation creep
- Thermal creep: ductility
- Corrosion on fuel side
- Corrosion on sodium side
- Post-irradiation brittleness
- Reprocessable
- Mechanical integrity

- Swelling
- Toughness
- Mechanical integrity

- Mechanical integrity
- Resistance to erosion

- Swelling
- Toughness
- Corrosion (water coolant)

Nuclear materials
The structural metallic alloys of Generation-II,III and IV
nuclear fission reactors, and of future fusion reactors are
presented in Table 1 with their irradiation conditions and the
critical properties the evolution of which may result in the
component not being able to operate.

Materials used in pressurized water reactors

Steels used are standard steels which were selected owing
to properties that ensure in the initial state a good compati-
bility with the specifications in the late sixties:

• Vessel steel is a low alloy steel, 16MND5, exhibiting a
body-centered cubic (bcc) structure, which in the tempered
bainitic state stands as a good compromise between
mechanical resistance and toughness*. An internal stain-
less lining compensates for its bad resistance to aqueous
corrosion. Under neutron irradiation, the toughness curve is
shifted to higher temperatures (see Fig. 1). So, at a given
temperature, toughness lowers with irradiation: steel is
embrittled. The vessel is the second safety barrier of the
reactor whose integrity all along the reactorʼs lifetime is to
be demonstrated by the operator. For this purpose, steel
toughness has to remain sufficiently high to ensure the sta-
bility of any, real or postulated, defect which is subjected to
the various types of loading taken into account in design
basis codes. In addition, the vessel is an irreplaceable com-
ponent: its unability to operate means the end of the reac-
tor lifetime;

50

100

150

200

250

0

0 -150 -100 -50 0 50 100

Fig. 1. Toughness of pressurized water reactor vessel steel versus
temperature before (blue) and after irradiation (green).
After irradiation, the curve is shifted to higher temperatures.

Unirradiated

Ø = 13.1019 n.cm-2

Temperature (°C)

temperature, mechanical stresses, and environment. The
basic physical mechanisms which control aging phenomena
will be briefly described, as well as modeling tools, mechan-
ical, microstructural and physico-chemical characterization
tools, and irradiation tools.
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10 Introduction

• lower internals are made up of body-centered cubic (bcc)
crystal structure austenitic steel: solution annealed* 304
for the baffle assembly, and cold-worked* 316 for the
baffle-former bolts (see Fig. 2). These internals constitute
a structure 13 m high and 3 m in diameter, whose integrity
and dimensional stability have to be ensured. These
austenitic steels have been selected due to their good
mechanical resistance and their stainless feature. In serv-
ice conditions, these steels undergo hardening, hence a
decrease in their ductility and toughness: alike the vessel,
they get brittle. Nano-voids and helium nano-bubbles1 could
be observed using Transmission Electron Microscopy
(TEM), with samples taken from the bolts [1]. So these
steels could swell with the high doses envisaged in the
case of extended operating time of reactors: that would
entail structural dimensional variations and mechanical
stresses induced by the swelling gradients associated with
thermal gradients, which could affect the dimensional sta-
bility and integrity of these internals. The phenomenon of
Irradiation-Assisted Stress Corrosion Cracking* (IASCC*)
could be observed on a few bolts, as intergranular cracking
was found to develop between the bolt head and shank at
doses of about 5 dpa.

Neutron transparency of zirconium is what has determined
the selection of Zr-base alloys for fuel clad.

• Zircaloy-4 has been the alloy used in the EDF reactor fleet.
Its chemical composition and its manufacturing range
(stress-relieved state) have been optimized in order to
improve mechanical resistance and resistance to corrosion.
Oxygen is an interstitial element in the hexagonal close-
packed (hcp or cph) crystal lattice of zirconium, that
strongly contributes to increasing the alloyʼs yield strength.
As a substitute element, tin significantly improves creep
resistance. Iron and chromium display modest solubility
limits in zirconium (~150 ppm at 850°C); they precipitate as
intermetallic* phases, Zr(Fe,Cr)2, and Zr(Nb,Fe), which
limit grain size, and improve resistance to corrosion. The
phenomenon of irradiation growth* of these alloys results
in elongations that may induce unacceptable strain in fuel
assemblies;

• AREVA M5® alloys, and Westinghouse ZIRLO alloy arise
from new optimizations of the chemical composition and
manufacturing range (recrystallized state for M5®, and par-
tially recrystallized state for ZIRLO). In operating conditions,
the latter result in a gain in terms of growth and creep under
irradiation, and in significantly improved corrosion resist-
ance, while preserving the mechanical qualities of the clad,
which allows for longer in-reactor residence times than with
Zircaloy-4.

V1

V1 V2 V3 V1

V1 V2

V1 V2

V3 V4

V1

V1

V2

V1

V2

V2

V2

V2
V3

V4

V5

V6

V7

V8

V9

Fig. 2. a) A vertical cutaway view displaying the vessel and the lower internals of a pressurized water reactor. b) Overview of the lower internals.
c) Detailed view of the vertical plates (“baffles”), of the horizontal plates (“formers”), and of the baffle-former bolts.

1. Due to a significant thermal component of the neutron spectrum expe-
rienced by internals, nickel in stainless steels undergoes a two-step trans-
mutation, 58Ni + n → 59Ni + � and then 59Ni + n → 56Fe + 4He, which results
in helium generation. In this respect, austenitic steels in internals hold an
outstanding position among steels used in fission reactors.

a b c

Thermal shield

Baffle

Former

Baffle
assembly

3 m

4
m

Baffle
Baffle-former bolts

Mono10CEA_Part1-2GB_3.qxd:Mono4CEA_FR3.qxd  3/12/18  12:10  Page 10



11Nuclear Materials
Structural Materials Modeling and Simulation

Materials used in fast neutron fission reactors

In the early fast neutron fission reactor cores2, clads were
made of solution annealed or cold-worked type 316 stainless
steel owing to that type of steelʼs good compatibility with fuel
and sodium coolant, and to its high temperature strength suf-
ficient to limit deformation by thermal creep* due to fission
gas internal pressure. On this very type of steel [2] was dis-
covered the swelling* phenomenon. That eventually made
it necessary to reduce burnups, as an excessive swelling of
the cladding material could not be allowed, so as to maintain
the sodium ports that condition the cooling capacity, and to
prevent an excessive degradation of the materialʼs ductility*:
beyond a 6% volumetric swelling the drop in ductility became
unacceptable, and this very criterion resulted in limiting fast
reactor burn-up*, thereby boosting research on steels display-
ing enhanced swelling tolerance. Figure 3 gathers the results
of 25 years of applied research in PHÉNIX (France).
Obviously, the crystalline structure, the chemical composition,
and the metallurgical state are the key parameters that govern
swelling.

Body-centered cubic (bcc) ferritic* and martensitic* steels,
exhibit a negligible macroscopic swelling for high doses up to
about 150 dpa, whereas austenitic* steels, after a significantly
lower dose, reach a fast swelling mode, and very quickly go
beyond the 6% volumetric swelling limit. Due to
this good swelling resistance, together with a
reasonable high temperature mechanical
strength up to about 550°C, martensitic steels
stand as good candidates for the structural mate-
rial of the fast reactor sub-assembly hexagonal
wrapper tube (HT). Yet TEM examinations show
that the swelling incubation dose of this type of
steel is expected to be close to the maximum
dose reached up to now. So optimizing the met-
allurgical state and/or the chemical composition
will be required to improve swelling resistance,
thereby making it possible to reach the doses
> 150 dpa considered for the fast reactor type.

The chemical composition and the metallurgi-
cal state are crucial for swelling resistance, as
shown by austenitic steels behavior. An
extended incubation dose could be obtained

2. DFR (Dounray Fast Reactor) in the United Kingdom, EBR II
(Experimental Breeder reactor II) in the United States, BOR60, BN350,
and BN600 in Russia, JOYO in Japan, RAPSODIE and PHÉNIX in
France.
3. Applying a temper treatment following the standard steps of solution
annealing and cold working has always resulted in significantly shorter
incubation doses.
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Ferritic and martensitic steels,
including ODS

Fig. 3. Diameter swelling of PHÉNIX fast reactor clads and
hexagonal wrapper tubes. The various austenitic steels 316Ti
(17%Cr-12%Ni-Ti) and 15-15 Ti (15%Cr-15%Ni-Ti) are irradiated
in the solution annealed, 20% cold worked conditions. Ferritic steel
is a 17%Cr grade, whereas martensitic steels are 12%Cr (DIN1-
4914) or 9%Cr-1%Mo (EM10) steels. EM12, 9%Cr-2%Mo steel
is a biphased ferritic and martensitic steel. The figure also displays
the 2% limit for clad swelling deformation, beyond which lower
ductility is unacceptable.
(Adapted from Jean-Louis SÉRAN, CEA Paris-Saclay.)

through successive adjustments of Cr, Ni, C, Ti, Si, and P
contents, and an excellent solution annealing followed by a
~20%3 cold work*, which led to AIM-1 steel, the best of
15Cr-15Ni-Ti steels, cold-worked and stabilized with titanium,
and expected to help reach 120 dpa. Examinations of spec-
imens and clads irradiated in PHÉNIX have revealed that
optimizing austenitic steels is possible with advanced
austenitic steels, whose matrix and additives can still be fur-
ther adjusted in order to reach doses around 150 dpa with-
out unacceptable swelling.

Reaching doses higher than 150 dpa on a fast reactor clad
is a true challenge, indeed. Presumably, the swelling resist-
ance of advanced austenitic steels could prove insufficient.
As for ferritic and martensitic steels, their thermal creep
resistance is too low for temperatures beyond 550°C. Oxide
Dispersion Strengthened (ODS*) steels obtained by powder
metallurgy are under development, as nano-oxides are effi-
cient impediments to dislocation glide. Irradiations by
charged particles show that these steels are expected to dis-
play a significant swelling resistance up to doses of about
150 dpa, or even beyond, due to their body-centered cubic
(bcc) structure, and to the fairly stable dispersion of the
oxides which favor the elimination of point defects and give
a sufficient high-temperature resistance up to temperatures
of ~650-700°C typical of fast reactor fuel clads.
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12 Introduction

Materials used
in fusion reactors

Assuming that the ITER fusion
machine will achieve its targets, the
different partners of the project start
designing an experimental reactor,
named DEMO, which is the only facil-
ity between ITER and the first indus-
trial fusion reactor: it will have to
demonstrate by 2050 the feasibility of
electric power supply based on D-T4

fusion. Figure 4 proposes the
schematic view of a possible DEMO.
The vacuum vessel components most
exposed to neutron fluxes are the first
wall, the divertor*, and the tritium
breeding blankets [3]. The dose target
in the structural steel of the first wall is
~50 dpa, together with huge gener-
ated amounts of helium and hydrogen,
~10 appmHe/dpa, and ~50 appmH/dpa,
due to the transmutation reactions
(n, �) and (n, p), the cross sections of
which reach high values for 14 MeV neutrons generated by
D-T fusion.

9%Cr martensitic steels were selected as the structural
material for the first wall, the tritium breeding blankets, and
the divertor, basing on their excellent swelling resistance
under irradiation by fast fission neutrons, a relevant thermal
creep resistance up to 550°C, and an excellent compromise
between heat conductivity and the expansion coefficient,
which helps limit heat-induced mechanical stresses to
acceptable levels in structures with a centimetric thickness5.
The fusion community has adapted the chemical composi-
tion of standard steel, 9%Cr-1Mo-V-Nb, so that the so opti-
mized steel can quickly cool after service, and be considered
as a low-activity waste after having been stored for only a
few hundred years following service. In this type of “reduced-
activation” steel, i.e. EUROFER in Europe, molybdenum and
niobium, which are responsible for most of long-term activa-
tion, were replaced by tungsten, and alloying elements or
impurities, such as Ni, Cu, Al, Ti, Si, and Co, were strictly lim-
ited [4]. The European fusion materials development pro-

gram has already enabled a few tons of EUROFER steel to
be industrially manufactured, with functional properties fairly
similar to those of standard martensitic steels.

Concerning the parts of the divertor or first wall structures
that are assumed to face temperatures higher than 550°C,
as well as high doses, ODS ferritic-martensitic (FM) steels
quite similar to those of fission applications are also under
development.

Due to the interaction with the plasma, the first wall and the
divertor have to be covered with a protective material. For
ITER and DEMO, tungsten was selected for its high melting
temperature6, and its low erosion rate. The tungsten/plasma
interaction is just starting to be understood, and so is it of
underlying mechanism investigation. What becomes such an
interaction in presence of point defects induced by the fast
neutron flux of a fusion reactor is only starting to be explored.

4. D for deuterium, and T for tritium: fusion of nuclei of these two hydro-
gen isotopes will be used as an energy source in future fusion reactors:
D+T → He (3.4 MeV) + n (14.1 MeV).
5. The thermal fluxes which go across the clad of a fast reactor fuel ele-
ment and the first wall of a fusion reactor are of the same order of magni-
tude, i.e. ~1 MW/m2. The values of thermally induced mechanical
stresses in the thickness of the austenitic steel clad remain acceptable,
given the millimetric thickness of the clad. The centimetric thickness of
the first wall makes it impossible to use austenitic steels as the unique
structural material.

6. Melting temperature of tungsten: 3,695 K, i.e. the highest among all
metals.

Fig. 4. Schematic of a fusion reactor studied as part of the Power
Plant Conceptual Studies of the EFDA European program. The
major radius and the height of the vacuum chamber are about 10 m.
The proposed module segmentation of the tritium breeding blankets
gives an idea of the internal arrangement. Concerning the magnetic
system, only the toroidal field coils are shown. The first wall that
protects the tritium breeding blankets, has not been depicted.
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Materials used in high-temperature applications

Due to too low a melting temperature, metallic alloys can no
longer be used in the cores of some Generation IV reactors,
such as gas-cooled reactors (GFR* and VHTR*), or in some
concepts of high-temperature tritium breeding blankets to be
used in nuclear fusion. Using a ceramic, silicon carbide SiC,
finally proved to be the best compromise, since SiC exhibits
good neutronic properties, and a good behavior under irra-
diation by fission7 fast neutrons. Its implementation as a
fibrous SiC/SiC composite endows it with pseudo-ductile
mechanical features, yet detrimental to its tightness as soon
as going beyond the elastic range. Therefore a metallic liner
is required to ensure pin leak-tightness and fission products
containment (a multi-layered ceramic-based Sandwich
cladding with a metallic liner was patented by the CEA).

Irradiation effects:
macroscopic features
As mentioned above, materials properties evolve under irra-
diation, which can limit the lifetime of reactor components.
The main macroscopic phenomena of this evolution are
shown in this Section.

Dimensional stability under irradiation

The dimensional variations of structural materials observed
under irradiation may originate in swelling, irradiation growth,
or creep.

Swelling* is an isotropic increase in volume that takes place
in the absence of mechanical stress, and grows under irra-
diation. As seen in Figure 3, supra, p. 11, the austenitic steels
of fast reactor clads were affected by this phenomenon.
Following an incubation dose, in which volume variation is
negligible, there appears a domain where swelling rate is
steady-state. Given the maximum swelling criterion of 6%
mentioned above, and the high value of the steady-state
swelling rates, the end of the incubation period broadly cor-
responds to the fast reactor element end of life. It is therefore
easy to understand why swelling was the topic of an impor-
tant theoretical and experimental research program, and still
is so, with the prospect of the ASTRID* demonstrator.

Irradiation growth* is revealed by a constant volume
anisotropic deformation in the absence of mechanical stress.
It is specific of materials showing an anisotropic crystalline
structure that are endowed with a strong crystallographic
texture*, generally due to their fabrication process.

Historically, the growth phenomenon was evidenced on
orthorhombic-structure uranium undergoing radiation dam-
age under U235 fission8. In the guide tubes that constitute
the skeleton of EDF PWR fuel assemblies, the growth of zir-
conium alloys results in their elongation, which limits the
operating time of the assembly in PWRs.

Irradiation creep* in steels and zirconium alloys of fast reac-
tor and PWR assemblies is a constant-volume irreversible
strain, as a function of dose* and stress*. In the case of fast
reactor steels, irradiation creep is quite clearly evidenced in
the temperature range 400-500°C, where thermal creep (in
the absence of irradiation) is negligible, and is very little
dependent on steel composition and thermomechanical
treatment, as opposed to thermal creep. Taking account of
this mode of deformation under in-pile conditions is a must
for the thermomechanical calculation of PWR and fast reac-
tor fuel element stresses and deformations.

Hardening and embrittlement under irradiation

Under irradiation the yield strength of metallic steels
increases with dose. Hence a hardening* phenomenon,
associated with lower ductility and toughness: the term
ʻembrittlementʼ (see brittle failure*) is then used in relation
with this hardening. In the case of materials exhibiting a pro-
nounced swelling, typically > 6%, an embrittlement due to
swelling porosity9 can also be observed. It is generally unac-
ceptable, as it leads to failure.

All face-centered cubic (fcc), or hexagonal close-packed
(hcp or cph10) structure materials undergo failure by plastic
deformation in the absence of environmental effect (see
below): this is referred to as ductile fracture* (or failure),
that requires a high energy. The plastic deformation of steels
measured in hot laboratories following irradiation in fast
reactors (T > 400°C) remains homogeneous11. At lower serv-
ice temperatures, as is the case for the austenitic steels of
PWR lower internals, or of zirconium alloys, a localization of
plastic deformation often takes places.

As regards body-centered cubic (bcc) ferritic steels, they
exhibit a Ductile-BrittleTransitionTemperature* (DBTT). At
low temperature, these steels undergo failure by cleavage*,
that is by separation of the dense crystallographic planes,
and so with a low energy to failure, and a low toughness.
Above the DBTT, they undergo failure through generalized
plasticity, that is through ductility, with high energies to failure

7. The cross sections for (n,�) transmutation of 14 MeV neutrons lead to
the generation in silicon carbide of particularly high helium amounts,
~100 appmHe/dpa, which should make it difficult to use this material at
high doses in fusion reactors.

8. See, for example, C. WEINBERG, J. DURAL and R.R. CONTE, Physics
Letters, volume 27A, number 10, 7 October 1968.
9. Often referred to as “void (swelling)-induced embrittlement”, “void
embrittlement”.
10. cph: close-packed hexagonal.
11. The rare cases of localization reported in literature are related to mat-
erials that had experienced significant swelling, beyond the 2% limit.
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and significant toughness. The consequence of the irradia-
tion is a higher transition temperature, and so a lower tough-
ness, as seen above for the PWR vessel steel. At a service
temperature of 290°C, and at end-of-life (40 years) signifi-
cant doses, i.e. ~0.1 dpa, EDF PWR vessel steel does not
exhibit any localization of plastic deformation.

The In-Service Inspection Rules for Mechanical Components
of PWR Nuclear Islands (RSE-M12), that are used today for
the licensing of PWRs, introduce many margins that cannot
be easily counted. They make it possible to show that ves-
sel steels toughness is still sufficient for active irradiations
up to a 40 yearsʼ service. Beyond, assuming a lifetime exten-
sion to 50 or 60 years, the lack of knowledge about the mar-
gins introduced in the code procedures becomes penalizing.
Hence the interest of a reliable physical prediction of vessel
steels plastic behavior and toughness, i.e. with identified and
quantified uncertainties, as well as worldwide operatorsʼ and
research laboratoriesʼ endeavor for this purpose.

Environmental effects

Alterations in materials behavior can also be associated with
the environment, and can, sometimes, be favored by irradia-
tion. They are very different according to the coolant: for
example, we can mention the oxidation and hydriding of zir-
conium alloys in PWRs, the oxidation with Pb or Pb-Bi con-
sidered as coolant in some Generation IV fast reactors, and
the Irradiation-Assisted Stress Corrosion Cracking*
(IASCC) of vessel internals components (baffle-former bolts)
in cold worked austenitic steel (316L).

An inventory of the main macroscopic phenomena from
which this evolution arises, is given below in Figure 5.

Irradiation effects:
atomic-scale mechanisms
Under fast neutron irradiation the alloy is permanently
affected by strong perturbations in the three main param-
eters that control its properties of interest, i.e. the crystalline
structure, the chemical composition, and the microstruc-
ture*. The irradiation, through which the alloy gradually loses
its equilibrium state, is counterbalanced by the relaxation of
the radiation-induced defects. The kinetic evolution of the
properties of interest results from this very balance between
damage and healing (or recovery), and, whether consider-
ing the physics of damage or the physics of recovery, on the
atomic scale alone can it be expressed in a reliable manner,
that is with controlled definitions and assumptions.

Neutron interactions with matter may be elastic or inelastic.
The first are the origin of displacement cascades*, and of
the generation of point defects*, vacancies*, and intersti-
tials*, as well as of ballistic disorder. The second generate
foreign atoms through fission and transmutation reactions
which may affect solids cohesion under irradiation.

Atomic displacement cascades,
or ballistic damage

Figure 8 on page 15 shows a few snapshots taken during
the atomic displacement cascade of a dozen picoseconds,
calculated by molecular dynamics in a Fe-Cu diluted alloy.

When a fission or fusion fast neutron experiences an elastic
collision with a Fe nucleus, it is sufficiently energetic to eject
from this site the latter which, in its turn, generally has a suf-
ficient kinetic energy to displace other atoms, thereby induc-
ing an atomic displacement cascade: each displacement is
characterized by a pair of point defects consisting of a
vacancy and a self-interstitial atom. Ballistic damage is char-
acterized by the number of displacements per atom. Thus,
each atom of a fuel rod clad is displaced a dozen times on
the average in a PWR of the EDF fleet. In fast neutron reac-
tors, the fast neutron flux is one or two orders of magnitude
higher than in water reactors.

Steels atoms in the fissile core are thus displaced from 100
to 200 times on the average during their residence in the
reactor. In future fusion reactors, atomic displacements will
reach doses similar to those in fast neutron reactors.

Swelling
Irradiation growth

Creep under
irradiation

Hardening
and embrittlement
under irradiation

Fatigue

Oxidation -
Hydriding

Phase transformation
under irradiation

Nuclear
activation

Fig. 5. The macroscopic physical phenomena in which originates
the evolution of materials properties. This map can be compared
with that of Figure 10, that pictures the microscopic phenomena
involved.

12. RSE-M: a French acronym for Règles de Surveillance en Exploitation
des Matériels mécaniques des Îlots nucléaires: In-Service Inspection
Rules for Mechanical Components of PWR Nuclear Islands.
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Metals consist of clusters of basic crystals referred to as
“grains” in metallurgy. They generally crystallize in simple sys-
tems: body-centered cubic (bcc), face-centered cubic (fcc), or
hexagonal close-packed (hcp) systems. Describing a direction
or a type of plane in a crystal implies using a system of indices
(integers), relative to the direction vector normal to the crys-
talline plane of interest.

Crystals often exhibit defects: a crystalline site in which the
atom is lacking, is referred to as a vacancy*. This is a low-
energy defect (0.5 to 4 eV in metals), that may be created by
thermal agitation, and so to be found in a significant concentra-
tion at high temperature (T > 0.7 Tmelting).

An extra atom in a crystal is an interstitial* (or a self-interstitial,
if of the same nature). This is generally a high-energy defect
(> 3 eV), that may be created by irradiation alone.

Fig. 6. Point defects
in a crystal: vacancy,
substitutional atom (green),
interstitial atom (red).

Fig. 7. Grain boundary in silicon, observed with a transmission
electron microscope.

Fig. 8. Expansion of a displacement cascade generated
by a Primary Knocked-on Atom (PKA), kicked out of its
crystalline site after an elastic shock with a fast neutron
which provides it with an energy of 5 keV. Following
the displacement generation peak towards the picosecond,
most of defects (~90%) are annealed after ~10 ps.
Only a few vacancies and clusters are left at the center
of the former cascade, as well as a few self-interstitials
and clusters on the periphery.

The vacancy-type defects are in yellow, those of
the interstitial type are in red. Save in the last snapshot,
the substituted atoms, too, are indicated in blue. These are
atoms that have been kicked out of their crystalline site,
but have found another site. Substitutions do not induce
point defects, but a ballistic disorder that will have a crucial
role in the stability of defined compounds under irradiation.
(From Nguyen DOAN CEA Paris-Saclay.)

Crystals and their defects

Crystals are seldom pure: atoms of impurities in solid solution
may be lodged in the crystal, either through substitution for an
atom of the crystal, or through insertion within the crystal,
deforming it locally (Fig. 6). If the impurities are in a sufficiently
high concentration, they may precipitate as a new phase.

Crystal defects may also not be point defects, but extended
defects: see infra, p. 20, the insert relating to dislocations*.

The limit between two grains, consisting of crystals of different
orientations, is named a ʻgrain boundary*ʼ (Fig. 7). The en-
ergies of the boundaries depend on the misorientation
between crystals. In the case of very low disorientations, the
boundaries can be seen as a dislocation lattice.

0.3 ps 0.7 ps 1.5 ps

2.5 ps 10.3 ps 10.3 ps

PKA

1 nm
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Generation of foreign atoms by nuclear fission
and transmutation reactions

Nuclear reactions have a notable impact on materials prop-
erties.

Fission products arising from nuclear reactions that lead to
energy generation in fuel, may be solid or gaseous, and alter
fuel properties.

Transmutation* reactions (n,�) or (n,p), for instance, intro-
duce helium and hydrogen atoms in structural materials. As
the neutrons generated by deuterium and tritium fusion have
a higher energy (14 MeV) than those of fission (~2 MeV), the
output of transmutation elements, especially helium and
hydrogen, will be one or two orders of magnitude higher in
fusion reactors than in fast neutron reactors.

Helium plays a crucial role in the occurrence of swelling, for
it favors the nucleation of voids. Similarly, as regards marten-
sitic steels, the simultaneous irradiation by three ion beams
simulating the atomic displacements, and the generation of
helium (~10 appm/dpa) and hydrogen (~50 appm/dpa), typ-
ical of the irradiation conditions of a D-T fusion neutron spec-
trum, suggests that the swelling resistance of this type of
steel might be notably lower under a fusion spectrum than
that observed under a fission13 spectrum. Many irradiations
by � particles show that helium causes intergranular embrit-
tlement phenomena, and so is assumed to affect the cohe-
sion of grain boundaries. Similarly, the embrittlement of fast
neutron reactor clads under thermal creep is attributed to
transmutation helium, even though the amounts generated in
fast reactor spectrum are low.

Microstructural kinetic evolution:
the share of point defects

At the temperatures of power generating reactors, point
defects* are mobile, and may either recombine one with
another (hence the disappearance of the vacancy/self-inter-
stitial pair), or be eliminated on various sinks (grain bounda-
ries, dislocations, interfaces between various precipitated
phases and the matrix), or still be agglomerated. Vacancies
or self-interstitials may be agglomerated as dislocation loops;
vacancies are agglomerated as voids.

The elastic interactions between point defects and disloca-
tions are essential to understand the growth of swelling voids
and irradiation creep. The expansion of the crystal lattice
around the self-interstitial is more significant than in the case
of the vacancy. Therefore, the self-interstitial interacts more
strongly with the elastic field of dislocations than the vacancy,
and is preferentially eliminated on the latter. Thus, in the con-
ditions of a cold-worked metal*14, where void nucleation
conditions are achieved (helium occurrence), the exceeding
number of self-interstitials being eliminated on the disloca-
tion lattice will correspond to an excess of vacancies being
eliminated on the voids, which can so grow, though the irra-
diation induces both types of defects in equal number. In the
presence of an applied mechanical stress, the Youngʼs mod-
ulus difference between the volume containing the point
defect and the matrix allows a possible irradiation creep
mechanism to be proposed, referred to as SIPA*, for Stress-
Induced Preferential Absorption [2].

Generally, point defects pile up as voids or helium bubbles,
as well as in the form of dislocation loops. These are as
many obstacles to dislocation glide which contribute to the
increase in the yield strength, and so to radiation-induced
hardening.

Microstructural kinetic evolution:
phase stability under irradiation

Under irradiation, a broad range of phase transformations
could be observed: dissolution, amorphization* of initially
occurring phases, and precipitation of out-of-equilibrium
phases. This apparent variety where everything seems to be
possible, may, in reality, be rationalized by the fact that,
under irradiation, the stability of a phase does not result from
the minimum free energy, as in out-of-pile conditions, but
from a steady regime arising from the competition between
the radiation15-induced ballistic disorder and the diffusion-
induced recovery.

At low temperature, the ballistic disorder predominates. This
is the domain of the specific effects of irradiation. Thermally
stable compounds may be dissolved, or get amorphous
under irradiation. Some examples in this category are the
amorphization-dissolution of Zr (Fe, Cr)2 Laves phases, and
the redissolution of Fe in the Zircaloy-4 alloy, to which are
attributed an increase in corrosion kinetics, and the amor-
phization of silicon carbide at low temperature.

13. The irradiation by a single ion beam simulating the ballistic damage
of a fission spectrum confirms the excellent swelling resistance of mar-
tensitic steels observed in fast neutron reactors. In contrast, under a three-
fold beam simulating the conditions of a fusion neutron spectrum, signifi-
cant swellings ~3% are reported following a dose of 50 dpa cumulated at
470°C. See, for example, E. WAKAI, Journal of Nuclear Materials, 318
(2003), pp. 267-273.

14. A cold-worked metal is a metal where a significant dislocation density
has been introduced, i.e. ~1012 cm-2, by plastic deformation, e.g. by rolling.
15. The ballistic disorder is induced by the sequences of the substituted
atoms. With no consequence on an alloy in solid solution, such substitu-
tions cause a chemical disorder in any compound of defined composition
and structure.
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At a higher temperature, the prevailing phenom-
enon is self-healing16 through diffusion or mobil-
ity of radiation defects, and the instabilities
observed at low temperature vanish. Yet, there
is no return to a situation identical to that prevail-
ing in out-of-irradiation conditions. First, point
defect supersaturation speeds up diffusion and,
secondly, most especially, the coupling between
the solutes and the point defect flux which is
eliminated at the sinks, generates out-of-equilib-
rium, Radiation-Induced Segregations*
(RIS17). Figure 9 gives an example of RIS in
austenitic steels in which this is the vacancy
elimination at the grain boundaries that controls
the depletion of Cr and Fe, fast-diffusing species,
in the vicinity of the grain boundaries. In contrast,
although there exists a significant attractive solute/vacancy
interaction, as is the case of Mn, Ni, Cu, and P in alpha-Fe,
the vacancies drag the solute towards the sink where they are
eliminated, while the solute is enriched in the vicinity of the
sink. This mechanism is assumed to contribute to the forma-
tion of nanoclusters enriched in these elements, observed
through Atom Probe Tomography in irradiated vessel steels or
model alloys. So, the modifications of the functional properties, among

which the mechanical behavior or materials under irradia-
tion, are controlled by the generation, migration, and cluster-
ing of point defects, or by the transmutation products gener-
ated by irradiation, and, in some cases, by the interaction of
the material with its environment (e.g. hydride formation in
zirconium alloy as a result of the materialʼs corrosion by
water). The mechanisms have been briefly described. Some
of them may not have been identified, such as, for instance,
the role of chemical composition in swelling, or the precise
mechanism of irradiation creep. It can be seen that these
mechanisms range from time scales lower than the picosec-
ond, concerning the cascade, to several years, regarding the
evolution of the microstructure, and from the tenth of the
nanometer, regarding point defects, to a dozen micrometers
as regards the dislocation gliding that controls plasticity.

The physical microscopic phenomena affecting materials
under irradiation are summarized on Figure 10.

Multiscale (space and time)
approach to materials modeling
Thus, the physics that controls nuclear materials aging is cor-
rectly described at the atomic scale, and even at the scale of
the electronic structure. At this very scale, indeed, it is pos-
sible to determine the energies of point defect formation and
migration, the energies of transmutation element dissolution,
and even the thermal activation processes that control dislo-
cation mobility.

16. Also referred to as ʻ(damage) recoveryʼ or ʻdamage reversalʼ.
17. Historically, segregation under irradiation was discovered in undersa-
turated Ni-Si alloys. Under irradiation, silicon segregated to the sinks
where point defects (dislocations and dislocation loops) were eliminated,
and exceeded the silicon solubility limit locally, thereby inducing the hete-
rogeneous precipitation of Ni3Si. A. BARBU and P. PERRAILLON, Scripta Met,
15 (1981), p. 1177.

Fig. 9. Segregation profiles measured on the grain boundaries
in an irradiated Type 316 austenitic steel. A Ni enrichment and a Fe
and Cr depletion at the grain boundaries can also be observed
(J. HENRY, CEA).

10

15

20

25

30

55

60

65

70

75

5 50

-60 -40 -20 0 20 40 60
Distance to the grain boundaries (nm)

C
on
ce
nt
ra
tio
n
(%
)

C
on
ce
nt
ra
tio
n
(%
)

Nucleation and growth
of voids or bubbles

Defect clustering

Crack
generation-
propagation

Dislocation
motion (climb
and glide)Dislocation

generationGeneration
and relaxation

of point
defects

Segregation
Generation-
dissolution
of precipitates
(nucleation
and growth)

Nuclear
reactions
(n, �),
(n, p),

(n, fission)

Phase
transformation

Defect
migration

Fig. 10. The map of the microscopic physical phenomena affecting
materials under irradiation. This map can be superposed with that
of Figure 5, supra, p. 14, which represents the macroscopic
phenomena: the distance between the phenomena on the map
stands for a causal link or a topical proximity.

Fe

Cr

Ni

N
i,
C
r

Fe

Mono10CEA_Part1-2GB_3.qxd:Mono4CEA_FR3.qxd  3/12/18  12:11  Page 17



18 Introduction

So, the physical modeling of the macroscopic phenomena
that evidence aging will be multiscale. For a purpose of reli-
ability and predictability, it will also have to be conducted in
close synergy with an experimental approach, in order to
identify the physical mechanisms and to validate predictions.
Experimental approaches based on model materials that
exhibit increasingly complex chemical compositions and
microstructures, ranging from pure metal to real alloy, have
to be used in order to question mechanisms, to extract what
is determinant from the complexity of real materials, and to
achieve realistic and reliable physical models. This experi-
mental part will have to rely on mechanical and physico-
chemical characterizations, if possible up to the atomic scale,
and, regarding irradiation effects, on the examination of
materials irradiated by charged particles, i.e. ions and elec-
trons, and by neutrons in a research reactor or in a power-
generating reactor.

Scales and modeling tools

Modeling tools at a given scale generally provide the basic
data for the higher scale. The following tools can so be dis-
tinguished:

Electronic structure scale and ab initio* calculations

This tool consists in solving the Schrödinger18 equation of
the electron system that ensures the cohesion of any atomic
configuration. This gives access to the phase cohesive
energy, to the point defect formation and migration energies,
to the transmutation atom dissolution energy, or to the acti-
vation energy of dislocation glide… The advantage of the
methods for solving the Schrödinger equation lies in their not
implementing adjustable empirical parameters. In contrast,
the scientist is faced with a broad range of approximations
that can bring significantly different results, and these results
will have to be intercompared, and compared with the experi-
mental data, if any, in order to select the most appropriate
approximation.

As ab initio calculations are relatively heavy, they have drawn
a full benefit from the increase in computing power, a boom-
ing field indeed. Yet, the systems treated are still of a mod-
est size, typically of a few hundred atoms at most.

The atomic scale and fast kinetics

When focusing on the nuclear collisions that generate point
defects, or on how to model the glide of a dislocation, and
the latterʼs interaction with various obstacles, molecular
dynamics is often used as a modeling tool. We are then at
the atomic scale: the vibrations of atoms are modeled within
the framework of classical mechanics, where interatomic

forces arise from an empirical potential, as a function of the
relative positions of the atoms in the system of interest. The
treated systems may be of one million atoms or more. The
time steps are necessarily lower than the times characteris-
tic of the atomic vibrations, i.e. ~10-13 s. As a result, the simu-
lated times span from nanoseconds for large systems, to
microseconds for small systems. The quality of the results
strictly depends on the empirical potentials adjusted on a
database, where data are experimental, or arise from ab ini-
tio calculations (crystalline parameter, Youngʼs modulus,
point defect and dislocation energetics…).

The atomic scale and slow kinetics

The slow kinetics are controlled by the diffusion of point
defects that, as part of the thermal activation approximation,
have a probability of jump from a site to the first nearest
neighbor site, expressed as vD exp(-Eact/kBT), where vD is the
frequency of vibration characteristic of the lattice, and Eact,
the activation energy of the jump often calculated ab initio.
Different methods are used to calculate these kinetics. Some
of them, such as the Monte-Carlo methods, are stochastic,
whereas other are deterministic. These methods are com-
plementary. Generally, stochastic methods do not allow for
the treatment of long timescales, but they are very useful
for a fine study of nucleation processes, determinant for
the microstructure under irradiation. Among deterministic
methods, cluster dynamics, that deals with the microstruc-
ture under irradiation as a gas consisting of objects
described by their concentrations, can be used to calculate
the kinetic evolutions over long timescales.

Figure 11 illustrates the time and space scales described by
these different modeling methods.

Transition from microstructure to the mechanical
behavior

In its principle, this domain is not specific of nuclear materi-
als, although microstructures under irradiation consist of spe-
cific objects (dislocation loops, voids, helium bubbles…). In
dislocations*, i.e. linear defects, and in their motion lies the
origin of plastic deformations.

The modeling of the dislocation behavior, when subjecting
the material to external mechanical stresses, was developed
at the ONERA and at the INP Grenoble. In cooperation with
the INPG, the CEA has undertaken the developments
required to meet its own needs, especially to take account
of irradiation defects, and of dislocation climb* in irradiation
creep (see the inset, supra, p. 20). As in the case of the ab
initio calculation, the dislocation dynamics (DD) codes have
drawn a notable benefit from the increase in computing
power.

18. Named after Erwin SCHRÖDINGER (1887-1961), a famous Austrian phy-
sicist, theoretician, and philosopher who designed it. This is a fundamen-
tal equation in quantum physics (Editor Note).
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Today this type of code is able to simulate the plastic defor-
mation of a few 0.1% in volumes ~1 µm3, which is not suffi-
cient to simulate plastic behavior in many situations to be
met in the nuclear field. Crystal plasticity models have to be
used as a transition in order to describe the behavior of a
metal grain. Homogenization methods are then applied to
depict the plastic behavior of real solids which are polycrys-
talline.

Figure 11 gives a schematic of the multiscale modeling of
plasticity in irradiated materials.

Experimental validation
A reliable, predictive physical modeling requires a confronta-
tion of the obtained predictions with experiment. A broad
range of characterization techniques is available, or under
development, at the same space scales as the models
(Figure 11).

Materials characterization tools

Themechanical characterization of materials uses conven-
tional tools to perform tensile stress, creep, burst, impact,
toughness, and indentation tests required to get macroscopic
features such as yield strength, ultimate tensile strength,
hardness… Indentation coupled with post mortem

Transmission Electron Microscopy* (TEM*) observation,
or in situ TEM tensile tests, make it possible to display the
dislocation populations modeled in dislocation dynamics.

In the field of materials microstructural characterization,
using several techniques, together with the significant
increase in analytical tool performance during the last ten
years, provides the key elements for developing physical
models at different scales. Conventional tools for character-
izing materials at the mesoscopic scale, such as the
Scanning Electron Microscopy (SEM*) coupled with
Electron BackScatter Diffraction (EBSD)19, give access to the
crystal orientation of the alloyʼs constitutive grains. The con-
ventional Transmission Electron Microscopy (TEM), com-
pleted with analytical methods based on X-ray spectrometry,
or electron energy loss spectrometry, provides data about
the structure and chemical composition of objects created
by irradiation, of sizes over the nanometer. Other, still finer
characterization tools have emerged as, e.g., the Atom
Probe Tomography* (APT*), that informs about the chemi-
cal composition of objects at the nanometer, or even sub-
nanometer scale. These techniques sample relatively low

Fig. 11. Characterization, irradiation, and multiscale modeling tools implemented for investigating nuclear materials.
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19. Also referred to as “backscattered electron diffraction”.
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In the elastic continuum theory for dislocations, a dislocation
is a discontinuity of the medium, generated as follows
(VOLTERRAʼs procedure): in an elastic continuum, a cut is done
along a S surface bordered by a L line; under an external
stress, the two lips of the cut are translated one relative to
the other; the void so created is filled with material, or the
excess material is removed; finally, the lips are cemented
together again, and the external stress is removed. This is
how a displacement field is created in the medium, and the
stress field is locally modified.

Two types of dislocations can be distinguished:

• Edge dislocations (Fig. 12a), that correspond to the insert-
ing or removing of matter along a cut half-plane. This inser-
tion displaces the neighboring matter according to a trans-
lation perpendicular to the insertion plane and to the
dislocation line L. Edge dislocations can be seen as the
edge, or border, of an extra half-plane of atoms inserted in
the crystal;

• Screw dislocations (Fig. 12b), in which the displacements
are parallel to the dislocation line L. The atomic planes are
helically wrapped around the dislocation line.

Dislocations

Fig. 12. Dislocations in an elastic cylinder. a) Edge dislocation.
Orange: material added after cutting and spacing the lips.
b) Screw dislocation. Orange: lip cutting and gliding plane.

Fig. 13. An edge dislocation in a cubic crystal.

The displacement generated by the dislocation is character-
ized by a “Burgers” vector (b). In the case of an edge dislo-
cation, the Burgers vector is perpendicular to the cut plane,
and to the L dislocation line; in the case of a screw disloca-
tion, it is parallel to L.

Fig. 14. View of an edge dislocation in a germanium crystal
observed using a transmission electron microscope.
This dislocation can be observed moving the photograph
in the NW or NE directions.
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All dislocations can be resolved as edge, or screw disloca-
tions, or a combination of both types.

In crystalline media, dislocations affect the regularity of the
atomic arrangement. They involve displacements that are not
of any type, in that translations have to be restricted to vec-
tors of the crystal lattice, and rotations to symmetrical oper-
ations of the lattice. So, Burgers vectors generally are vec-
tors of the unit cell.

Dislocations, stresses, and deformations
A stress field surrounds a dislocation. The medium under-
goes internal stresses chiefly concentrated along the dislo-
cation line. If � is the materialʼs shearing modulus, the action
of the stresses introduced by the dislocations generates an
elastic energy stored in the solid H = �.X- per unit length of
dislocation, or H = �.X. per atom, since X is in the order of the
interatomic distance. In many solids, this energy is in the
order of 5 eV. So the elastic energy stored in a dislocation is
considerable.

An external stress field interacts with the dislocation: it seems
that the external stresses apply a force on the dislocation line
which then tends to move through the material. The field of
applied stresses induces on each ZM element of the disloca-
tion line a linear force ZI = �.X.ZM, where � is the shear stress
on the glide plane. The lattice friction allows this glide only
from a given value of the shear stress, referred to as the
“resolved shear stress*”.

Dislocation motion requires much less energy than the glide
of a whole plane of atoms past another; this is why the mate-
rialʼs plastic deformation under an external stress takes

places through dislocation motion. The latter occurs in the
plane that contains the dislocation line and the Burgers vec-
tor. Dislocation motion may be impeded by crystal defects.
This is what is named “pinning”: an impure material, or a
material full of crystal defects, generally withstands plastic
deformation far better than a very pure single crystal.

The existence of an energy per unit length suggests that a
sinuous dislocation tends to become rectilinear, just like an
elastic rope. Under the joint effects of an external stress, that
tends to displace the dislocation, and of local pinning, that
keep it in place, the free segments of a dislocation line can be
curved to loops*, which avoid the obstacles in a repetitive
process. This mechanism is known as “Frank-Read
source*”. It allows the dislocations to be multiplied, but
requires a stress all the stronger as the distance between the
obstacles is short.

So, the appearance of dislocation loops results from a plas-
tic deformation in materials. These loops can be seen with
an electron microscope, the dark lines being the sign of the
local distortions of the lattice induced by the dislocation.

Fig. 15. Multiplication of a dislocation segment pinned at both ends
(Frank-Read mechanism).

Fig. 16. Dislocation loops in tungsten, observed
with a transmission electron microscope.
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volumes (the thickness of the thin plate examined in TEM is
~100 nm; the volume of the alloy tips analyzed using APT is
typically ~50 x 50 x 200 nm3); they are advantageously com-
pleted by methods that can sample significantly larger vol-
umes, such as the Small-Angle Neutron Scattering
(SANS)*, that samples volumes in the order of the cm3, and
gets sensitive to the occurrence of nanometric objects, pro-
vided they display a chemical or magnetic contrast with the
matrix. It is worth mentioning that the direct observation of
point defects themselves is still poor. Only the Field Ion
Microscope (FIM) allowed them to be observed a certain
number of times, especially in tungsten.

Irradiation tools

Investigating the behavior of materials under irradiation
requires irradiation experiments. Observing irradiated mate-
rials in real service conditions is, of course, essential, yet not
always possible, especially as regards fixed structures.
Hence the use of irradiations in research reactors, or the
simulation of charged particle irradiation.

Neutron irradiations are the most representative, for reactor
structural materials are most exposed to neutrons. They are
performed in materials testing reactors, such as theOSIRIS*
reactor at CEA Paris-Saclay, or its substitute, the Jules
Horowitz Reactor (JHR)*, under construction at Cadarache
(see the Monograph Nuclear Research Reactors, 2012).
These experiments are very long (from five to ten years, on
the average), and quite expensive (the order of magnitude
is the €m / irradiation in a research reactor). Besides, it is
difficult to vary the irradiation conditions in a reactor, for
example flux and temperature in a parametrical way. Finally,
irradiated materials are generally active, and so can only be
handled in a hot laboratory, such as the LECI at CEA Paris-
Saclay. This is why research scientists use irradiations by
charged particles (ions and electrons) as a complement to
neutron irradiations.

The major analogy between neutron irradiation and ion irra-
diation, in an energy range between a hundred keV and a
dozen MeV, mainly lies in the fact that the Primary Knocked-
on Atoms* (PKA), i.e. the ions of the alloy of interest, are
those that generate the displacement cascades*20.
Furthermore, the generation of transmutation and fission
nuclei can be simulated by implantation as part of experi-
ments involving ion beams. This type of irradiation tool can
easily vary the nature of ions, the dose, flux and tempera-
ture conditions. The irradiated volumes are compatible with
the whole of the physico-chemical21 characterization tech-
niques. Jointly with characterization techniques, ion and

electron irradiations constitute a prime tool to understand the
physical mechanisms of neutron radiation damage, and vali-
date the multiscale modeling of the macroscopic events of
aging. Here lies the purpose of the JANNUS irradiation plat-
form, and of the EMIR French national network (see infra,
p. 111).

The mechanical and microstructural characterization of
materials that have experienced the real operating conditions
of power generating reactors, is still essential to carry out the
final qualification of such a nuclear materials science
approach, and to get reliable tools for predicting very long-
term aging.

To sum up it all, a reliable prediction of nuclear facility materi-
als aging can only be attained through a theoretical approach
to understanding and modeling physical phenomena, that is
based on modern mechanical, microstructural and physico-
chemical characterization, at the suitable scale, of real mate-
rials and model materials, irradiated by ions, electrons and
neutrons in well controlled conditions.

Enjoy your reading…
This Monograph provides a comprehensive overview of the
present developments of tools for physical modeling, and
prediction of irradiation effects in materials used in current
and future reactors. The scope of this Monograph does not
include the modeling of materials manufacturing, of their cor-
rosion, and of their welding.

The following items will be successively described: modern
tools for materials modeling (Section II); experimental vali-
dation tools (Section III); and then a few modeling examples
in relation to thermodynamics and kinetics (Section IV), and
plasticity and fracture (Section V).

Jean-Louis BOUTARD, Bernard BONIN

and Chantal CAPPELAERE
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20. As regards electrons in the energy range of a few MeV, too much light
to generate displacement cascades, they only produce isolated vacancy-
interstitial pairs, and can be used to investigate all the irradiation defects
in relation to the speed-up of diffusion.

21. Concerning mechanical characterization, the volumes irradiated by
the ion beams only allow for indentation experiments and Transmission
Electron Microscope (TEM) observations.
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Multiscale Approach
to Materials Modeling

The multiscale simulation of materials is an emerging dis-
cipline that aims at predicting the behavior of a material by
coupling modeling techniques used at various space and time
scales. These scales range from the nanometer (i.e. a few
interatomic distances) to the millimeter or the meter (compo-
nent scale), and from the picosecond (atomic vibrational per-
iod in a solid) to a few years (operating time of a component),
or a few centuries (disposal materials). This approach is based
on the intrinsically multiscale nature of the phenomena that
govern the evolution of materials properties: indeed, the ener-
getics of defects at the atomic scale is what drives the evolu-
tion kinetics of the materialʼs microstructure, and of the resul-
ting macroscopic properties.

For several reasons nuclear energy is historically part of
cutting-edge sectors focused on developing and using the
various materials simulation tools. First, complexity: matter is
strongly perturbed by neutron irradiation, which generates
specific defects, among them interstitials, the properties of
which cannot be easily determined by experiment. Second,

the cost and difficulty to carry out experiments on irradiated
materials. And, finally, the need to predict materials behavior
before testing them, and to transpose the obtained results,
particularly in ion-beam accelerated aging.

Most of multiscale simulations consist in coupling two, or more,
simulation scales by only transmitting information from one
scale to the other, instead of coupling different scales in the
same simulation. These scales can be broadly subdivided into
two groups: the finer scales, relating to the physical chemistry
of materials, and the broader scales, relating to materials
mechanics. These two categories, that typically are close at
the scale of dislocation dynamics, comply with a somewhat
different logic, and are successively presented below (Fig. 17).

Modeling materials under irradiation has always been a
cutting-edge topic: one of the first applications of molecular
dynamics was the study of defect formation by irradiation
within a crystal [1].

Tools for physical
modeling of nuclear
materials
Physicists tend to start from the finer
scale, at which physics is the most
robust. This is the scale of electronic
structure calculations. “Ab initio*” cal-
culations based onDensity Functional
Theory (DFT)* have experienced a
tremendous boost in these latest years
(see infra, pp. 29-32, “Ab Initio
Electronic-Structure Calculations for
Condensed Matter”). They make it
possible to predict, without fitting of
parameters, most of the properties in
a high number of materials with a few
percent accuracy, though with many
restrictions especially relating to the
size of the simulated system (i.e. a few
hundred atoms at most). The most
current approximations (LDA or GGA)
allow the energies of defect formation
or migration in metals to be predicted
with an accuracy of one tenth of eV
approximately. Regarding non-metals

Modeling Tools

Nuclear Materials
Structural Materials Modeling and Simulation
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Fig. 17. Schematic representation of the main tools of physical materials modeling.
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(semiconductors, insulators), and for the strongly correlated
electron systems, such as actinides, it is necessary to go
beyond these approximations, and use methods still under
development that require longer computing times, up to sev-
eral orders of magnitude (GW, RPA, LDA+U, DFMT). Ab ini-
tio calculations in materials have much benefited from the
increased computing power in the latest years. They can be
advantageously completed by semi-empirical (tight-binding)
electronic-structure calculations, less computationally
demanding, but requiring fitting of the parameters (see infra,
pp. 29-32, “Ab Initio Electronic-Structure Calculations for
Condensed Matter”).

Interatomic potentials* allow for a description of atomic
interactions that is less quantitative, but also much less com-
putationally demanding (see infra, pp. 33-37, “Interatomic
potentials”). They are increasingly fit to databases obtained
by ab initio calculations. In metals, various models help take
account of the non-additive character of bonds. This is the
case, for instance, of the quite famous EAM (Embedded
Atom Method) potentials. A certain number of pure metals
are relatively well described by these potentials. Limitations
are encountered in metals with strong angular forces (as in
group-V and VI metals), and fitting the parameters for alloys
remains a delicate work, indeed. Combined with Molecular
Dynamics*, empirical potentials allow the simulation of the
trajectory of systems containing up to several million atoms,

and over times going to the microsecond. The most current
applications in the field of materials for the nuclear industry
are irradiation cascades, and interactions between disloca-
tions and radiation defects. It is also possible to perform quan-
tum molecular dynamics simulations, using the energies and
forces issued from ab initio calculations. These simulations,
very computationally expensive, have to be increasingly
developed, especially to reach free energies of defect forma-
tion or migration.

Then comes a series of kinetic models*, that can simulate
the evolution of systems under irradiation or under thermal
load over much longer times than in molecular dynamics
(see infra, pp. 57-60, “Kinetic Models”). In Atomistic Kinetic
Monte-Carlo* (AKMC) simulations, the detail of atomic vibra-
tions around their sites is not taken into account, only
changes of sites are. The input data of these models, that is
jump frequencies, are now most often obtained from ab ini-
tio calculations. In order to reach even longer times, the
mesoscopic kinetic Monte-Carlo (KMC) methods directly
consider the macro-jumps of the investigated objects (object
KMC), or directly consider the probabilities of collision
between objects (event-based KMC). In order to reach even
longer times, only the concentrations of the various popula-
tions of objects are taken into account, neglecting all the spa-
tial correlations. These methods are complementary.

Fig. 18. Multiscale modeling of materials under irradiation; the squares stand for vacancies, the so-called ʻdumbbellsʼ for pairs of interstitials.
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This list of methods is not comprehensive. The evolution of
the microstructure can also be described, for example, by
phase field* type methods. Till now these methods have not
been much developed for materials under irradiation.

The way these different methods are sequentially used
(sequential multiscale modeling) so as to simulate the behav-
ior of a material under irradiation is shown on Figure 18.
Primary damage, i.e. the space distribution of the various
types of defects following the cascade, is obtained by clas-
sical molecular dynamics. The interatomic potentials used
are adjusted on ab initio calculations. The Monte-Carlo type,
or Cluster Dynamics* type kinetic models help simulate how
the migration of these defects entails the evolution of the
materialʼs microstructure. The input data of these models
(defect migration and bonding energies) are also obtained
from ab initio calculations. Finally, the effect of this
microstructure on the materialʼs properties is simulated
by Dislocation Dynamics* (see infra, pp. 63-65, “Dislocation
Dynamics”), whereas the basic phenomena of interest are
drawn from molecular dynamics simulations.

The cases when several simulation methods are simulta-
neously used during the same simulation (concurrent multi-
scale modeling), are rather scarce in practice. For example,
it is worth mentioning the case of fractures: the few atoms at
the crack tip are simulated by ab initio calculations. The
atoms surrounding them are described with the help of
empirical potentials. The most distant area is described at
the continuum scale, using finite elements.

Tools for mechanical modeling
of nuclear materials
The mechanical modeling of materials for the nuclear indus-
try is aimed at describing the mechanical properties, and,
above all, their evolution in rated or incidental operating con-
ditions. Just as the modeling of irradiation effects previously
mentioned, it is based on a multiscale approach. Atomic-
scale tools are identical: ab initio calculations, and molecu-
lar dynamics. The drawback of these extremely precise sim-
ulations of physics is that only small volumes of material, and
short times, can be considered, compared with those aimed
at by mechanical behavior modeling. So it is necessary to
rely on tools able to ensure the change of space scale, and
of simulation time, simultaneously. This change is generally
obtained through the simplification and homogenization of
the described mechanisms.

For instance, a dislocation is represented in molecular
dynamics by an atomic stacking fault in contrast with the per-
fect crystal, linearly extending over a few hundred inter-
atomic distances. Its motion under stress is governed by an
interatomic potential as described above. Typically, the
motion of a dislocation can be simulated in these conditions

for times in the order of the picosecond. In order to increase
the simulated duration and volume, this very dislocation is
represented by a line bearing a deformation field, and
endowed with a mobility law that can be deduced from
molecular dynamics calculations. This simplification is the
basis of the dislocation dynamics codes that help study the
collective behavior of dislocations describing the formation
of dislocation structures up to the scale of a few microme-
ters, and for times of about one hundred microseconds
(Fig. 18).

For longer times, under the effect of an external load, the dis-
locations gradually invade the crystal, and their motion
induces deformations at the grain scale, generally incompat-
ible with those of the neighboring grains, and so creating
internal loads within the polycrystal. At this scale, the dislo-
cations can no longer be considered individually, since the
dislocation line can extend over several kilometers per cubic
millimeter of material. The dislocations are then represented
by their densities in the crystal plasticity models. For exam-
ple, it can be admitted that the strain rate of a crystalline vol-
ume will be proportional to the density of the mobile disloca-
tions it contains, and to their velocity (OROWAN law). In such
conditions, it is possible to reach long times, as well as mate-
rial volumes the behavior of which is representative of the
macroscopic state. However, this entails the availability of a
description of the microstructure, i.e. of the relative spatial
arrangement of the grains, and of their crystallographic ori-
entation. The numerical representation of the microstructure
and the crystal plasticity laws can then help reproduce the
macroscopic behavior using numerical tools such as finite
elements, or Fast Fourier Transforms (FFT). Figure 19 on
the following page illustrates the principle of this approach.

As will be seen further in this Section, a similar, though sim-
plified, approach can be applied to materials damage and
failure. Explicitly introducing discontinuities in the simulated
medium complicates calculations, and makes them signifi-
cantly heavier. In this field, there is still a great deal of
progress to be made.
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Fig. 19. Main tools for mechanical modeling of materials. Coupling with the lower scales is mainly performed through the mechanisms
considered by dislocation dynamics.
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Ab initio Electronic-Structure Calculations
for Condensed Matter

The physical chemistry of the phenomena involved in con-
densed matter quite exclusively arises from electron behav-
ior. Thus, all these varied phenomena, such as the structure
of solids, their elastic constants, their color, their metallic,
semiconducting, or insulating character, their defect content,
their shift from stœchiometry, can be understood through
electron properties. Electrons are, by nature, quantum par-
ticles; so their description requires the resolution of the fun-
damental equation of quantum mechanics, the SCHRÖDINGER
equation.

The electronic-structure calculations referred to as “ab ini-
tio*”, i.e. based on first principles, propose to investigate
electron properties without any specific adjustment to the
system, directly from the resolution of the Schrödinger equa-
tion. At first sight, that means a tremendous challenge, since
the Schrödinger equation is already very difficult to solve as
soon as the number of interacting quantum particles is over
the unit. So, keeping in mind that the number of electrons of
a macroscopic solid is of the order or 1023, what about the
method?

Density Functional Theory (DFT)
Invented in the 60s [1,2], and put into practice in computer
codes in the 80-90s, Density FunctionalTheory*(DFT*) has
experienced a huge boost, so that today it reigns undisputed
in electronic-structure calculations relating to condensed
matter.

DFT, for which Walter KOHN was awarded the Nobel prize in
chemistry in 1998 [3], is a set of mathematical theorems that
rigorously set up a method simplifying the quantum mechan-
ics of interacting electrons. This theory formally proves what
was assumed since the early times of quantum mechanics
[4,5], that is the properties of a system of electrons originate
in the electron density alone. In other terms, the central
object of quantum mechanics no longer is the wave function
of electrons (an incredibly complex function, as it depends
on the position of all the electrons taken as a whole), but
rather the electron density of the fundamental state (a much
simpler function, as it depends on the position alone).

Of course, this transformation has a cost. All the quantum
phenomena have been hidden in an expression bearing the
whole complexity of the issue: the exchange-correlation
energy. The exchange arises from the undistinguishable
nature of electrons, that are fermions, whereas, by definition,
the correlation refers to all of the remaining quantum effects.
More precisely, the term “correlation” relates to the fact that
the position of an electron cannot be described without tak-
ing account of the othersʼ positions. Their respective motions
are said to “correlated”.

Fortunately, extremely simple, but fairly precise approxima-
tions were put forth as early as the pioneering works in the
sixties [2]. In DFT, the exchange-correlation energy is, in
principle, an electron density functional �(f): this means that
this energy is a function the value of which depends on the
knowledge of the �(f) function in every point of space. The
approximation of the local density (LDA) proposes a drastic
limitation of this dependence: the exchange-correlation
energy is but a function of the density value at the point of
interest:

HjY = ¤Zf�(f)εjY(�(f)).

εjY refers to the energy density of a reference system whose
exchange-correlation energy is known: the homogeneous
electron gas, which could be numerically computed in an
accurate manner in the eighties, thanks to the advent of the
quantum Monte-Carlo method [6]. Within LDA, the
exchange-correlation energy no longer is a functional, but a
simple function. Given this mere evaluation of the exchange-
correlation energy, all the terms are known, and can be com-
puted.

Figure 20 on the following page illustrates these calculations
with a study of the atomic volume of zirconium as a function
of pressure for various crystal phases. The appearance
under pressure of a body-centered cubic (bcc) phase for this
metal could be predicted through DFT calculations.

The local approximation can be improved including a
dependence on, not only the electron density �(f) itself,
but also its gradient ��(f). This approximation, named
“Generalized Gradient Approximation” (GGA) », is still “semi-
local” (i.e. local), and allows for an easy numerical implemen-
tation. It strongly improves the results for the molecules.

Modeling Tools
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Yet, the improvement in accuracy is negligible as regards
condensed matter.

Though generally very robust, these two approximations,
LDA and GGA, are however unsuccessful for some proper-
ties, particularly regarding what is named “the band gap
issue”. When the band gap exists, it is the energy area that
separates the occupied electronic states from the empty
states. Knowing this band gap is crucial, as many physical
properties are based on it. In the case of a crystal, its metal-
lic character (no band gap), semiconducting character (band
gap in the order of the electronvolt), or insulating character
(broader band gap) is a direct consequence, indeed!...
Unfortunately, LDA and GGA are quite unsuccessful for this
essential property: both systematically underestimate the
band gap width by a factor 2 to 3.

Going beyond by adding a dependence in terms of higher-
order derivatives of electron density considerably compli-
cates the theory, and has not brought much till now. Today,
some promising approaches, such as hybrid functionals, or
the GW approximation, go beyond the strict DFT framework,
adding dependencies other than the simple electron density.
These approaches are still little used for condensed matter,
for their computational cost is infinitely higher than with LDA
or GGA. Yet, they are indispensable for some properties
relating to the band gap.

Numerical implementation: pseudopotentials
and basic functions

Once the theory set up, our purpose now is to understand
the major lines of DFT practical implementation. In its KOHN-
SHAM [2] standard variant, DFT requires to compute the aux-
iliary wave functions of independent electrons, their only
required quality being to provide the good electron density.
As a matter of fact, the hardest effort in an ab initio calcula-
tion will lie in the computing, and handling of these auxiliary
wave functions.

Numerical calculations are subdivided into two major fami-
lies: “all electron” calculations, and pseudopotential calcu-
lations*, for the issue is the following: is it necessary to
describe in the calculations the electrons close to nuclei that
do not take part in the chemical bonds in solids? As regards
condensed matter, the choice often tends to be not taking
account of the chemically inactive electrons, unless these
very electrons are of a specific interest. The “pseudopoten-
tials” technique (and its following improvements, such as the
Projector Augmented Wave technique) proposes to treat
together the positive nucleus and the core electrons that are
close to it. This results in treating fewer electrons explicitly,
and making more adequate numerical choices.

Computing the wave functions of electrons entails the reso-
lution of differential equations similar to the Schrödinger
equation for an electron in an effective potential. In most of
codes, indeed, the wave functions Φ_(f) are sought as a
combination of basic functions (in the mathematical mean-
ing) φ_(f):

Φ_(f) = ∑ Y`_φ`(f),`
where the index _ refers to the whole of quantum numbers
relevant for the system of interest: generally, in the case of
crystals, these are a band index (s,p,d,f), a wave vector, and
a spin index, if any.

The basic functions most commonly used for solids are illus-
trated on Figure 21. On the one hand, plane waves, that are
oscillations delocalized in the whole computed system,
ensure flexibility and robustness, as they depend neither on
the occurring atoms nor on their position. The improvement
of the base is systematic: adding plane waves with faster
oscillations naturally allows for a finer description of the wave
functions Φ_(f). In addition, plane waves draw a notable
benefit from the Fast Fourier Transforms (FFT) which allow
for a high number of computing tricks. Yet, plane waves pay
for their simplicity, since, out of their very construction, they
entail that the whole system be treated with the same accu-
racy, which is then imposed by the systemʼs element induc-
ing the fastest variations.
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Fig. 20. Energy of the various crystal phases of pure zirconium
as a function of the atomic volume. The stability under pressure
of the body-centered cubic (bcc) was first predicted by calculation
prior to being observed experimentally [Physical Review, B 48,16269
(1990)].
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The other major family of basic functions consists of local-
ized functions. Figure 21 shows an example of localized
functions. Their precise profile may take various forms
(Gaussian, SLATER orbital, any numerical orbital,
wavelets…), but their common feature is that basic functions
are centered on the atomic positions. Thus, wave functions
depend on the nature of the involved elements, and on their
position in space. Each element requires a certain work for
the definition and verification of the basic functions used. But
this provides the advantage of treating different parts of the
system with a different accuracy in a flexible manner. For
instance, empty areas are not described uselessly. The cal-
culations using a localized basis are generally fast, for it is
useless to compute the terms involving two basic functions
that are not overlapping. The localized orbitals are the route
identified as likely to lead to the “O order”: the complexity of
the calculation would then grow linearly with the systemʼs
size.

Computational codes

Ab initio computational numerical codes for solids have expe-
rienced a huge transformation since the late nineties. The
scientific community has passed from a model based on a
multitude of small codes developed within each research
team to a model for developing (free or commercial) major
codes, available for a broad community of users. Thus, code
development activities and applicative activities have parted.
As the code interface is being simplified, now it is no longer
necessary to be an expert in all the arcana, and all the
numerical details of this type of calculation to get ab initio
simulation results. At the other end of the line, the develop-
ment of modern codes is supported by big teams, or by
cooperations between teams.

Despite the increase in ab initio code complexity for solids,
their number is however still significant. Let us quote one
subset representative of those based on the pseudopoten-
tials technique (or its upgraded versions): among them,
ABINIT [7,8], CASTEP, CPMD, Quantum-Espresso, VASP
in relation to the plane wave base, and CP2K, Crystal, FHI-
AIMS, ONETEP, SIESTA in relation to localized bases. In this
list, half of the codes are effectively used in the various
CEA/DEN units.

To sum up it all, ab initio calculations in relation to solids have
nearly become synonymous of DFT calculations. Today, the
most simple approximations, such as LDA and GGA, are
implemented relatively easily in free or commercial codes.
The accuracy of these approximations, coupled with their
significantly reduced computational time, has turned them
into a “must”. Of course, some electron properties are ill
described through these simple approximations, but they
remain the exception rather than the rule.

Ab initio calculations are used in a number of studies pre-
sented in this Monograph. In these studies, they are most
often used as a way to get quantitatively correct information
about the energy of various atomic arrangements. So, they
are the basis of the thermodynamic modeling of alloy phase
diagrams on rigid lattice (see infra, pp. 49-52, “Phase
Diagrams“), which are illustrated in the case of iron-
chromium alloys (see infra, pp. 123-126, “Iron-Chromium
Alloys Thermodynamics”). Similarly, they allow the point
defect formation and migration energies to be computed pre-
cisely (see infra, pp. 39-42, “Atomic-Scale Energy
Landscape”). The results of this type of study are presented
for several materials: silicon carbide (see infra, pp. 133-136,
“Point Defect Structure and Kinetics in Silicon Carbide”), and
transition metals (see infra, pp. 137-140, “Irradiation Defect
Structure and Kinetics in Iron”. They are also used to inves-
tigate the microstructural evolution in alloys with properties
similar to steels (see infra, pp. 157-160, “Microstructural
Evolution of Vessel Steels Model Alloys”, and in the case of
helium in iron alloys (see infra, pp. 141-145, “Helium
Energetics and Kinetics in Iron and Iron-Base Alloys”).

Fabien BRUNEVAL, Jean-Paul CROCOMBETTE

and François WILLAIME

Nuclear Materials Department

Fig. 21. Illustration of the two main families of basic functions used
to describe wave functions: plane waves and localized orbitals.
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Interatomic Potentials

Statistical physics simulations based on an atomistic
description (such as molecular dynamics) give us an insight
of the macrostructural evolution starting from a materials
atomic scale. The robustness of the physical model that
describes the interatomic bond, is the key ingredient of sim-
ulations, and ensures their realistic, transferable, and pre-
dictive feature. Systematically, a simplification of the physi-
cal model means an increasing numerical efficiency, together
with a notable loss in the predictive, transferable feature of
the method. This simplification is the main purpose of empir-
ical potentials. The latter are focused on describing inter-
atomic bonds using simple functionals, such as that shown
on Figure 22.

Materials properties are driven by electrons and their quan-
tum character. An exact prediction of any physical property
entails the resolution of the Schrödinger equation for all the
systemʼs electrons. The ab initio calculations of the electronic
structure give access to the materials cohesion properties,
whatever the nature of interatomic bonds (metallic, covalent,
or ionic). These calculations have a strong predictive power,
for they explicitly depict electrons. This description requires
the resolution of Schrödinger equations through simplifying,
but robust assumptions (e.g., DFT; see supra, pp. 29-32, “Ab
Initio Electronic-Structure Calculations for Condensed
Matter”). The counterpart of ab initio calculation accurate-

ness is a computational time that evolves as at least the cube
of the N number of atoms considered. Due to their current
limits, computational powers cannot treat more than one
hundred of atoms. This constraint confines this type of cal-
culation to studying the physical properties of bulk materials,
or of materials containing small-sized defects. Moreover, this
constraint restricts molecular dynamics ab initio calculations
to the scale of the picosecond.

It is reasonable to think about pushing back the space-time
limits of these calculations so as to reach the description of
volumes in the order of the cubic nanometer (nm3) during
simulation times of approximately the nanosecond. Spatial
extension is necessary for the study of large-sized defects,
whereas time extension is a must for calculating physical
properties that need a temporal statistical treatment (thermal
conductivity, diffusion, free energy, phase changes, etc.). The
study of primary radiation damage (see infra, pp. 127-132,
“Molecular Dynamics Modeling of Primary Radiation
Damage”) entails both a spatial extension (a few 105 atoms),
and a temporal extension (a few dozen picoseconds). It is
worth noting that the times accessible to this type of simula-
tion are still short, however, compared with those reached
by lattice Kinetic Monte-Carlo (KMC), Self-Consistent Mean-
Field (SCMF), or Cluster-Dynamics (CD) calculations (see
infra, pp. 57-60, “Kinetic Models”).

Extending the space-time domain of ab initio calculations
requires a simplification of the physical model. An intermedi-
ate approach between the ab initio type methods and those
of empirical potentials relies on the simplifying observation
that the effective potential experienced by electrons is close
to the superposition of neutral atoms potentials. The essen-
tial part of the electronic modifications induced by chemical
bonds is borne by the electrons of the outer or valence elec-
tron shells. This observation is the origin of a category of
methods illustrated by the Tight-Binding (TB) approach. The
latter is used to reach systems of a few thousand atoms. Yet,
it exhibits a few weaknesses, especially for noble metals in
which there exists a competition between localized electrons
(those of the d band), and delocalized electrons (those of the
sp band). However, the tight-binding method constitutes the
starting point of most of the semi-empirical potentials of met-
als and covalent materials.

Modeling Tools

Fig. 22. LENNARD-JONES type potential of interaction between
two atoms. The red part is repulsive, and the green one, attractive.
The equilibrium distance corresponds to the energy minimum
of the interaction potential.
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The purpose of interatomic potentials – whether empirical or
semi-empirical – is to replace the fine description of the elec-
tronic structure of interatomic bonds by functionals judi-
ciously selected so as to (a) reproduce these interatomic
bonds, and (b) reduce the computational time. These func-
tionals contain a certain number of parameters that have to
be fitted. Of course, the simplification introduced by the use
of these functionals results in a loss of quality in the descrip-
tion of bonds. Empirical potentials keep the description of
bonds as a function of the interatomic distance, in contrast
with lattice kinetic Monte-Carlo (KMC), Self-consistent Mean-
Field (SMF), or Cluster-Dynamics (CD) calculations (see
infra, pp. 57-60, “Kinetic Models”). But one of the peculiari-
ties of empirical potentials is to take no – or little – account
of chemistry. The most obvious consequence of this con-
struction defect is, for example, the impossibility to transfer
interatomic potentials dedicated to metals to the description
of insulating materials, and reciprocally. Concerning insulat-
ing materials, electrons are localized, and lead to ionic or
ionocovalent bonds, the main feature of which is the pres-
ence of a Coulomb term. In contrast, metallic bonds do not
contain a Coulomb term, due to the strong electron screen-
ing. Generally, the transfer of an interatomic potential from a
compound to another proves difficult, even for a given cate-
gory of materials. In addition, for a given compound, whether
a metal, an insulating material, or a semiconductor, the
potentials have a restricted range of validity. Finally, for a
given range of validity, if the physical properties computed
with the help of interatomic potentials may sometimes reach
an accuracy in the order of one percent, versus the experi-
mental, or ab initio calculated values, the resulting accuracy
is most often in the 10 to 20% range. Thus, the results
deduced from empirical potential calculations generally pro-
vide phenomenological information – i.e. for example, the
identification of atomic-scale mechanisms –, and, less fre-
quently, quantitative data.

So, what about the interest of empirical potentials, of their
construction, and of their use? The answer is simple: empir-
ical potentials have to be constructed to meet an objective.
That means (a) that they are built taking a limited range of
validity as a starting assumption, (b) that, in this scope, they
are carefully constructed and validated independently (i.e.
with databases built and validated independently), and (c)
that the associated results are interpreted in this range alone,
taking account of error bars. As an illustration, let us take two
examples of empirical potentials. The first is related to ionic
solids, and the second, to metallic alloys.

Interactions in ionic solids contain a main term that is the
“Coulomb” term. This very long-range pairwise term (over
12 Å) is modulated by additive short-range terms (between
1.5 and 12 Å), which take account of the iono-covalent speci-
ficities of each bond. These additive terms take the form of
Buckingham or Morse pair potentials in most of oxides. This
is the case for UO2, and the whole of compounds endowed

with a fluorite structure (ZrO2, CeO2…), as well as for zir-
conolite, pyrochlores, spinels, perovskites, etc. Some oxides
(such as glasses or apatites) contain silicates (SiO4) or phos-
phates (PO4). Their bonds are strongly covalent, and so
directional. The description of the O-Si-O angle stability
therefore requires to use potentials with three or more bod-
ies that take account of the angular dependence. Finally, pri-
mary damage simulation (see infra, pp. 57-60, the chapter
“Kinetic Models”) by displacement cascade involves very
short-range interactions (less than 1 Å). These interactions
are described by ZIEGLER-BIERSACK-LITTMARK potentials that
are connected with short- and long-range potentials.

Each pair potential contains a certain number of parameters.
The Coulomb potential between two ions – e.g. uranium and
oxygen in UO2 – contains two parameters: the q values of
the charge of each ion. The formal values q = +4 |e| for ura-
nium, and q = -2 |e| for oxygen can be considered as a first
assumption. As a matter of fact, the analysis of ab initio cal-
culations denies this assumption, whatever the analytical
method used. From the empirical potential viewpoint, that
means that the values of uranium and oxygen charges are
parameters. The values of charges may vary provided that
the electron neutrality is ensured, that is q (uranium) = -2 q
(oxygen). Short-range potentials – of the BUCKINGHAM or
MORSE type – contain two or three parameters.

The semi-empirical models for the metallic bond are charac-
terized by a short range, and a many-body form. Electron
screening, that appears in metals, deletes the long-range
feature of Coulomb interactions. The main term becomes a
many-body embedding term, completed by a short-range
pair potential. This embedding term can be justified using the
Tight-Binding (TB) method, or by analogy with a free elec-
tron gas. It represents the atomʼs embedding into the gas of
electrons delocalized from its neighbors, and so depends on
the electron density experienced by each atom. This class
of potentials is named EAM (for Embedded Atom Method).
These potentials are well adapted to metals displaying a
face-centered cubic (fcc), or a hexagonal close-packed (hcp)
structure.

In contrast, body-centered cubic (bcc) transition metals call
for the introduction of the angular terms. These terms
describe the slightly covalent feature of metallic bonds which
arises from the partial occupying of the Z bands. The EAP
potentials can thus be fitted to M-EAM (Modified-EAM). The
BOP (Bond Order Potential) potentials constitute an even
more elaborate version, and help take the electronic struc-
ture into account in a more detailed manner. They have
experienced many developments in the latest years, and
seem to be quite promising, especially in relation to tung-
sten, iron, and molybdenum.
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As do potentials for ionic bonds, potentials for metallic bonds
contain a certain number of parameters for each term of
interaction. For face-centered cubic (fcc), or hexagonal
close-packed (hcp) metals, for instance, the many-body
embedding term depends on the square of the electron den-
sity. The latter depends on two parameters, which describe
the intensity of bonds as a function of the distance and the
environment. The “pairwise” term contains two or three
parameters at least.

Fitting the parameters of empirical potentials – whether for
ionic, or for metallic potentials – is performed in several
steps. The first step is to define the scope of validity of poten-
tials. This scope of validity indicates the physical properties
to be described in the best possible way; it determines the
target to be achieved. Concerning e.g. radiation damage, the
relative stability of the phases likely to appear has to be
described in a reliable manner – at least qualitatively –. In
the case of UO2, it is crucial that the amorphous phase be
less stable than the fluorite phase (the most stable at room
temperature). Similarly, in the case of pyrochlores A2B2O7
(A being a trivalent cation, and B a tetravalent cation), or in
the case of spinels AB2O4, the ordered phases have to be
more stable than the disordered phases (pyrochlore
(A1/2B1/2)4O7, or spinel (A1/3B2/3)3O4), the latter being less
stable than the amorphous phases [1]. As a counterpart for
this requirement, the description of the elastic properties will
be less detailed.

Once the objective determined, the way to achieve it lies in
the building of two physical databases. The first contains the
target data which the parameters are fitted to. The most sim-
ple approach is to select the experimental observables such
as structural properties, e.g. the (unit-cell) lattice parameter,
and internal parameters, the cohesion energy, the DEBYE
temperature, the elastic properties, etc. Yet, this simple
approach has repeatedly proved insufficient, especially to
describe defects in iron, because the energy landscape of
point defects is not accurately described compared with the
results of ab initio calculations. This observation led F.
ERCOLESSI and J.B. ADAMS to develop the “force matching
method” in the late nineties [2]. More precise data, such as
the total energy, and the forces acting on atoms in various
configurations, were integrated in the first target database
for the purpose of potential fitting. These data, beyond exper-
imental observables, play the same key role as the function-
als selected for, e.g., iron description. This results in more
accurately fitted and transferable potentials that contain infor-
mation not easy to get experimentally. Thus, integrating the
forces acting on atoms opens the path to taking account of,
not only minimum configurations, or saddle points, but also
out-of-equilibrium configurations (the forces acting on the
atoms are then not equal to zero).

The parameters of the empirical potentials are fitted to the
first database previously described. The fitting is carried out
through a least-squares minimization of the difference
between the target values and the computed values, that
represents a cost function. According to the defined objec-
tive, the relative weight of each target value is modulated.
The minimization is then performed using varied mathemat-
ical algorithms. Stochastic methods issued from statistical
physics (Metropolis, genetic algorithms, Simplex…) are rel-
atively computational-time demanding: minimizing a N-body
potential for iron takes 24 hours on current computers.
Deterministic methods, which use the gradient and/or the
Hessian of the cost function (Newton and Euler methods,
conjugate gradient, etc.) are more efficient: the computa-
tional time is reduced to one minute. Assessing the cost
function gradient then becomes a crucial issue, quite difficult
from the numerical viewpoint, on account of the strong non-
linearity of the cost functions. This assessment can be done
using the finite difference methods or, more efficiently, the
adjoint cost function Jacobian method.

In practice, a single fitting seldom leads to an appropriate
solution, for it is frequent that the - post-fitting - defect relax-
ation results in physical quantities that exhibit a strong devi-
ation from the target values in metallic alloys. So potentials
have to be validated by recalculating the properties, and
comparing them with the initial database, and a second data-
base, independent of the first one. This second database
may contain physical quantities that are hard to integrate into
the fitting, among which can often be found, for example,
thermal expansion – i.e. the unit cell evolution as a function
of temperature –, or the relative stability of ordered-disor-
dered amorphous phases. Validating the fitting therefore
leads to an iterative process of minimization/comparison
through reinjecting the former data of the relaxed configura-
tions into the following minimization. A typical fitting algorithm
is schematically presented on Figure 23a, on the following
page.

The criteria of the quality of a fitting, and so of the quality of
interatomic potentials, depend on the fixed objective. The
structural parameters are generally well described, for they
are assigned a strong weight in the cost function. In contrast,
the qualification may seem very subjective, and sometimes
puzzling, when the potential is deemed to be satisfactory in
spite of errors in the order of 20% or more for some proper-
ties. It is worth then reminding of the objectives justifying the
use of empirical potentials. Using empirical potentials allows
for extending the space-time investigation of a solid, as well
as of its configuration space, but this is partially done at the
expense of accuracy. Thus, though the expected results help
identify mechanisms, take phenomenologies into account,
and explore them, they seldom give access to quantitatively
reliable values of physical quantities.
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However, there are examples in which quantitative results
may be obtained. Let us quote the recent development of a
simple potential (EAM) for the complex case of pure iron [3].
This new potential, that replaces the potential proposed in
[4], provides a fairly accurate description of not only the rel-
ative stability of small interstitial clusters in iron (Fig. 23b),
but also of thermal expansion, of the migration barriers of
single interstitials and single vacancies, and of the vibrational
properties of defects, surfaces, and �-surfaces in iron. It was
used to extensively explore the energy landscape of intersti-
tials in iron. It thus led to predict the stability of a C15 Laves
phase three-dimensional crystalline structure for the self-
interstitials clusters in this metal [5], in full agreement with
the ab initio calculations for this type of cluster (Fig. 23c).

This prediction does not agree with the classical morphology
of two-dimensional loops, on which the potential had yet be
adjusted.

The quality of such a potential for pure iron implies the devel-
opment of its scope of validity. Thus it could be interesting to
integrate oxygen in order to determine the role of oxygen
impurities, and even iron oxidation. This type of development
imposes to describe metallic bonds and iono-covalent bonds
at one and the same time in the same empirical potential,
which means introducing a certain chemical feature at
bonds. The ReaxFF (Reax Force Field) type reactive poten-
tials, for example, can be used to initiate this type of study.
They have already beeen developed for the Fe-O-H sys-

Fig. 23. a) Block diagram of a potential fitting. b) Comparison between the target values of the database (in orange, DFT ab initio calculations)
and the fit values for the iron self-interstitial (in green, the interatomic potential fitted to the DFT database, and in blue, the initial potential).
c) Comparison between the ab initio calculations and the values predicted by the two EAM potentials for the new insterstitial cluster
configurations not included in the fitting database. It can be seen that a better agreement between DFT and EAM calculations for the single
interstitial configurations results in a notable agreement for the new configurations of insterstitial cluster configurations.
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tems, and provide a promising description of iron oxidation
by water. This type of method – more computationally expen-
sive – stands as an interesting route, complementary of ab
initio calculations. These potentials make it possible to carry
out studies on metal-oxide interfaces, whether under corro-
sion, or for ODS (Oxide Dispersion Strengthened) alloys.

Alain CHARTIER,
Physical Chemistry Department

Mihai Cosmin MARINICA and Jean-Paul CROCOMBETTE,
Nuclear Materials Department

�References

[1] A. CHARTIER, G. CATILLON and J.-P. CROCOMBETTE, Phys. Rev. Lett.,
102 (2009), p. 155503.

[2] F. ERCOLESSI and J. B. ADAMS, Eur. Lett., 26 (1994), p. 583.

[3] M.-C. MARINICA and F. WILLAIME, Solid State Phenomena, 129
(2007), p. 67.

[4] M. I. MENDELEV et al., Phil. Mag., 83 (2003), p. 3977.

[5] M.-C. MARINICA, F. WILLAIME and J.-P. CROCOMBETTE, Phys.Rev.Lett.,
108 (2012), p. 025501.

Mono10CEA_Part1-2GB_3.qxd:Mono4CEA_FR3.qxd  3/12/18  12:11  Page 37



Mono10CEA_Part1-2GB_3.qxd:Mono4CEA_FR3.qxd  3/12/18  12:11  Page 38



39Nuclear Materials
Structural Materials Modeling and Simulation

Atomic-Scale Energy Landscape

The total energy of a stress-free system is the sum of the
potential and kinetic energies of its constituents. For materials
physics, all the properties (equilibrium state, phase changes,
macrostructural evolution before or after irradiation, primary
damage annealing, etc.) arise from the potential energy that is
an intrinsic characteristic of the system. This concept was
rationalized as the “Potential Energy Surface” (or PES) by
R. MARCELIN and H. EYRING in the early thirties, in order to des-
cribe a chemical reaction as the evolution of a point on a
potential energy surface in a 3N-dimensional space, N being
the number of atoms of the system of interest.

A potential energy surface is often presented as a mountai-
nous landscape where minima correspond to valley bottom,
and saddle points to the lowest mountain passes (or paths of
lowest altitude) linking one valley to another. The key informa-
tion for the evolution of a system is extracted from the distri-
bution of the energy surface minima and saddle points. The
minima distribution determines the systemʼs thermodynamics
and the saddle points, and the paths connecting the local
minima determine the systemʼs kinetic evolution. According to
BOLTZMANN distribution, the probability to find the system in an
energy transition state decreases exponentially with the
increase in the energy of this state. At the low temperature
limit, this exponential dependence means that the system is
most likely to be near the global minimum. Consequently, at
low temperature, the minimum of the potential energy function
provides a good description of the atomic structure in the sys-
temʼs thermodynamic equilibrium state. Within the same tem-
perature range, the paths connecting the localminima indicate
the probabilities to evolve from a minimum configuration to
another. This is exactly the case in the basic atomistic diffu-
sion processes of point defects* or dislocations* (see
below), in the defect reaction kinetics, annihilation, growth*, or
elimination on sinks that are the origin of any kinetic evolution
of the microstructure. For higher temperatures, the notion of
energy landscape is no longer appropriate, and quantitative
and qualitative changes may appear. So, at a sufficiently high
temperature, the most stable state is not necessarily the state
that has the lowest potential energy. A significant entropy can
stabilize a high-energy configuration. Just as we have defined
a potential energy surface, we can define a surface with an
appropriate thermodynamic potential, for example the free
energy for the system coupled to a thermostat. For other
conditions of investigation (constant pressure or constant che-
mical potential), the related thermodynamic potential has to
be used (for further details, see supra, pp. 27 et 28, the chap-

ter “Tools for Mechanical Modeling of Nuclear Materials”).
The information drawn from the energy landscape can be
used for parameterizing the multiscale techniques much used
for the studies of primary radiation damage, such as kinetic
Monte-Carlo* calculations (see supra, pp. 127-132, the chap-
ter “Molecular Dynamics Modeling of Primary Radiation
Damage”), Self-Consistent Mean-Field (SCMF) calculations
(see supra, pp. 133-136, the chapter “Point Defect Structure
and Kinetics in Silicon Carbide”), or cluster dynamics* cal-
culations (see supra, pp. 137-140, the chapter “Irradiation
Defect Structure and Kinetics in Iron”).

Searching forminima and saddle points for a multivariate func-
tion is an issue broadly investigated by physicists and mathe-
maticians. In practice, in order to reach a minimum, it is only
required to follow an evolution of the system in the direction
of the steepest descent (gradient method22). In order to locate
minima, we can use specific mathematical algorithms: either
deterministic methods using as information the gradient (first
derivative) and/or the Hessian (second derivative) of the func-
tion, or gradient-free stochastic methods of statistical physics
for specific situations, when the interatomic forces are very dif-
ficult to calculate (Metropolis, genetic algorithms, Simplex,
etc.). Algorithms are generally more efficient if they have
access to the gradient of the function to be optimized. The
easiest deterministic algorithm is to follow the function gradient
making sure that the systemʼs kinetic energy is zero at each
iteration step. The straightforward application of this method
can be named differently according to the context of use:
EULER method, steepest descent method, or Quenched
Molecular Dynamics (QMD) method. This method is not the
most efficient, but it is much used due to its advantages: it is
robust, and quite easy to implement. Today, the most efficient
algorithms are the quasi-Newton methods that use an inverse
Hessian numerical approximation. An example is the limited-
memory BROYDEN-FLETCHER-GOLDFARB-SHANNO method
(L-BFGS). This method is very efficient in the quadratic
domain of the function, but may sometimes get trapped in
regions very distant from the quadratic domain.

Modeling Tools

22. Also referred to as “steepest descent gradient method” or “steepest
descent method”.
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The saddle points are harder to determine for the simple rea-
son that they are transition states. Methods for localizing
saddle points can be split into two categories: a) those based
on the interpolation between the two minima, and (b) those
only using local information of the energy landscape.

In the first class of methods, a preliminary knowledge of the
energy landscape, and so a reasonable estimation of the
saddle point, is required. All these methods are an indirect
implementation of the LAGRANGEʼs principle of least action: the
path followed by the system between two PES points is that
leading to an extremum of the action. The first step is the
construction of an initial path, by intuition or, most often, by
interpolation between the twominima. In this step, the path is
discretized through several “images” between the twominima.
The second step consists in optimizing the path. Each method
has its own tricks to minimize the action. Two methods are
broadly used in the materials physics community: the “drag”
method, and the “Nudged Elastic Band” method. These two
methods have been intensively used over the late twenty
years in materials physics to study the diffusion of point
defects (see infra, pp. 123-126, the chapter “Iron-Chromium
Alloys Thermodynamics”), or of extended defects (see infra,
pp. 169-170, “Dislocation Mobility Modeling”, as well as the
example below).

In the second class of methods, the only requirement is to
know a starting point, whether a minimum or a saddle point.
All otherminima and saddle points are automatically found by
the method. Let us quote the following methods: “Activation
Relaxation Technique nouveau” (ARTn), Eigenvector-
Following (EF), dimer, Gentle Descent. The systemʼs evolu-
tion in a method of this type follows two steps: a) starting from
a local minimum, the system is pushed towards a saddle point;
b) starting from a saddle point, the system is relaxed to a new
minimum. These methods are very computationally expen-
sive. Because of the complexity of energy landscapes, and
their peculiar parameterization, these methods have been
used only recently in the materials physics field. Studies using
ARTn have evidenced the complexity of the energy spectrum
for the minima, as well as for the saddle points of the small
interstitial clusters in iron, crystalline Si and amorphous Si, and
SiO2.

In the following pages, we develop two examples of applica-
tion of the previously described methods.

On Figure 24 we show the energy landscape of interstitial
point defects in a representation of graph for a cluster of four
self-interstitials in a body-centered cubic (bcc) metal, iron,
using the ARTn method. The energy landscape of interstitials
is much more complex than that of vacancies which only exhi-
bits a few well defined minima. Thousands of minima and

Fig. 24. The energy landscape of a cluster of four self-interstitials in iron, i.e. four additional atoms in the body-centered cubic (bcc) lattice.
The energy landscape was determined using the “Activation-Relaxation Technique nouveau” (ARTn) [1], and was displayed using the graph
technique: each end stands for a minimum or configuration, and each graph node stands for a saddle point. Several contributions can be noted:
in red, that of clusters, with a conventional structure consisting of dumbbells <110>, and in orange, that of C15 Laves phase structures.
For each configuration, blue cubes stand for vacancies of the initial structure, and the colored spheres, for interstitial atoms.
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saddle points can be noticed. Each graph corresponds to a
well defined morphology, either of two-dimensional loop, or of
periodic three-dimensional structure. This new three-dimen-
sional structure was recently determined, and the underlying
crystal structure corresponds to the C15 Laves phase (Fig. 24,
see also, infra, pp. 123-126, the chapter “Iron-Chromium
Alloys Thermodynamics”. In alpha-iron, these C15 clusters are
quite stable, motionless, and are formed directly in the displa-
cement cascades. They can grow by capturing self-interstitial
atoms. Thus they constitute a new major component to be
taken into account in predicting the microstructural evolution of
iron-base materials under irradiation. The structure and mobi-
lity of the self-interstitial atom clusters are a topic still broadly
open (for further details, see infra, pp. 123-126, the chapter
“Iron-Chromium Alloys Thermodynamics”).

In body-centered cubic (bcc) metals, such as pure iron, screw-
type dislocations glide according to a so-called “Peierls” pro-
cess, i.e. by thermally-activated motion of kink pairs along the
dislocation line (see Figure 25a-c).The Nudged Elastic Band
method is used in order to compute the energy barrier cou-
pled with the PEIERLS process. The enthalpy function is used
to analyze the dependence of this barrier as a function of the
resolved shear stress applied on the surfaces of the simulation
cells. Two examples of energy barrier calculations for the for-
mation of kink pairs (or double kinks) on a screw dislocation in
iron are illustrated on Figure 25d. The higher the increase in
the applied stress, the easier the kink formation through redu-
cing the barrier. These calculations are used as parameters
to determine the dislocation mobility law (see infra, pp. 169-
170, the chapter “Dislocation Mobility Modeling”).

Mihai Cosmin MARINICA, François WILLAIME

and Laurent PROVILLE,
Nuclear Materials Department

Fig. 25. The energy landscape of a screw dislocation with both minima positions, and the pathway linking the two configurations.
a) A simulation box with free surfaces (in orange), which contains a screw dislocation in a minimum position. The atoms are colored as a function
of their potential energy. A cross section of the crystal displays the atoms in the vicinity of the dislocation core (yellow atoms). b) Side view
of the dislocation in the simulation box in the same initial position, with the same color pattern. c) The screw dislocation gliding towards another
minimum with a kink pair. d) Calculation of the energy barrier in relation to the formation of a kink pair on a screw dislocation in an iron model,
for various values of stress applied to the simulation cell. The method used is the Nudged Elastic Band method [2]. The barrier height,
here denoted Hkp, is a determining parameter of the dislocation mobility law (see infra, pp. 169-170, the chapter “Dislocation Mobility Modeling”).
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Molecular Dynamics Simulations

Between1950 and 1955, Enrico FERMI and his colleagues,
John R. PASTA and Stanislaw ULAM, (Los Alamos), carried
out the numerical experiments that consisted in integrating
the Newton mechanics equations for a chain of oscillators
coupled by nonlinear interactions (non-quadratic interaction
potentials) [1]. The 18,000 vacuum tubes of the MANIAC
computer allowed the treatment of one-dimensional systems
of a few dozen atoms. According to Enrico FERMI himself, that
heuristic study can be considered as the first molecular
dynamics simulation of model solids. FERMIʼs target [1], in
carrying out these numerical calculations on a one-dimen-
sional chain of oscillators, was to investigate the thermaliza-
tion of solids taking account of the non-linearity of interac-
tions between atoms. To FERMIʼs and his colleaguesʼ
astonishment, the atomic chain was not thermalized within
the times accessible by simulation, and numerous studies
were eventually required to understand the process leading
to thermodynamic equilibrium [2]. This first study thus
founded the method referred to as “Molecular Dynamics*”,
that considers interacting atoms or ions within the framework
of classical mechanics, and follows their motions step by
step through time discretization. A schematic representation
is given on Figure 26. Given the high rate of atomic vibra-
tions, the time step of molecular dynamics calculations is
extremely short (on the order of the femtosecond). Many
physicists and chemists use this now standard method.
Molecular dynamics calculations can be classified into two
major families:

• On the one hand, the study of the atomic systems near the
thermodynamic equilibrium and the related properties. The
idea is then to impose this equilibrium in an ad hocmethod.
Various techniques allow this operation to be performed,
thereby opening the path to investigating the atomic-scale
thermodynamic properties. One of the very first applications
probably was the theoretical evidencing of the solid-liquid
phase transition in an ideal hard-sphere model [3]. In all the
studies dealing with thermodynamic properties, molecular
dynamics is to be compared with the Monte-Carlo method
[4]. According to the type of system investigated, one of the
two methods will be more efficient. Each increment of the
Monte-Carlo algorithm requires one calculation of the total
energy, but allows the achievement of only one event. In
contrast, molecular dynamics requires, at each increment,
the calculation of the forces exerted on each of the atoms,
but allows the achievement of collective events;

• On the other hand, molecular dynamics allows out-of-
equilibrium phenomena to be modeled at the atomic scale.
For example, it is worth mentioning the study of mechani-
cal damage [5], of atomic displacement cascades induced
by irradiation (see infra, pp. 127-132, the chapter “Molecular
Dynamics Modeling of Primary Radiation Damage”), of the
oxide layer formation [6], of the diffusion of atoms isolated
on some surfaces [7], of dislocation mobility (see infra,
pp. 169-170, the chapter “Dislocation Mobility Modeling”).
This list is not comprehensive.

The boost in the computational capacity of computers not
only has opened the path to a significant increase in the vol-
umes of material investigated, but has also helped improve
the description of atomic interactions. Quite early, these inter-
actions were described by functionals of various analytical
forms, mainly the “two-body”, and the “many-body” interac-
tions (see supra, pp. 33-37, the chapter “Interatomic
Potentials”). The first family includes LENNARD-JONES type
model potentials, as well as potentials used to describe inter-
actions in ionic solids. The second family consists of poten-
tials of a more complex form (hence the name of ʻmany-
bodyʼ). It is worth mentioning the Embedded-Atom-Method
(EAM) type potentials used for describing metals, as well as
the potentials expressing the covalent bonds (of the Tersoff
potential type). See supra, pp. 33-38, the chapter “Interatomic
Potentials”. Nowadays, a large number of studies can also

Modeling Tools

Fig. 26. Schematic representation of molecular dynamics for a set
of particles (grey circles) interacting through a force field (symbolized
by the colored circles), and moving in the directions (arrows)
determined by the force field.
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be found, based on the electronic structure and ab initio cal-
culations allowing the accurate description of chemical bonds
within molecules and solids [8]. The integration of electronic
freedom degrees considerably reduces the volumes that can
be treated, but, in counterpart, this opens a broad analytical
scope related to electronic properties (see supra, pp. 29-32,
the chapter “Ab initio Electronic-Structure Calculations for
Condensed Matter”).

Molecular dynamics calculations may be relatively heavy.
They are limited either by the volume of material, that is the
number of atoms of interest, or by the physical time to be
simulated. With a description of EAM-type interactions, there
is a constant progress in the numerical sample sizes that can
be treated. Today, they can be assessed to be several mil-
lions of atoms over a time of a few microseconds, or a few
hundred million atoms over a few picoseconds. These
capacities, though still under the space and time macro-
scopic scales, can however cover a relatively broad range
of investigation, for many physical processes are initiated,
and even completed, at scales compatible with molecular
dynamics. In addition to the studies dealing with classical
systems, whose dynamics is referred to as “Newtonian”, it is
worth mentioning the study of quantum systems, whose
determination of equilibrium properties is possible thanks to
the FEYNMAN path integrals, and to the isomorphism between
the statistical physics of a quantum particle, and that of a
classical polymer [9]. Let us quote, for example, the study of
electrons trapped in the colored centers of molten salts [9].
So it is possible to cover a great number of physical issues
in various temperature and pressure ranges.

Apart from the improvement of theories depicting the interac-
tions between atoms (see supra, pp. 33-37, “Interatomic
Potentials“), methodological developments are permanent.
They chiefly deal with the time limits of molecular dynamics.
We here describe a few selected examples in order to illus-
trate these developments, this list not being comprehensive
however. Several types of acceleration methods are possi-
ble according to the nature of the physical issue considered.
The first example relates to the thermally activated
processes (see infra, pp. 169-170, “Dislocation Mobility
Modeling”), for which the timescale is much longer than the
time characteristic of the crystal vibrations [10,11]. The two
timescales can then be treated separately, and predictions
can be established through statistical physics methods, such
as the transition-state theory and its numerous develop-
ments. As regards the calculation of non-thermally activated

processes, such as heat flux diffusion [12], or the viscosity of
liquids or glasses, here again we are faced with something
much alike the issue evidenced by FERMI, PASTA, and ULAM.
The purpose here is to study the evolution of a system which
is kept distant from its thermodynamic equilibrium. The direct
simulation of this type of process is still particularly difficult,
and, today, does not allow for quantitative predictions, save
in very rare cases [13]. Combining the statistical mechanical
linear response theory [14] and atomistic simulations can
also help progress in this field [12].

Laurent PROVILLE, Mihai Cosmin MARINICA

and Jean-Paul CROCOMBETTE,
Nuclear Materials Department

�References

[1] E. FERMI, J. R. PASTA and S. M. ULAM, “Studies of nonlinear prob-
lems”, Los Alamos Scientific Laboratory Rapport No. LA-1940 (1955).
Re-edited in Collected papers (University of Chicago Press, Chicago,
1965), p. 978.

[2] A.C. SCOTT, Nonlinear Science: Emergence and Dynamics of
Coherent Structures, 2nd edition, (Oxford University Press, Oxford,
2003).

[3] B.J. ALDER and T.E. WAINWRIGHT, J. Chem. Phys., 27 (1957),
p. 1280.

[4] N. METROPOLIS et al., J. Chem. Phys., 21 (1953), p. 1087.

[5] R. K. KALIA et al., Int. J. of Fracture, 121 (2003), p. 71.

[6] J. DALLA TORRE et al., J. Appl. Phys., 92 (2002), p. 1084.

[7] M.-C. MARINICA et al., Phys. Rev. B, 70 (2004), p. 75415.

[8] R. CAR and M. PARRINELLO, Phys. Rev. Lett., 60 (1988), p. 204.

[9] M. PARINELLO and A. RAHMAN, J. Chem. Phys., 80 (1984), p. 860.

[10] A.F. VOTER, Phys. Rev. B, 57 (1998), p. 13985.

[11] N. MOUSSEAU et al., Journal of Atomic, Molecular and Optical
Physics, 2012 (2012), p. 925278.

[12] J.-P. CROCOMBETTE and L. PROVILLE, Appl. Phys. Lett., 98 (2011),
p. 191905.

[13] G. CICCOTTI and G. JACUCCI, Phys. Rev. Lett., 35 (1975), p. 789.

[14] R. KUBO, J. Phys. Soc. (Jpn), 12 (1957), p. 570.

Mono10CEA_Part1-2GB_3.qxd:Mono4CEA_FR3.qxd  3/12/18  12:11  Page 44



45Nuclear Materials
Structural Materials Modeling and Simulation

Thermodynamic Potentials
and Mean-Force Potentials

The first objective of computer atomistic simulation is to
predict the stability of the phases of a material over time as
a function of the temperature, pressure, and chemical poten-
tials of each of its constituents. The second objective, just as
important, is to compute the reaction constants associated
with the atomistic mechanisms controlling the evolution of
the microstructure. The most direct way to solve these two
problems is to let the system evolve over time by solving
Newton motion equation, possibly coupled with a thermostat
and a barostat. Unfortunately, this approach requires signif-
icant computational times, and can be used in simple cases
alone. The reason is that the thermally activated processes,
that control the atomistic mechanisms and the transport in
materials, are very rarely observed at the scale of the molec-
ular dynamics time step, which typically is in the order of the
femtosecond (10-15 s).

In practice, it is almost always preferable to compute a ther-
modynamic potential as a function of the systemʼs control
parameters. Eventually that allows the coexistence condi-
tions at the thermodynamic equilibrium to be determined by
maximizing the relevant thermodynamic functions. This is
what is done, in practice, in a binary alloy in which two
phases coexist when the MAXWELLʼs construction is imple-
mented.

The simplest thermodynamic potential is that associated with
the microcanonical ensemble, and corresponding to the sys-
temʼs Boltzmann entropy:

S(H, O ,U) = aEbd�(H, O, U), (1)

where �(H, O, U) is the number of quantum states of a sys-
tem in which the energy value H, the number of particles O,
and the U volume are imposed. The �(H, O, U) quantity also
is the reverse of the state density. The aE constant is the
Boltzmannʼs constant. If restricting to the framework of clas-
sical mechanics, the systemʼs energy is the sum of the
kinetic energy and of an empirical interatomic potential.
Formally, one or several Legendre transforms of the
BOLTZMANN entropy with respect to the extensive quantities
(e.g. energy, volume, number of particles…) makes it possi-
ble to get the thermodynamic potentials of the other sets. For
instance, the thermodynamic potential of the canonical
ensemble at the reverse temperature T-1 = ∂S/∂H is written
as a Massieu function:

�(T–1, O, U) = S–〈H〉/T = aEbd∑_exp�–H_/aET� (2)

The sum, called “partition function”, includes all the H_ states
of the system. The exponential terms correspond to the
unnormalized Boltzmann weights. The canonical ensemble
allows for the energy exchanges as heat between the simu-
lation box and a thermostat, which is expressed by energy
fluctuations of the system around an average value 〈H〉.

Let us note that another option could be doing the Legendre
transform of the energy with respect to the systemʼs entropy,
considering the latter as a state variable. The thermodynamic
function then is the free energy as follows:

I = H – TS (3)

This function, obtained using the relation T = ∂H/∂S, is equiv-
alent to – T�. The free energy is more commonly considered
in the molecular simulation field. It displays an obvious anal-
ogy with the stability principle in classical mechanics. From
the mechanical viewpoint, a system is stable if its potential
energy is in a local minimum. From a thermodynamic view-
point, a phase is stable if its free energy is lower than that of
all other possible phases. So, at non-zero temperature, the
most stable phase is not necessarily the phase that has the
lowest internal energy: a significant entropy can stabilize a
phase having a high internal energy. This is the case for the
strongly degenerated structures displaying a multitude of
neighboring energetic minima, and very slow vibration
modes.

Similarities between mechanical stability and thermodynam-
ics require to clarify what means the phrase “free energy of
a phase” for systems of finite size. In numerical simulation,
the first requirement is to be able to distinguish the different
possible phases in an atomic system. For this purpose, an
order parameter, Q, is used. Most often, this is a real function
of the atomic positions the values of which continuously vary
when passing from one phase to another. For an alloy dis-
playing a miscibility gap*, and simulated in the pseudo-
grand canonical ensemble, the concentration will perfectly
play this role. For an ordered alloy, the order parameter can
be a function of atomic site occupation on the sublattices of
the ordered phase. In the case of a structural transition, an
order parameter based on the orientation of the atomic
bonds will be used. The LANDAU free energy is defined with
respect to the order parameter as follows:

Modeling Tools
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I(Q) = –aETbd∑Q_∈∂�(Q)exp�–H_/aET�, (4)

where ∂�(Q) includes all the configurations _ for wich the Q_
parameter is between Q – ZQ/2 and Q + ZQ/2, ZQ being the
width of the bar graph interval. The Landau free energy is
also named “mean force potential”. It is obtained through a
numerical evaluation of the bar graph, as follows:

P(Q) = exp��I – I(Q)¡/aET�, (5)

in association with the probability to observe the atomic sys-
tem with a Q_ value of the order parameter within the inter-
val defined around Q.

Calculating a thermodynamic potential or a mean force
potential is a difficult task and a very active research field.
The difficulty is due to the fact that the partition function can-
not be computed using quadrature, given the strong dimen-
sionality of the system. The universally used solution con-
sists in performing a weighted sampling: a Monte-Carlo
method generates the configurations that most contribute to
the quantity to be estimated. An estimator then helps obtain
the averages through a judicious reweighting. The statistical
average used expresses a thermodynamic perturbation rela-
tion for the calculation of a free energy, or is coupled with the
construction of the bar graph for the calculation of a Landau
free energy. Each of the two averages can be taken letting
the system evolve out of, or at, the thermodynamic equilib-
rium. For an out-of-equilibrium molecular dynamics, the sys-
tem is mechanically forced by an external action to visit the
unexplored regions along the order parameter, or gradually
transforms the thermodynamic stresses that are naturally
exerted on the system at equilibrium. The variation in the
mean force potential is directly connected with the mechan-
ical work used to force the system. Similarly, the variation in
the thermodynamic potential is obtained from the thermody-
namic work extracted when the system is transformed. The
thermodynamic integration method appears as the special
case of an out-of-equilibrium molecular dynamics, in which
the control parameters are very slowly transformed in a
quasi-static manner.

As an illustration, we have implemented the Monte-Carlo
method based on molecular dynamics mechanically forced
in a monoatomic cluster of 38 atoms [1]. Although the
Lennard-Jones type interatomic potential is very simple, this
system is very rich thermodynamically [2], as shown in the
free energy landscape on Figure 27, plotted as a function of
the temperature and the order parameter (here denoted Q6).

Examining the free energy minima displayed on Figure 27
as a function of temperature, it can be seen that the liquid
phase (L) is the most stable for a reduced temperature T
higher than Tls = 0.17 (the temperature unit is the depth of
the Lennard-Jones potential divided by aE). At Tls tempera-
ture, the liquid and solid phases coexist, the icosahedral solid

phase remaining the most stable at temperatures higher than
Tss = 0.12. At lower temperatures, the octahedral phase,
associated with the overall energetic minimum of the sys-
tem, becomes the most stable.

Knowing the free energy surface as a function of tempera-
ture and of an order parameter not only makes it possible to
characterize the relative stabilities of the possible phases in
a system, but also, in some conditions, to calculate the con-
stants governing the systemʼs kinetics. Considering a reac-
tion from an initial basin of attraction, A, towards a target
basin, B, that are separated by a free energy barrier +I cal-
culated as a function of the order parameter, the reaction
constant a is related to the free energy barrier through the
following formula:

aET +Ia = к � —— � exp � – —— � (6)ℎ aET
where ℎ is the Planck constant, and к is the transmission fac-
tor. This quantity is defined as the fraction of trajectories ini-
tiated from the top of the barrier that reach basin B before
basin A. If this quantity is not too close to 0, or 1, it can be
estimated relatively easily from a sample of trajectories. The
order parameter used in the simulation then is a good reac-
tion coordinate: it allows the stage of progress of a reactive
mechanism to be finely characterized. In the opposite case,
the order parameter is not a good reaction coordinate: the
top of the free energy surface does not describe the transi-
tion state correctly.
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Fig. 27. Free energy of LANDAU of the LJ38 cluster as a function
of the order parameter, here denoted Q6, and of temperature.
The basins of attraction corresponding to the liquid (L), icosahedral
(I), and octahedral (O) phases clearly appear at all the temperatures
for the values of the order parameter respectively included within the
intervals [0.02, 0.06], [0.11, 0.13], and [0.5, 0.56]. D is an octahedral
structure exhibiting a stacking fault, which can be observed during
the transitions between the octahedral and icosahedral structures.
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Thus, in the example of the LJ38 cluster, the most simple
structural order parameters are known to be unsuitable reac-
tion coordinates for the structural transition between the
icosahedral and octahedral phases. The free energy surface
of Figure 27, on the previous page, does not allow for the
extraction of the reaction constants related to this structural
transition. The reason is that the transition states and some
local minima have the same values for the structural order
parameters. In this situation the maximum of the free energy
barrier is therefore moved to the basin of attraction of the
local minimum. So, determining a relevant order parameter
may prove difficult, indeed.

In contrast, studying the migration of a vacancy defect in iron
is much easier. In a box simulating body-centered cubic (bcc)
pure iron including only one vacancy, the position of an atom
neighboring the vacancy is a good reaction coordinate, that
correctly describes the stage of progress of the atomʼs migra-
tion towards the initially vacant site. We have computed the
mean force potential for the vacancy migration using the
same method as previously. The �-Fe is modeled with the
ACKLAND and MENDELEV potential [3]. The forced molecular
dynamics simulations are generated drawing a f atom neigh-
boring the vacancy with the help of a harmonic potential, so
that the atom exchanges its position with that of the vacancy.
Starting from the force exerted on the atom, the equilibrium
probability (P(ξ)) of its ξ position along a direction [111] (going
through the atom and the vacant site) can be reconstructed.
Figure 28 illustrates this reconstruction for molecular dynam-
ics generated from the two stable basins of free energy (for-
ward or backward trajectories).

The average of the cologarithm of P(ξ) defines a divergenceG(ξ) that indicates the fluctuations of the numerical meas-
ures as a function of the reaction coordinate ξ. This quantity
indirectly gives access to the direct average of P(ξ) (denoted
“Mean” on Figure 28) calculated on a large number of trajec-
tories (here 100). The cologarithm of this average is the
Landau free energy represented on Figure 29 for tempera-
tures varying from 20 K to 1,000 K.

At low temperature, the profile of the vacancy free energy
displays the two expected peaks (or humps) [3]. The atom
neighboring the vacancy has to jump twice to be exchanged
with the vacancy. On the temperature rise, the two peaks are
blurred, and then completely vanish. Then, the neighboring
atom has to cross only one saddle point to migrate.

From the data on Figure 29, the free energy barriers are
obtained as a function of temperature, and can be compared
with the values computed within the classical framework of
the harmonic approximation (Fig. 30) [1,2].

At the service temperature of reactors, taking the anhar-
monicity into account (Fig. 30) increases by one order of
magnitude the mobility of the vacancy in iron compared with
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Fig. 29. Vacancy migration in alpha-iron. Free energy landscape as
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for the position of the atom migrating towards the unoccupied site
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F(ξ, T) [eV]

ξ [m]T [K]

0.7
0.6
0.5
0.4
0.3
0.2
0.1

0.05

0.00

0.10

0.15

0.20

0.25

0.30

3

6

9

12

15

0 5.10-11 10-10 1.5.10-10 2.10-10 2.5.10-10

Fig. 28. Vacancy migration in alpha-iron. The position of the atom
migrating towards the unoccupied site is given by the ξ reaction
coordinate (expressed in meters). The configuration probability
during a migration is P(ξ). The cologarithm of the P(ξ) average
provides the free energy profile. The P(ξ) cologarithm average
is denoted G(ξ), and corresponds to a divergence. It informs about
the accuracy of calculations: the estimations are more precise
when the iron atom is in one of the two stable positions, or in the
metastable position between the two peaks of the migration barrier.

G(ξ)
ξ

-log(P
(ξ)) Forward

Backward
Mean

Mono10CEA_Part1-2GB_3.qxd:Mono4CEA_FR3.qxd  3/12/18  12:11  Page 47



48 Thermodynamic Potentials and Mean-Force Potentials

the usual calculations performed as part of the harmonic
approximation. This shows all the interest of quantifying the
anharmonic effects in such a way, and of taking them into
account eventually in kinetic models.

Calculating the thermodynamic potentials and mean force
potentials is a key component in atomistic simulation of
materials. Yey, this approach is still restricted to the systems
that can be described in a sufficiently realistic way with semi-
empirical potentials. The reason is that better describing
atomic interactions would entail combining the thermody-
namic potential and electronic structure calculations. That
would result in a significant cost in computational time, out of
the range of current computers. Today, the most judicious

solution to estimate a migration rate or a diffusion coefficient
is to obtain the entropic contribution as part of the harmonic
approximation, starting from the phonon spectra. This taking
account of the harmonic migration entropy introduces a cor-
rective factor of approximately 102 to 103 in the migration rate
calculation, as part of the transition state theory [1], com-
pared with the frequent use of the DEBYE frequency to esti-
mate the entropic contribution [2]. This correction is fairly
more important than the correction due to anharmonic
effects, that have yet to be taken into account at high temper-
ature. We then recommend the method mentioned above,
using semi-empirical potentials adjusted on ab initio calcula-
tions.

Manuel ATHÈNES and Mihai Cosmin MARINICA,
Nuclear Materials Department
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Fig. 30. Free energy of migration of the vacancy in alpha-iron
as a function of temperature: the Monte Carlo simulation results are
compared with those from the Classical Harmonic Approximation
(CHA).
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Phase Diagrams

Modeling the equilibrium properties of alloys, especially
their phase diagram*, requires an approach that helps cal-
culate the related thermodynamic functions, such as free
energy, and not only energy at 0 K. It is true that ab initio cal-
culations can be carried out at a finite temperature. But the
part of the phase space that is thus explored is generally too
much restricted for the systemʼs equilibrium properties to be
deduced from it. This limitation, related to the computational
time, can be removed using empirical potentials: there exist
simulation methods to calculate the various thermodynamic
functions from these empirical potentials, thereby construc-
ting a phase diagram. However, few empirical potentials exist
for alloys, especially beyond binary alloys, and these poten-
tials are not sufficiently robust as far as their prediction capa-
bility is concerned. Besides, the thermodynamic approaches
using empirical potentials are still very heavy in relation to
their computational time. In this chapter, we present two
alternative approaches that can both model the thermody-
namics of a system such as an alloy from experimental data
or atomic calculations. The first approach uses an atomistic
description of the various possible configurations of an alloy,
through a rigid lattice model, in order to construct the thermo-
dynamics of the system using statistical physics. The second
approach, the CALPHAD method, is based on macroscopic
thermodynamics.

Rigid-lattice thermodynamics
Here we shall deal with the modeling of a crystalline alloy. At
non-zero temperature, atoms vibrate around mean positions
on the nodes of a periodic lattice. Therefore, all the configu-
rations of the alloy can be depicted by indicating the type of
atoms occupying each of the lattice nodes. It is then quite
simple to build a model that predicts the energy of each of
these configurations. This model is then used to deduce the
alloyʼs thermodynamics and equilibrium properties [1,2].

Ising model

Initially developed for magnetic systems, the Ising model is
the simplest model that allows the thermodynamics of a binary
alloy to be built starting from a single K parameter of first-neigh-

bor interaction. The energy of a configuration is given as fol-
lows:1H = — ¦ K�_�`, (1)2 _,`
where the sum is restricted to the _ and ` first neighbor sites.
The pseudo-spin variable �_ takes the value +1 (or, respecti-
vely -1) if the site is occupied by a type A (or type B) atom. The
alloy has an ordering tendency for a K>0 interaction parame-
ter, and an unmixing tendency for a K<0. The model can then
be easily generalized in order to include the pair interactions
going beyond the first neighbors, as well as the multiplet inter-
actions involving more than two crystalline sites. These inter-
actions of multiplets are particularly important to break the
symmetry of the alloyʼs thermodynamics: with only pair inter-
actions, the thermodynamic behavior is the same on the
A-rich and B-rich sides of the phase diagram (Fig. 31).

Finally, this model is not limited to binary alloys, and is gene-
ralized to alloys with more than two constituents.

The interaction parameters K that appear in the Ising model
[Eq. (1)] can be deduced from ab initio calculations. For this
purpose, the energies of formation of a certain number or

Modeling Tools

Fig. 31. Phase diagram for a model alloy with an ordering tendency
on a fcc lattice, with 1st- and 2nd-neighbor pair interaction (K1 > 0 andK2 < 0), and then with the addition of multiplet interactions (here
the triangle, and the 1st-neighbor tetrahedron). The phase diagram
is computed using the Cluster Variation Method.
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ordered structures are computed ab initio, and the interaction
parameters are then obtained by adjusting the model on the
so built database. A “cluster expansion” of the alloyʼs energy
is then established.

A cluster expansion is useful only in the case of short-range
interactions, which helps restrict the number of the interactions
appearing in the generalized ISING model. In presence of
strong elastic effects, this is not possible, for the elastic inter-
action between atoms is of a long range: it decreases as the
inverse cube of the distance. A mathematical solution is then
to complete the cluster expansion with interactions computed
in the reciprocal space. The GREEN functions of the crystal lat-
tice can also be used to treat these elastic contributions.

Configuration entropy

The energy model thus fixed, the energy of any configuration
of the alloy can be quickly calculated. The space of the sys-
temʼs configurations can so be sampled to deduce the free
energy associated with the configuration entropy, and then cal-
culate the equilibrium properties of the system, such as the
phase diagram.

The easiest way to carry out this sampling is to use a thermo-
dynamic Monte-Carlo algorithm. In such simulations,
exchanges between atoms of various types are performed
with acceptance rates given by the Boltzmann weights calcu-
lated from the energies of the various configurations. The che-
mical potential can then be computed for a given composition
of the alloy (simulation in the canonical ensemble), or, rever-
sely, the composition for a given chemical potential can be
obtained (semi-grand-canonical ensemble). The drawback of
this very general method is to be purely numerical, so that the
output data are the values of the various thermodynamic quan-
tities, but do not include any analytical expression that could
be eventually used in models at higher scales.

Such analytical expressions can be obtained through mean-
field approximations, currently used. The most current approxi-
mation is the BRAGG-WILLIAMS (or “mean-field”) approximation.
It considers that the probability to have a chemical species on
a site is independent of its neighboring, and so is equal to the
alloyʼs nominal composition. A simple expression of the confi-
guration entropy, and so of the alloyʼs free energy can then be
obtained. Thus, for a binary alloy in which the energy of each
configuration is given by Equation (1), on the previous page,
the free energy per atom for a solid solution of nominal com-
position j, and of temperature T will be as follows:

l (1–2j)2I(j, T) = — K —–—— – aT j bd(j) + (1–j)bd(1–j)®, (2)2 4
where l is the number of first neighbors of an atom, and a the
Boltzmann constant. The same mean-field approximation can
be used for long-range ordered structures introducing sub-lat-

tices of different nominal composition. It is also possible to
treat heterogeneities such as those generated by an interface
or a surface by considering a spatially varying composition.

However, this approximation does not take into account all the
short-range correlations that can exist between atoms, that is
the short-range order. This mean-field approximation can be
improved considering probabilities on a cluster larger than the
point, so as to carry out an exact treatment for all of the cor-
relations existing within this cluster. This results in the Cluster
Variation Method (CVM). In the case of a given energetic
model, this method tends toward the exact solution, predicted,
e.g., by Monte-Carlo, as the size of the maximum cluster is
increasing (Fig. 32).

Other methods can also be used for modeling the thermody-
namics of an alloy starting from an Ising type energetic model,
such as the low and high temperature developments.

Other sources of entropy

The previous methods allow the modeling of the thermody-
namics coupled with the alloy configuration entropy. Other
sources of entropy exist, e.g. related to electronic or mag-
netic excitations, or with the vibrations of atoms around their
equilibrium position. Concerning electronic excitations and
vibrations, the time scale involved is much smaller than the
timescale typical of an exchange between two atoms taking

Fig. 32. Phase diagram for an alloy with an ordering tendency
on a fcc lattice with first-neighbor pair interactions, computed either
with the Bragg-Williams, or with a Cluster Variation Method (CVM)
approximation.
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part in the configuration entropy. Generally, it is possible to
carry out an adiabatic approximation in order to separate
these various degrees of freedom. A free energy integrating
the fast degrees of freedom (electronic excitations, vibra-
tions…) can then be defined for each configuration of the
alloy, and then perform a cluster expansion. The result is an
ISING model with temperature-dependent interaction param-
eters that take account of the entropic contributions of the
internal degrees of freedom. This Ising model can then be
used in the classical approaches above described, so as to
take the configuration entropy into account. This approach,
easy to implement, has boundaries, however, since it
assumes that the effective interactions arising from the
entropic contributions corresponding to the internal degrees
of freedom can be reduced to a finite number of short-range
interactions, which is not always justifiable physically.
Regarding the vibration entropy, it may be indeed more judi-
cious, but also more computationally expensive, to perform
a cluster expansion of the short-range force constant matri-
ces, and then deduce from it the vibration entropy of the
alloyʼs various configurations.

At high temperature, anharmonic effects may become
strong. As the main source of anharmonicity comes from the
volume-dependent variation in the atomic vibration frequen-
cies, the quasi-harmonic approximation generally proves
quite suitable to treat these anharmonic effects. This approx-
imation consists in applying the harmonic model for various
volumes, and then minimizing the systemʼs free energy with
respect to the volume.

As for magnetic excitations, the Ising model can be com-
pleted with a Heisenberg model describing the interactions
between the atomic magnetic moments, as well as a second
magnetic contribution describing the energy variation of an
atom with its magnetic moment. The thermodynamic prop-
erties of the system are then obtained sampling not only the
various atomic configurations of the system, but also its var-
ious magnetic states (amplitude and direction of the mag-
netic moment of each atm).

The CALPHAD method
The CALPHAD* (CALculation of PHAse Diagrams) method
[3] is a semi-empirical computational method for computing
phase diagrams of multicomponent systems. This method
provides a description, through thermodynamic models, of
the free enthalpy for all the phases of a system as a function
of composition, temperature, and pressure.

Combining simple (binary or ternary) systems can help pre-
dict phase equilibria in higher-order systems: a non-negligi-
ble advantage in studies of multicomponent systems, as this
leads to the optimization of an experimental design.

Selecting experimental data

The experimental data useful to optimize a system may arise
from:

• The determination of phase diagrams: measuring temper-
atures of invariants, of liquidus*, or solidus*, and of limits
of solubility;

• Thermodynamic measurements: activity, chemical poten-
tial, and formation, transformation, or mixing enthalpy;

• Physical measurements: specific heat, magnetism;

• Calculated data: formation or mixing enthalpies through the
MIEDEMA approach, or through ab initio calculations.

Once selected the experimental data set, the thermodynamic
models adapted to the phases to be modeled can be
selected.

Selecting the thermodynamic models

The thermodynamical models associated with the various
phases of a given system are chosen taking account of their
crystallographic features.

It is also important, at this stage of the work, to ensure the
compatibility of the models selected for a given system with
other systems involving common elements and phases. This
is done in the perspective of building databases through
pooling of various optimized systems, and so in order to
extrapolate equilibria in multicomponent systems.

According to the type of phases: pure elements, stoechio-
metric compounds, and substitutional solutions, various
mathematical formalisms are used.
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Optimization principle

Optimization consists in fitting the parameters of the models
by a least-squares method. The principle is to determine the
values of the interaction terms, and of the free enthalpy of
compound formation from the experimental data.

The optimization of a system is considered as completed
when all the selected experimental data have been
described, with a minimum of parameters.

Calculating a phase diagram

Once a given multi-constituent system is considered as opti-
mized, equilibrium calculations can be performed. These cal-
culations consist in minimizing the Gibbs energy taking all
the systemʼs phases into account. These Gibbs energy min-
imization calculations can be carried out using the
Thermocalc software [4]. Starting from this calculation, the
phase diagrams (Fi. 33), as well as isoplethes* or thermo-
dynamic functions of the system (Cp, H, S…) can be plotted
as a function of various variables. The thermodynamic calcu-
lations help predict not only stable, but also metastable equi-
libria in a system. They can also help preform extrapolations
in temperature and composition domains that are hard to
reach experimentally.

The rigid-lattice approximations and CALPHAD prove com-
plementary. They can also use the same input data to con-
struct a thermodynamic modeling, but they differ by the
underlying theories. In addition, the thermodynamic models
used by the CALPHAD method are generally justified
through an atomistic description.

Emmanuel CLOUET, Frédéric SOISSON

and Caroline TOFFOLON,
Nuclear Materials Department
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Simulating In-Reactor Materials
Primary Damage

Understanding the behavior of materials subjected to irra-
diations requires a multiscale approach likely to transpose the
results of damage simulations carried out at the most local
(nanometric) scale to the relevant microscopic scales.
Nanometric-scale simulations, such as the “tool boxes” men-
tioned previously (see supra, pp. 43-44, “Molecular Dynamics
Simulations”) and in the following pages (see infra, pp. 127-
132, “Molecular Dynamics Modeling of Primary Radiation
Damage”), are subjected to two notable limitations. On the one
hand, they can practically be performed for only one incident
particle, and so are not adapted to describing the effects indu-
ced by particles which have a very extended energy spectrum,
such as the neutron energy spectrum in a reactor. On the other
hand, they are very expensive in terms of computational capa-
cities, and so cannot be easily extended to simulation for very
energetic particles, fission products, or ion beams. In this para-
graph, we present two approaches implemented to go beyond
these limitations, on the one hand, allowing for a comparison
of the damage obtained in various environments, reactors or
ion beams, and, on the other hand, analyzing the structure of
the displacement cascades* induced by these very energetic
particles.

Recent works have shown that the displacement cascade
exhibited a fractal feature. In other terms, the spatial density
of the damage induced within a displacement cascade is far
from being uniform, which is evidenced by this fractal feature
[1]. Thus, for a highly energetic particle, damage is distributed
among areas of very heterogeneous defect areas, that can
then be defined as independent sub-cascades.

Figure 34 presents such a schematization of the splitting of a
cascade into sub-cascades [2,3]. A particle of energy E of
about a dozen keV induces shocks in an area whose charac-
teristic size R(E), computable through a binary collision model,
is about a few hundred nanometers. Each particle displaced
then follows a trajectory computable as binary collisions (full
lines). When the energy of the displaced particle becomes
lower than a threshold energy, the density of locally created
defects increases due to the decrease in the mean path bet-
ween successive shocks.

This defines a strongly damaged sub-volume (blue ellipses),
where only Molecular Dynamics* (MD) is able to describe
the number and nature of formed defects. The characteristic
dimension of these sub-cascades is about a dozen of nano-
meters. Moreover, these sub-cascades are distributed non-
uniformly within the cascade, thereby displaying a nonzero
overlapping. It appears that the threshold energy under which
the sub-cascades can be defined, only depends on the mate-
rial, and on the type of the incident particle. Its determination
is complex, but fundamental, for it allows the binary collision
approach to be related to MD. When the sub-cascades do not
overlap, the mere summing of the effects of each sub-cascade
described by MD simulations is sufficient for the number of
defects in a displacement cascade to be calculated. The inter-
est of this description is fundamental in that it allows damage
to be determined by only calculating these sub-cascades,
which requires to consider smaller-sized computational cells.

In a reactor, the energetic distribution of incident particles
constitutes a fundamental characteristic. The kinetic energy
distribution of neutrons depends on the reactor considered,
which is characterized by its neutron spectrum
(neutrons/cm2/s/eV), ranging from a few milli-electronvolts
(thermalized neutrons) to a few dozen million electronvolts

Modeling Tools

Fig. 34. Splitting of a displacement cascade of a characteristic
size R(E), i.e. a few hundred nanometers, into different, quasi-
independent sub-cascades (blue ellipses), whose size is of about
a dozen nanometers.
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(neutrons emitted per fission) [4]. As neutrons travel through
the material, many collisions take place between these par-
ticles and the atoms constituting the material. As an example,
a 1 MeV neutron transmits an average energy of 35 keV to an
iron atom in an iron crystal [5]. This iron atom sets about 500
other iron atoms into motion before stopping: these atomic dis-
placements, also referred to as “primary damage”, constitute
the first stage of the materialʼs damage [6].

Primary damage
From the technological viewpoint, calculating primary damage
in a material not only allows the evaluation of the damage of
this material in a given environment, but also a more realistic
comparison of materialsʼ behavior in different reactors. This
concept of primary damage can thus be extended to all the
damage modes under irradiation, especially ion beam implan-
tations. Hence the major interest of developing tools that help
validate the use of an ion beam irradiation to simulate a neu-
tron irradiation in a reactor, for these irradiations display
notable advantages compared with those in a reactor: choice
of the particle, modulation of the experiment kinetics, choice of
temperature, low availability of MTR type reactors, absence
of induced radioactivity [7]…

Binary Collision Approximation
(BCA)
A particle penetrating into a solid loses its kinetic energy during
multiple collisions. When a particle has a high kinetic energy,
about 1 MeV, the distance between two collisions is very long,
and shocks with the crystal atoms are fairly distant. They can
then be described as part of binary collisions.

A large number of works initiated in the sixties help simulate
this phase of binary collisions referring to universal models
(the models referred to as “Binary Collision Approximation” or
“BCA”) [8].

For the purpose of getting an estimate of primary damage,
BCA codes (or programs) prove to be reliable tools, with a low
cost in computational time. For example, the SRIM code [9] is
broadly used to define the penetration depth of ions into a
material. But the effect of an energetically-distributed particle
flux, such as the neutron flux of a reactor, cannot be descri-
bed using such a code. Another currently used code, SPEC-
TER [10], calculates primary damage in a reactor, as part of
the model of isotropic nuclear collisions, as well as the num-
ber of atoms set to motion in the primary stage of the displa-
cement cascade. However, it cannot provide such information
in the case of an ion beam. It is also worth mentioning the
MARLOWE code, which allows for the addition of anisotropic
materials, and so is rather adapted to ion beam irradiation of
single crystals.

As none of these codes or programs can help take account of
both an energy distribution of incident particles and different
types of particles, the DART code [1], [11] was designed to
allow for a true comparison of the primary damage generated
by neutron irradiations or by ion and electron beam irradia-
tions.

Primary damage estimators
In order to compare various irradiations, it appears necessary
to define different estimators likely to stand for the damages.

The damage generation rate, P, corresponds to the number
of atoms moved by an incident particle flux within one second.
Starting from this estimator, the total number of damages O
following a time of irradiation h : O = Ph can be defined.
Conventionally O is named the “number of displacements
per atom*” (dpa*). Though this estimator is broadly used to
define damage in a reactor, it is not sufficient to compare
damages in different reactors or irradiators, since, for equal
damage generation rates, it can correspond to a broad variety
of defect distributions, inducing quite different microstructural
effects.

Moreover, thePKA (Primary Knocked-onAtoms) spectrum*
is usually defined as the energy distribution of the first displa-
ced atoms. This spectrum gives information about the energy
transferred to the various atoms the material consists of.

Finally, if considering not only the energy of primary atoms,
but also the totality of displacements induced by them during
their slowing-down, and that of successively displaced
atoms, the weighted spectrum can be determined, i.e. the
energy distribution of atoms displaced during the cascade.
This distribution conditions the response of the material
undergoing an irradiation. This very spectrum has to be
taken into account to select the mass and energy of the pro-
jectile ion likely to simulate the same primary damage as in
reactor.
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Primary damage in ODS
This approach is illustrated herein considering a material
developed as part of new fast neutron reactors. This mate-
rial is an “ODS (Oxide Dispersion Strengthened)*” steel
containing a dispersion of oxide nanoparticles [13]. The
weighted spectrum of this material under neutron irradiation
was determined with the DART code basing on the knowl-
edge of the neutron spectrum in the reactor, of the neutron-
isotope collision cross sections, and of the number of dis-
placements induced by the cascade. This weighted spectrum
was then compared with that obtained through different irra-
diations in ODS steels. In order to simulate the structural sta-
bility of ODS steels in a reactor, experiments are conducted
through testing these materials under ion or electron irradi-
ation.

Figure 35 compares the weighted spectrum for a fast neu-
tron flux with the weighted spectra generated by various ion
beams (He 1 Mev, Ar 600 keV), or by an electron irradiation
(electrons of 1 MeV). Here, the weighted spectrum that is the
closest to the spectrum obtained in the reactor is generated
by 600 keV argon ions. It can be deduced from this analysis
that the morphology of the displacement cascades induced
by 600 keV Ar ions is similar to that generated by a nuclear
reactor.

Electron microscope observations were carried out on sam-
ples irradiated to 30 dpa in reactor, as well as by argon ions
[14,15,16], and the microstructure obtained in both cases is
quite similar (partial dissolution of the oxides, and appear-
ance of fine precipitates in the metallic matrix), which is not
the case for an electron irradiation (reduced size of oxide
particles).

The limitation of the binary collision
approximation
The slowing-down of particles in material induces a hetero-
geneous distribution of defects, thereby creating complex
microstructures. When the energy of a particle decreases
during a collision with an atom of the medium, reaching a few
dozen keV, the distance between two shocks gets very low,
hence the occurrence of a strong concentration of atomic
displacements localized in a small volume referred to as
“sub-cascade” or “displacement peak” [1] et [17]. When the
kinetic energy of particles is lower than a hundred electron-
volts, a quasi-melting of this area takes place. This step con-
stitutes the thermal peak, and corresponds to the end of the
displacement cascade. Thus, the shocks between atoms can
no longer be described by binary collisions, and escape any
analytical treatment. Particularly, the recombination of a large
number of defects can be observed, or, on the contrary, their
segregation into small clusters, thereby resulting in effective
numbers of defects fairly different from those estimated by
the overall approaches previously mentioned. Numerical
simulation alone can help get a description representative of
this step. Thus, MD can provide a qualitative description of
the number of displaced atoms, and of defects effectively
generated in this displacement peak.

Laurence LUNÉVILLE, Guido BALDINOZZI

and David SIMEONE,
LRC CARMEN CEA/CNRS/ECP
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Kinetic Models

The modeling of the evolution kinetics of materials under
thermal aging or under irradiation can be performed at vari-
ous scales, and with different approximation levels, accord-
ing to the required degree of accuracy, the complexity of the
phenomena considered, and the simulated physical times.
In this Section, we describe four kinetic models*, and we
deal with their fields of application.

Atomistic Kinetic Monte-Carlo
(AKMC)
These simulations allow the position of all atoms in the sys-
tem to be followed in time, which requires a detailed descrip-
tion of the thermodynamic and kinetic properties. At the
atomic scale, these properties are involved in the atomic
jump frequencies, these jumps taking place through point
defects. So the key point is the description of the concentra-
tions and jump frequencies of point defects, including, in par-
ticular, the dependence of these frequencies on the local
environment.

Calculating all these jump frequencies
through ab initio methods, whether all
along the simulation, or through a pre-
vious tabulation of the frequencies for
all the possible environments, seems
out of range at the present time. So
simpler approximations will have to be
used. Two types of methods are used:
those based on atomic position relaxa-
tion, and those on rigid lattice. In the
first case, the defect jump frequencies
are computed using interatomic poten-
tials, such as those already depicted
(see supra, pp. 25-28, “Multiscale
Approach to Materials Modeling”), tak-
ing account of the relaxations and
vibrations of atoms around perfect
crystal positions, and so naturally inte-
grating the vibrational entropy, and the
long-range elastic interactions. Yet, in
practice, it is very difficult to build inter-
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atomic potentials providing a suitable description of all of the
relevant properties (energy of an alloyʼs stable configurations,
energy of defect formation and migration). In addition, comput-
ing jump frequencies – especially, the pre-exponential term
that integrates the phonon contribution – is still very costly [2].
An alternative approach consists in adapting the effective
interaction methods on rigid lattices already presented (see
supra, pp. 25-28, Multiscale Approach to Materials Modeling),
integrating in them the description of the saddle point config-
urations. In both cases, adjusting the ab initio calculations can
significantly improve the modelʼs quality.

Once known the jump frequencies, the simulations are car-
ried out with systems ranging from a few dozen thousand to
a few million atoms. The “residence-time” algorithms are par-
ticularly suited to kinetics simulations performed through
point defects, and can help define a physical time scale. If
simulations are performed with a constant defect number,
yet this time has to be corrected so as to take account of the
fact that, in a real system, defect concentrations evolve with
the microstructure [12].

Fig. 36. Splitting of a Fe-20 at.%Cr alloy between an iron-rich
phase (�) and a chromium-rich phase (��), during a thermal aging
at 500° C. Only the Cr atoms located in the �� phase are
represented. Left: simulation by atomic kinetics Monte-Carlo,
right: 3D atom probe observation [10].
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In contrast with mean-field methods, the major advantage of
atomistic kinetic Monte-Carlo* simulations lies in providing
an exact calculation of the jump frequencies for each envi-
ronment within the framework of the selected energetic
model, as well as in directly taking account of the correlation
effects of point defects between successive jumps. This last
point is especially significant to describe the coupling phe-
nomena that govern the radiation-induced segregation*
[11]. On the other hand, heat fluctuations do occur of course,
which allows for a good description of the nucleation
processes [12]. Compared with the object- or event-based
Monte-Carlo simulations (see below), the atomistic Monte-
Carlo simulations do not require the definition of predefined
objects: the microstructural elements and their evolution
result from the individual jumps of point defects. The coun-
terpart is a longer computational time, which limits the use
of the AKMC methods to the first steps of phase transforma-
tions (Fig. 36).

Mean-Field Diffusion Equations
The complexity of the diffusion mechanisms, and especially
correlation effects, are suitably treated in AKMC. However, as
all the successive jumps have to be considered, the compu-
tational time may be long, and the physical times considered
remain limited. The modeling kinetics at a scale coarser than
the atomic scale requires to know how to deduce a macro-
scopic diffusion equation for atoms from the jump frequen-
cies of a point defect.

In concentrated alloys, this multiscale approach is more diffi-
cult to establish than in the diluted case, owing to the large
number of jump frequencies involved due to the variation in
the number of possible solute atoms near the point defect.
The first diffusion models rely on the Thermodynamics of
Irreversible Processes (TIP), which relates the atomic macro-
scopic fluxes to the thermodynamic forces through a gener-
alized form of the Fickʼs law, introducing phenomenological
diffusion coefficients. The latter, also called “Onsager coeffi-
cients”, or “Lij coefficients”, represent kinetic couplings
between fluxes. The TIP theory is currently used to interpret
the continuous evolutions of a concentration field, as those
appearing in a diffusion experiment, or the flux coupling phe-
nomena, which are quite significant under irradiation. As a
rule, a set of well selected diffusion experiments, combined
with calorimetric thermodynamic measurements, are to help
determine the variation in the driving forces and in the Lij coef-
ficients with the alloyʼs temperature and composition. Yet,
practically, these diffusion experiments can only be carried
out at high temperature, and the available data are not suffi-
cient to enable us to assess all of the flux couplings involved
in a given alloy.

So, the current trend is to cope with the complexity of a mul-
tiscale approach, all the more as current advances in the elec-

tronic structure computing methods can help consider a full
assessment of jump frequencies. The activation energies and
the attempt frequencies of point defects can be computed as
a function of the local concentration in solute atoms. When
the investigated system can be treated using a diffusion
Monte-Carlo simulation on rigid lattice, coefficients Lij can be
measured computing the mean quadratic path of the parti-
cles at equilibrium. In parallel to this numerical approach,
mean-field theories have been developed to understand the
effects of the diffusion mechanisms on the atomic fluxes (see
[1] for a review about diffusion models). The mean-field cal-
culation of coefficients Lij is however not so simple, for sev-
eral reasons. In an alloy, diffusion is ensured by a third
species, i.e. the point defect. So, an alloy contains three
chemical species, at minimum, i.e. two atomic species, and
the point defect. This three-species system entails that, when
a point defect is exchanged with an atom, the latter is chosen
in one of the chemical species or the other. In fact this com-
petition induces jump frequencies that leave the random path,
which constitutes the correlation effects. Assessing these
sequences, and especially the discrepancies with respect to
the random path that accompany a coupling between the
jump frequencies of the different populations, gets all the
more complex as the short-range order is high. It is worth
mentioning, by the way, that the short-range order is charac-
terized by the fact that the probability that a site is occupied
depends on whether the neighboring sites are occupied or
not. There mainly exist two theories that include the effects
of the short-range order on the calculation of the Lij coeffi-
cients, the Path Probability Method (PPM) [8], and the method
that we have developed, i.e. the self-consistent mean field
(SCMF) [9].

In this last approach, the time variation of the moments of
the distribution function is derived from the master micro-
scopic equation. The original feature of this theory is to
explicitate the correction brought to the equilibrium distribu-
tion function used to calculate the associated moments, and
to provide a self-consistent method to compute this correc-
tion. This theory was successfully applied to the study of the
short-range order effect, and was later on extended to the
diffusion mechanism through dissociated interstitial in vari-
ous crystallographic structures.

Beyond the calculation of the Lij coefficients at the steady
state, the mean-field methods can also be used to simulated
complex kinetics under irradiation [9]. This type of modeling,
which relies on deterministic diffusion equations, allows for a
fine description of the flux couplings and of their effect on the
variations in the composition of alloy near sinks of point
defects such as grain boundaries, surfaces, or dislocations
(Fig. 37). However, this approach does not make it possible
to study the nucleation-growth-type phase separations likely
to take place in the vicinity of these very defect sinks.
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Object Kinetic Monte-Carlo (OKMC)
and Event-based Kinetic
Monte-Carlo (EKMC) method
Treating all the successive atomic jumps, as is the case in
AKMC, can be avoided through an approximation that con-
sists in considering kinetics as the evolution kinetics of clus-
ters consisting of minority species and/or radiation-induced
point defects, without explicitly treating the majority species.
This proves well adapted to the case of an ideal material with
no impurity, or to the case of a dilute alloy. Thus, the system
is seen as a “cluster gas” (Fig. 38): the clusters diffuse in the
matrix consisting of the majority
species, react with one another and
can be thermally dissociated. The
basic diffusion mechanisms are taken
into account only effectively, through
the values of the diffusion coefficients
assigned to the various clusters. In
addition to the effective diffusion coef-
ficients, that can be determined by
AKMC calculations, the other parame-
ters of this model are mainly the clus-
ter formation free energies. These
parameters can be deduced from ab
initio or semi-empirical potential calcu-
lations for small clusters, and from
analytical calculations for clusters of a
larger size. Generally, a cluster is iden-
tified by its number of atoms of each
minority species, and its number of
point defects, and is assigned a given
shape. The various atomic configura-
tions of the clusters are taken into
account in the configurational entropy
terms of the formation free energy [5],
which, however, are often neglected in
practice.

As in the case of AKMC simulations, the systemʼs evolution
is based on the choice at each instant of each next event,
whose frequency of appearance is known, referring to a res-
idence-time algorithm. In the OKMC approach, an event may
be the jump of a cluster over an interatomic distance, the dis-
sociation of a cluster, or the generation of defects and clus-
ters under irradiation. The migration of clusters by succes-
sive atomic jumps can heavily penalize calculations, hence
the need for an additional approximation that consists in
replacing the migration events by the consequences of these
migrations, that is events consisting of reactions between
clusters, or of cluster absorption by sinks (surfaces, grain

Fig. 37. Around a dislocation in the Ni-Si alloy, flux lines (a) of vacancies, of silicon atoms at temperatures (b) T = 1,010 K, (c) T = 1,060 K,
and (d) T= 1,110 K. The initial distribution of Si atoms and vacancies is homogeneous. The dimensions are given in Burgers vector unit
(0.25 nm) for an edge dislocation in nickel originally positioned with a horizontal axis along the [11�0] direction and a vertical axis along the [111]
direction in the (112�) plane. The colors refer to the amplitude of the cosine for the angle between the flux direction and the radial vector
of dislocation f⃗, with the fluxes leaving the dislocation core in orange, those directed towards the core in blue, and those orthogonal to f⃗,
in white [13].
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Fig. 38. Event-based Kinetic Monte-Carlo modeling of an iron sample irradiated by electrons
at 4 K, and subjected to an isochronous annealing [4]. The system is represented at two
temperatures; the interstitial clusters are represented by tores (dislocation loops), and voids
by cubes. The iron atoms located on the sites of the body-centered cubic (bcc) lattice are not
taken into account in the simulation. At low temperature, the defects are mainly present as
Frenkel pairs (blue and yellow spheres, in the case of single vacancies and single interstitials
respectively), whereas at a higher temperature the migration of the interstitials entails
the generation of interstitial clusters, and a decrease in the number of defects due
to the recombinations with the vacancies.
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boundaries, etc.). This approach is known as the event-
based kinetic Monte-Carlo (EKMC) approach. It was partic-
ularly used for homogeneous precipitation in thermal aging
[5], and for resistivity recovery* ([4], and infra, pp. 137-140,
“Irradiation Defect Structure and Kinetics in Iron”).

Cluster Dynamics (CD)
Similarly to EKMC, Cluster Dynamics* is a “cluster gas”-
type approach. The input parameters are very close: these
are mainly the formation free energies of clusters and their
diffusion coefficients. In contrast with EKMC simulations, the
system is treated with a mean-field method. Thus, the vari-
ables of the problem are the concentrations of the various
types of clusters, which are assumed to be uniformly distrib-
uted in space. This assumption is not always valid; for exam-
ple, the spatial correlations between the radiation-induced
defects are often strong, which may make the use of this
method more delicate. In some cases, such as the simulation
of ion irradiations that induce a damage strongly dependent
on depth, it is useful to discard the assumption of homogene-
ity for the whole system. Then the system is considered as
cut out into slices, interconnected by the diffusion of mobile
species, the system being assumed as homogeneous in
each slice.

The systemʼs evolution is obtained through solving a set of
chemical kinetics equations in relation to the cluster concen-
trations. In many cases, the deterministic resolution of the
system of equations can help simulating the evolution over
long physical times, and reach high doses (several dozens
of dpa). As all the cluster classes are simulated, ranging from
the monomer to the clusters containing a few million defects
or solutes, the cluster nucleation, growth, and coarsening are
directly taken into account, as in the AKMC and EKMC
approaches. The resulting size distributions of the clusters
(interstitial loops, voids, precipitates) can be directly com-
pared with the experimental observations, e.g. through trans-
mission electron microscopy.

As an example, the cluster dynamics was used to simulate
the resistivity recovery in iron in presence of carbon ([7], and
infra, pp. 137-140, “Irradiation Defect Structure and Kinetics
in Iron”), point defect cluster formation under irradiation in
zirconium ([3], and infra, pp. 147-150, “Microstructural
Evolution of Zr Alloys”), or the homogeneous precipitation
of copper in iron (Fig. 39, [6], and infra, pp. 157-160,
“Microstructural Evolution of Vessel Steels Model Alloys”).

Thomas JOURDAN, Frédéric SOISSON

and Maylise NASTAR,
Nuclear Materials Department
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Dislocation Dynamics

Dislocation Dynamics* (DD) aims at investigating plastic
strain mechanisms at the grain scale (a few µm) through mod-
eling the behavior of all of the underlying23 dislocations* (see
the inset supra, p. 20, “Dislocations”). The motion of these line
(or linear) crystal defects, their mutual interactions, or their
interactions with the other microstructural elements (grain
boundaries, precipitates…) are responsible for numerous
mechanical properties of the material (strain hardening, fatigue
resistance, fracture toughness…).

By nature, DD is involved in a multiscale approach, and aims
at coupling molecular dynamics (see supra, pp. 43-44, the
chapter “Molecular Dynamics Simulations”) and crystal
plasticity (see infra, pp. 71-74, the chapter “Crystal
Viscoplasticity”). It integrates the basic physical mechanisms
studied by the first method (see infra, pp. 163-167, the chap-
ter “Ab InitioCalculation of Plasticity: Core Structure and Glide
Mechanisms of Screw Dislocations”, and see also, infra,
pp. 169-170, “Dislocation Mobility Modeling“), and aims at pro-
viding the second method with physically motivated behavior
laws. Besides, DD is used to investigate damage mechanisms
when the latter take place at the grain scale (see infra, pp. 171-
173, the chapter “Austenitic Stainless Steels”).

The first 3D dislocation dynamics code was developed in
France in the early nineties [1]. Since then, several codes have
been developed in France and abroad. Among the most sig-
nificant, let us quote the MICRO-MEGAS (CNRS-ONERA)
and TRIDIS (CNRS-Grenoble INP) codes for France, the
PARANOID (IBM T.J. WATSON), Parametric Dislocation
Dynamics (UCLA), and PARADIS (LLNL, UCLA) codes for the
United States, the code developed at the Karlsruher Institut
für Technologie in Germany, as well as the NUMODIS code
jointly developed by the CEA, the CNRS, and the INRIA.

Dislocation Dynamics principle
Dislocation dynamics modeling can help follow the evolution
of a set of dislocations, individually represented by the discon-
tinuity line of the displacement field over time, and under a
given mechanical load [2]. Each dislocation line is then discre-
tized by a succession of segments characterized by their
Burgers vector*, and their glide, and even climb, plane
(Fig. 40).

By comparison with molecular dynamics, this representation
results in a drastic decrease in the number of degrees of free-
dom necessary to the follow-up of an individual dislocation,
which help simulate broader domains over longer times. The
counterpart of this simplification is that the behavior rules of

Modeling Tools

23. The typical densities are 105 to 105 m/m3 approximately, i.e. a disloca-
tion length in the order of 1 mm to 1 m for a 10 µm sized grain.

Fig. 40. a) An “edge” dislocation. The occurrence of this dislocation induces a distortion of the crystal lattice characterized by the dislocation line
(outgoing normal vector) and by its Burgers vector b. The glide plane (blue dotted line) of this dislocation contains both the dislocation line
and its Burgers vector. Figure (b) shows the discretization into “screw” and “edge” segments used by the TRIDIS code to represent a curved
dislocation (black dotted line). Figure (c) shows the discretization of this same dislocation by a succession of segments of any orientation,
as used by the NUMODIS code.

b ca

b
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these individual segments (interactions, mobility…) have to be
explicitly introduced.

Once this representation is chosen, a Dislocation Dynamics
(DD) calculation is performed: it consists in integrating the
motion of the initial dislocations population over time. The com-
putational process varies from one DD code to another as a
function of the chosen physical models and numerical resolu-
tion methods. Yet, the three following steps can be distingui-
shed, succeeding each other at each time step.

Forces applied on dislocations

The interactions between dislocations segments result from
the distortion of the crystal lattice induced by their occurrence
[3]. They may be computed referring to the linear elastic
theory, basing on theoretical works carried out in the years 60-
70 [4], the relevance of which has been evidenced by numer-
ous studies [5], even at very fine scales. The stress field at anyR point of the simulation can thus be expressed as the sum of
the applied outer stress field �[jh and of the stress fields resul-
ting from each g dislocation segment:segments�(R) = �[jh (R) + § �g(R)g
The force per unit length \PL undergone by each dislocation
element is function of this local stress, of its Burgers vectorX, and of its direction given by the unit vector ξ. It is given by
the Peach-Koehler formula:

\PL = (� ⋅ X) × ξ.

Dislocation velocity

The displacement velocity (or rate) is expressed as a func-
tion of the Peach-Koehler force that is exerted on it through
a mobility law E:

\PL = E(i)

This mobility law contains a considerable portion of the mate-
rialʼs physics, and can be determined experimentally or by
modeling (see infra, pp. 163-167, “Ab initio Calculation of
Plasticity: Core Structure and Glide Mechanisms of Screw
Dislocations”. See also, infra, pp. 169-170, “Dislocation
Mobility Modeling“).

Collisions and recombinations of dislocations

According to their motion within a same grain, dislocations
may be multiplied as in the case of the Frank-Read mecha-
nism, be annihilated, or meet one another, thereby forming
junctions (Fig. 41a-b). They may also meet microstructural
elements, such as grain boundaries or precipitates, that will
then impede their motion (Fig. 41c). These interaction mech-
anisms have to be explicitly introduced in DD, and confer a
particularly dynamical feature to dislocations.

NUMODIS code
Basing on an old, well-established collaboration relating to
the TRIDIS code (see infra, pp. 171-173, “Stainless
Austenitic Steels Fatigue”), the Nuclear Energy Division
(CEA/DEN), the CNRS-Paris Est-Créteil, the CNRS-
Grenoble INP, and the INRIA (Bordeaux) have undertaken
since 2007 the development of a second-generation code

Fig. 41. a-b) Formation of a LOMER-COTTRELL junction in a face-centered cubic (fcc) material: the crossing of two dislocations (a) located in two
distinct glide planes results in the formation of a junction located (b) in the direction common to both planes. (c) Simulation of plasticity
in a cubically shaped grain (size: 1 µm) initially containing four Frank-Read sources of size 0.1 µm located at the center of the grain.
It can be observed that dislocations interact with grain boundaries stacking on them.
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named NUMODIS, the first version24 of which was delivered
in 2009. Its objective is to meet all of the DD modeling needs
of the CEA/DEN and the CNRS, integrating the specificities
of nuclear materials, on the one hand, and using high-
performance computing, on the other hand, so as to allow
the modeling of sufficiently significant volumes and times. An
example of result obtained with the NUMODIS code is given
in Figure 42.

Among the specificities of this code, it is worth mentioning
(a) the handling of all the crystallographic structures of inter-
est (body-centered cubic (bcc) structure for vessel steel,
face-centered cubic (fcc) structure for austenitic steels, and
hexagonal close-packed (hcp) structure for zirconium (see
infra, pp. 147-150, “Microstructural Evolution of Zr Alloys”),
(b) the explicit treatment of radiation-induced defects [6] and
[7], such as Frank loops, or tetrahedral stacking faults,
through taking account of their Burgers vectors and manag-
ing the stacking faults, (c) the ability to integrate glide or
climb [8] mobility laws , and (d) the integration of this code in
the simulation platform MATIX, which enables it to use real-
istic microstructures generated by the MICROGEN module,
or to be coupled with the CAST3M code in order to get com-
plex geometries and stresses.

Laurent DUPUY,
Nuclear Materials Department
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Fig. 42. Simulation of the interaction of an “edge” dislocation with a population of radiation-induced loops (loops of type <100>, density 6.1022 m-3,
size 2.6 nm). a) The dislocation appears in blue, and the radiation-induced defects in red. b) Stress-strain curve for a shearing in the glide plane
of the “edge” dislocation. This curve is used to measure the hardening induced by the occurring loops, and thus to refer to the crystal plasticity
laws (see infra, pp. 69-72, “Crystal Viscoplasticity”).
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Generating Materials Microstructures
for Simulation

Numerical simulations on microstructures* are used in
order to evaluate the homogenized behavior of the material
(see infra, pp. 75-79, “Homogenization Methods in
Mechanics of Continuous Media”), and/or to conduct detailed
studies on stress, strain, or damage distributions at a local
scale. These calculations rely on a representation of the
microstructure as one or several unit cells. These unit cells
can be directly issued from 2D (optical or electron
microscopy, EBSD…), or 3D (X-ray tomography) experimen-
tal imaging devices. They can also be simulated, being then
referred to as “virtual microstructures”. In this case, the sim-
ulated cell has to be the most possible representative of the
investigated microstructure.

Real microstructures
Here the aim is to use the real microstructure of materials,
basing on images discretized in pixels (or voxels, for 3D
images) according to a regular orthogonal meshing, and
obtained by various experimental microscopy techniques.
These numerical images can then be used directly within a
mechanical simulation code, generally after a digital treat-
ment (filtering, thresholding, etc.). Among the experimental
imaging techniques broadly used for this purpose, let us
mention EBSD* (Electron Back Scattering Diffraction), that
can be used to get a 2D image of the crystalline orientation
of the grains observed on the surface of a polycrystal

(Fig. 43a) [1], and X-ray tomography, that provides a 3D
image of the X-ray absorption coefficient so as to separate
some constituents or porosities within a material (Fig. 43b)
[2].

Generating virtual microstructures
The interest of tools for generating virtual microstructures is
to be able to modify some characteristics of the microstruc-
ture in a simple manner, and also, in the case of random
microstructures, to be able to modify the size of unit cells,
and generate different realizations, equivalent from a statis-
tical viewpoint. Thanks to these tools, it is then possible to
estimate the minimum size of the cell to be representative of
the material property under investigation (Representative
Elementary Volume, REV). On the other hand, regarding
polycrystalline materials, 3D EBSD is still too little dissemi-
nated to be currently used, and so polycrystalline microstruc-
tures are conventionally represented by a partitioning into
VORONOI cells (Fig. 44a) [3].

Various CEA teams have worked on this issue, and a capi-
talization work is underway in the form of a module (MICRO-
GEN) of the software platform MATIX (Multiscale Materials
Modeling and Simulation Platform). This partitioning into
Voronoi cells has also been used to generate microstructures
representative of polycrystalline alloys of zirconium, with a

Modeling Tools

Fig. 43. a) Meshing built from an EBSD “image” of a coarse-grained zirconium alloy test specimen. b) A regular cubic meshing built
from a 3D image obtained by X-ray-tomography of a SiC/SiC composite material (in red, the material, and in blue, the porosity).
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phase growth at the grain boundaries (Fig. 44b) [4]. It is also
worth noting other types of extensions achieved to introduce
different forms of inclusions, thereby reproducing microstruc-
tures representative of concrete (Fig. 44c) [5].

If comparing real and simulated microstructures has been
restricted to a qualitative agreement for the above mentioned
microstructures, a more quantitative confrontation estab-
lishes the multiscale homogenization procedure on a solid
basis. Such an approach has been implemented on SiC/SiC
composite materials [6] at the tow scale (see the description
of SiC/SiC composites, infra, pp. 197-199, “Mechanical

Behavior and Damage of SiC/SiC Composite Materials”);
real and virtual microstructures have been confronted basing
upon various statistical descriptors. Figures 45a and 45b
show the good qualitative agreement, while Figure 45c dis-
plays the quantitative agreement, here observed on the
radial distribution function of fiber centers.

At a higher scale, tools for generating woven microstructures
were also developed for SiC/SiC composites. Simulated
microstructures were compared again with the experimental
microstructures (Fig. 46) for which 3D images had been
obtained by X-ray tomography.

Fig. 44. Examples of meshing in (a) a polycrystalline microstructure, (b) a two-phase microstructure with a phase growth at the grain boundaries,
and (c) a “concrete” type microstructure consisting of spherical and prismatic inclusions randomly disseminated within a matrix.
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Fig. 45. Examples of real (SEM image) (a), and simulated (b) unit cells, and confrontation of the microstructures through the radial distribution
function of the fiber centers (c) in a SiC/SiC composite material.
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Now we can rely on tools to perform a realistic simulation of
the polycrystalline materials and composites microstructure,
an input data for numerical homogenization methods (see
infra, pp. 75-79, “Homogenization Methods in Mechanics of
Continuous Media”).

Lionel GÉLÉBART, Fabien ONIMUS

and Ludovic VINCENT,
Nuclear Materials Department
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Fig. 46. Image of a SiC/SiC tube obtained by X-ray tomography (a). Virtual unit cell (b). Comparison between the evolutions of the porosity
surface fraction as a function of the radius for two tomographies of tubes, and for the simulated cell (c).
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Crystal Viscoplasticity

Crystal viscoplasticity* is part of mechanics of continuous
media at the crystal scale. It helps translate discrete pheno-
mena, such as gliding, and dislocation multiplication/annihila-
tion, using continuous variables, which somewhat constitutes
the first step of a broader length scale change between the
collective behavior of dislocations in a grain, and the elasto-
visco-plastic macroscopic behavior of the material. The
various techniques that provide a bridge between the beha-
vior of a grain described by crystalline plasticity and that of a
polycrystal are presented in a specific chapter (see infra,
pp. 75-79, “Homogenization Methods in Mechanics of
Continuous Media”).

A large number of crystal viscoplasticity laws exist according
to the type of material and behavior that is to be represented:
monotonous or cyclic, viscous, thermally activated or not.
Beyond these differences, the following points are still com-
mon to crystal viscoplasticity laws:

• A partition of plastic deformation as plastic gliding on the
various slip systems of the material: �ε̇e = ∑g �Np�ṗ, where�Np = ¹–₂ (�dp⨂ �cp + �cp⨂�dp ) is the Taylor matrix which helps
orient each slip system in space thanks to the normal to the
glide plane �dp, and the glide direction, �cp.�ṗ being the visco-
plastic gliding increment on the slip system S;

• The calculation of a Resolved Shear Stress* (RSS) �p on
each slip system as an inner product between the Taylor
matrix Np and the local stress tensor ��:�p = �Np: ��;

• The calculation of a Critical Resolved Shear Stress*
(CRSS) �tp that has to be exceeded for the glide of a system
to be activated at a given temperature, and in which the
mutual interactions between the various slip systems are
involved by means of internal variables. The solid solution,
the occurrence of precipitates, the Peierls valleys… can also
be involved.

• A flow law relating the viscoplastic glide increment of a sys-
tem �̇p to the resolved shear stress �p and to the critical resol-
ved shear stress �tp;

• Evolution laws of the modelʼs various internal variables as a
function of the gliding increments on each system.

In order to facilitate the transfer between discrete dislocation
mechanics (see supra, pp. 63-65, “Dislocation Dynamics”) and
mechanics of continuous crystalline media, most of current
crystalline behavior laws include as internal variables disloca-
tion densities per system �p, whose evolution obeys a law of
type [3]:

|��p| 1��p = —— ¯ — – k�p ° (1)X Mp
with X the norm of Burgers vector, Mp the mean free path, or
distance traveled by a dislocation segment before it is pinned
by interaction with the microstructure, and k a maximum anni-
hilation distance between two dislocations of opposite signs.
The mean free path depends on the dislocation densities pre-
sent on all the systems encountered by the active system, as
well as on the grain size.

As a final step, applying the continuum mechanics framework
of large finite transformations to crystal materials [5] makes it
possible to reproduce the crystalline rotation that occurs to
accommodate the strong levels of plastic strain [4].

A few examples of crystal
viscoplasticity application
to nuclear materials
Structural materials in nuclear power plants undergo various
loads or damages, among which some mechanisms can be
advantageously described at the scale of crystal plasticity.
Three examples of applications at the CEA are presented in
the following pages.

Martensitic steels fatigue and creep
at high temperature

Martensitic steels are potential candidates as structural
materials for GEN IV reactors. It can be observed experi-
mentally that their very thin microstructure, consisting of sub-
grain boundaries, gradually vanishes during the deformation,
which results in a notable softening of the material. Sub-
boundaries can be represented as arrays of dislocation sets
[7] displaying an angle of misorientation �p , the evolution of

Modeling Tools
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which depends on viscoplastic glide, e.g. in the case of a
symmetrical tilt boundary consisting of edge dislocations [2]:

–k��p = — �p|��p|X
The equation for the evolution of dislocation density is simi-
lar to (1), with the additional term – q–s ¹—su �p|�� p|, that repre-
sents the annihilation of the mobile dislocations with the sub-
boundary dislocations. The predicted decrease in the
dislocation density, and growth of the sub-grain size, Z, make
it possible then to describe the observed softening. Screw
and edge dislocations are differentiated due to their different
annihilation kinetics.

At high temperature, under the effect of vacancy diffusion,
the dislocation climb mechanisms are active, and speed up
the annihilation mechanisms between dislocations [1]. As
these mechanisms take account of stress, and of the possi-
ble vacancy supersaturation, they can also be integrated in
a crystal viscoplasticity law [1].

Comparisons between predictions and experimental data are
detailed in the chapter “Strain and damage of tempered
martensitic steels at high temperature” (see infra, pp. 175-
179).

Irradiation hardening

Irradiation hardening results from the interaction of disloca-
tions with defects induced by neutron irradiation. Molecular
dynamics and dislocations dynamics can provide quantita-
tive information about the “pinning forces”25 α_ff of the obsta-
cle configurations associated with these defects at which dis-
locations are pinned. As the density �p_ff of these defects on
each slip system is known, irradiation hardening +�p_ff can
then be introduced by the following Taylor relation:��+�p_ff = α_ff �X £�p_ff
with �, the materialʼs shear modulus. At low temperature, in
body-centered cubic (bcc) iron, the mobility of screw dislo-
cations is strongly reduced compared with that of edge dis-
locations. It can then be seen that plastic glide directly
depends on the length of the screw segments formed, which
in turn depends on the mean distance between the obsta-
cles at which dislocations are pinned. Irradiation hardening
can then be introduced by recalculating the mean distance
between obstacles, reduced by the addition of irradiation
defects in the microstructure.

The density of radiation-induced defects may happen to
decrease on active slip systems due to a clean-up mecha-
nism during dislocation progress. This mechanism, in which
originates, in particular, the formation of clear bands in
strongly irradiated materials (zirconium alloys or austenitic
stainless steels) [Fig. 47] can be translated by the following

Fig. 47. Clear bands in an austenitic stainless steel irradiated with neutrons, and then deformed [8]. a) Shearing of clear bands in a primary
system by those of a secondary system (red arrows), and (b) deformation in the vicinity of a grain boundary (full lines) impacted by a clear band
(dotted lines).
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25. Also referred to as “obstacle forces” or “impeding forces”.
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relationship [6]: ��p_ff = – m–s �p_ff|�� p|, where the J coefficient
corresponds to the dislocation capture distance of the radi-
ation defect. This decrease in the number of defects on the
active slip systems induces a softening which favors the
localization of strain at all scales, ranging from the grain to,
possibly, the macroscopic tensile specimen.

The intense localization of strain in bands results in the for-
mation of a composite microstructure at the very grain scale
(Fig. 48a). The strong localization of plastic strain in these
bands induces significant incompatibilities of deformation
between the bands and the neighboring grains (Fig. 48b) that
generate a significant kinematic strain hardening* (“back
stress”). The latter may also be taken into account in crys-
talline laws through an intragranular back stress term (of the
ARMSTRONG-FREDERICK type) in the flow law [6]:

|�p–jp| – �tp��p = ⟨—————– ⟩o g_]d (�p – jp ),Lj�p = F��p – G�jp |��p|,
where L, d, F et G are material-dependent parameters.

In order to precisely calculate the local stress fields, one or
more localization bands whose behavior differs from that of
the grain in which they have occurred, can be introduced in
a finite element calculation using crystal plasticity laws
(Fig. 47a).

Strain localization

The localization of strain as bands at the grain scale is a phe-
nomenon to be observed in fatigue, too, or even under
monotonous loading, and which can so be investigated with
the same types of numerical tools. On the other hand, dur-
ing uniaxial monotonous or cyclic loading, plastic strain in
face-centered cubic materials chiefly results from a single
glide in most grains for which the ratio between the second-
ary and primary SCHMID factor is sufficiently low (tensile direc-
tions at the center of the standard triangle, Figure 49a, “well-
oriented” crystals).This type of behavior is not correctly
described by most of crystal plasticity laws based on
isotropic and kinematic strain hardening* (“back-stress”).
The single glide is imposed in the well oriented grains, and
two distinct behavior laws are applied according to whether
the crystal is in single glide (glide bands), or multiple glide
(cells, labyrinths…) in agreement with experimental data
(Fig. 49b) [9]. The identified parameters are a critical
resolved shear stress common to all grains, and a set of two
ARMSTRONG-FREDERICKS parameters of non-linear back-
stress per family of orientations. The macroscopic behavior
of polycrystals can then be suitably predicted by only relying
on the knowledge of the experimental curves measured on
single crystals (see the following chapter).

Fig. 48. Introduction of bands for strain localization into a grain embedded in a polycrystalline matrix. The thickness and length of the bands are
denoted t and L (in relation to the grain size) (a); the intergranular stress field, �d(f), which results from the interaction of this band with a grain
boundary as a function of the distance to the impact point of the band, f (b).
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Fig. 49. a) Definition of the single or multiple gliding areas as a function of the direction of loading in a grain subjected to a tensile-compressive
stress. The criterion is based on comparing the ratio between secondary and primary resolved stresses with a critical value identified thanks
to the observations of dislocation microstructures. b) Identification of the stress-strain behavior as a function of the type of gliding, either single
or multiple (<-149>, the direction for which only one slip system is activated; <100>, the direction for which several slip systems are activated.
The simulations (lines) are compared with the BUQUE and BOCHWITZ experimental values (symbols).
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Homogenization Methods
in Mechanics of Continuous Media

Homogenization* methods in mechanics of continuous
media aim at evaluating the macroscopic (or average)
behavior of a heterogeneous material basing upon the
knowledge of its microstructure, and on the mechanical
behavior of each of the phases constituting the material
(Fig. 50).

Analytical approach
to homogenization
The analytical approaches to homogenization are used to
deduce the homogenized behavior of the material starting
from a statistical description of the latter [1,2]. In the case of
a polycrystal, this statistical approach is considered quite nat-
urally, given the very large number of grains contained in the
Representative ElementaryVolume* (REV). The grains are
considered individually: they are replaced by the notion of
“crystalline phase” (designed by the ] index), which regroups
all of the grains having the same crystallographic orientation,
characterized by the three Euler angles (φ1, �, φ2), and the
related volume fraction of grains (\]) [Fig. 50]. In this descrip-
tion, the grains with the same orientation are undiscernible,

and have no specific geometric position within the polycrys-
tal. Moreover, the crystal phase is deemed to be homoge-
neous, as the heterogeneities of lower dimensions are neg-
lected. So the stress and strain fields in each crystal phase
are estimated on the average. Nevertheless, the intraphase
heterogeneity can be taken into account statistically using
some approaches, as that of BRENNER et al. [3]. In order to
describe interactions between the polycrystalline grains, a
“mean-field” type statistical approach is adopted. It consists
in considering that, given the large number of grains in the
REV, the neighborhood effects on a unique grain can be
seen on the average as equivalent to the mechanical inter-
actions that would be undergone by the corresponding crys-
tal phase (i.e. all the grains displaying the same orientation)
in inclusion in a homogeneous medium, whose behavior is
that of the Equivalent Homogeneous Medium (EHM). For the
polycrystals consisting of equiaxial grains randomly distrib-
uted, the representative inclusion has a spherical shape.
However; in order to determine the response of the crystal
phase interacting with the EHM, it is necessary to know the
EHM behavior: now, in this very value lies the unknown of
the problem.

Formalizing this self-consistent scheme
results in an implicit equation whose
resolution, in the most general cases,
requires the establishment of a specific,
complex procedure (Fig. 50) [1].

At the CEA, several approaches of this
type were implemented in the case of
9% Cr alloys, of oxide dispersion
strengthened (ODS) steels, or of zirco-
nium alloys. The crystalline laws char-
acterizing the behavior of the polycrys-
talʼs grains are those presented in the
chapter “Crystal Viscoplasticity” (see
supra, pp. 71-74). In the case of irradi-
ated zirconium alloys, the polycrys-
talline model developed could be
validated, on the one hand, at the
macroscopic level in specific tests
reported in literature, and, on the other
hand, in observations performed in
transmission electron microscopy
(TEM) [4]. This model especially
helped predict the behavior of zirco-
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Fig. 50. Illustration of the homogenization approach in the case of a polycrystal.
Description of the polycrystal as crystal phases, and principle of the self-consistent scheme.

Polycrystal Equivalent homogeneous medium
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nium alloys in testing conditions not yet experienced by the
available experimental techniques. These simulations imple-
menting a hierarchical approach have also helped justify the
choice of the operational empirical model formalism.

Numerical approach
to homogenization
In parallel to analytical approaches, the numerical approach
consists in estimating the homogenized behavior of the
material starting from a mechanical calculation performed on
a unit cell such as those presented in the chapter
“Generating Materials Microstructures for Simulation (see
supra, pp. 67-69). Yet, except in the case of periodic
microstructural materials, the materials generally display a
random microstructure (as, e.g., in the case of polycrystals,
or of composite fibers). So it is necessary to simulate, not
one unit cell, but a large number of unit cells, so as to deduce
the average behavior, which is then an estimate of the
homogenized behavior [5,9]. On the other hand, it also
proves necessary to ensure that the result obtained is not
too dependent on the choice of the boundary conditions, or
on the size of the cells used for calculations, since the cell
size has to be sufficiently large in relation to the heterogene-
ity of interest.

Various procedures have been introduced in the CAST3M
finite element computational code [10], in order to make eas-
ier the implementation of this numerical homogenization
approach, particularly to define the boundary conditions and
to evaluate the average behavior of a unit cell. On Figure 15
[5,6] (see details in the legend) we can observe that, on the
one hand, the mean behavior tends to the homogenized
behavior of interest when the cell size increases, and, on the
other hand, that the best convergence is obtained with period
boundary conditions.

In parallel to the finite element method, alternative methods
based on the Fast Fourier Transform (“FFT methods”), that
experience a full boost in the “materials mechanics” commu-
nity, are under development at the CEA. This method relies
on an iterative resolution of the linear elastic problem written
as the LIPPMANN-SCHWINGER integral equation [11,13]:

� + �0 * " Y – Y0!: �# = H
where H refers to the mean strain imposed, � refers to the
unknown strain field, Y to the heterogeneous elastic property
field within the cell, Y0 to the elastic properties of a homoge-
neous reference material on the cell, and �0 to the Green
tensor related to this medium. At each step of the iterative
algorithm, the convolution product here is evaluated merely
in the Fourier space, thereby drawing benefit from the high-
performance FFT algorithms.

Fig. 51. Homogenization of SiC/SiC composites at the tow scale (see Figure 45 in the chapter “Generating Materials Microstructures for
Simulation”, supra, pp. 65-67). Evaluation of the K11 coefficient of the mean elasticity tensor (1 = direction perpendicular to fibers) as a function
of cell size (� = cell dimension / fiber diameter), and of the choice of Periodic Boundary Conditions (PBC), MIxed Boundary Conditions (MIBC),
or Homogeneous Strain Boundary Conditions. On this graphic, each point is the result of the average of a large number of calculations
performed on various unit cells. An example of stress field related to these calculations is also put forward (right figure).
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Confronting analytical
and numerical methods
of homogenization
Recently, works have also been conducted at the CEA with
a view to comparing the (full-field) numerical, and (mean-
field) analytical homogenization approaches. Here the
elastoplastic framework has been selected, which has justi-
fied the use of classical models: KRÖNERʼs thermoelastic
model, and HILL-HUTCHINSONʼs elastoplastic incremental
model. In order to give a general feature to these results, var-
ious face-centered cubic metals have been considered: alu-
minum, copper, austenite, nickel… Crystal plasticity laws

have been identified only from experimental data obtained
on single crystals under monotonous or cyclic loading. Thus,
a broad range of elastic modules, critical resolved shear
stresses, and strain hardening coefficients has been taken
into account. Whatever the material of interest, the monoto-
nous or cyclic macroscopic curves predicted by the HILL-
HUTCHINSON model differ by less than 5% from those pre-
dicted by the finite element method [8], for plastic
deformations going up to 10-2 (Fig. 52) [14].

At the polycrystalline scale, the agreement between the pre-
dictions and the experimental curves is generally satisfac-
tory (Fig. 53) as no crystalline parameter is identified with the
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Fig. 52. Predictions of the cyclic strain hardening curves obtained by the mean-field models or the finite element method: a) nickel; b) aluminum.
The identification of the crystal plasticity parameters is carried out at the monocrystalline scale (Fig. 49 in the chapter “Crystal Viscoplasticity”,
supra, p. 72) [8].
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help of these curves. These conclusions are valid for
316L(N) austenitic stainless steels [14,15] as well as for
nickel [8], copper, and aluminium [15]. At the grain scale, the
internal stresses are close to the values measured by X-ray
diffraction [8].

Finally, numerical homogenization calculations were per-
formed on a large number of polycrystals representative of a
vessel steel after identifying a crystalline behavior law based
on the experimental macroscopic response of the material.
In order to limit the computational times in this step of param-
eter identification, an analytical homogenization method has
been used. Once selected the crystal law parameters, the
series of grain aggregates calculations has been initiated,
and has led to a good agreement between the macroscopic
response averaged on all of these calculations, and that pre-
dicted by the homogenization model. Experimental results
of in situ neutron diffraction measurements have then helped
validate this type of homogenization numerical approach at
the local scale, comparing the experimental and simulated
values of mean stress in some crystal phases [7].

Lionel GÉLÉBART, Fabien ONIMUS, Maxime SAUZAY

and Ludovic VINCENT,
Nuclear Materials Department
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The ultimate term of a tensile or creep test is the specimenʼs
fracture (or failure). This fracture may be ductile* or brittle*,
that is with or without plastic deformation. Let us consider
here the second case (brittle fracture), where the two sur-
faces of the broken specimen can be put again in contact with
one another up to the atomic scale.

If we try to separate two crystalline planes of a material under
tensile stress (the “I mode»), a tensile stress has to be
exerted, that depends on the Young modulus V, and on the j
variation in the gap between the planes. This stress first
increases linearly with j, reaches a threshold value corre-
sponding to the cleavage theoretical stress, and then falls
back to zero beyond an alpha distance between the now
cleaved planes. The simplest form describing this stress-dis-
placement relationship is a sinus function:V.� �.j� = —–. g_d  ——¢,�.Z �
where Z is the gap between the atomic planes, and � the dis-
tance beyond which the interaction between the crystal
planes gets null. The surface energy of the cleavage is the
work required to separate the planes, that is:V.�2� = —— .�2.Z
The surface energy density of materials is an approximate
1 J/m2. The theoretical cleavage stress is the maximum value
of the sinusoid, that is:V.� �.V 1/2��w = —–. g_d  ——¢,�.Z Z��w generally takes very high values, in the order of 10 GPa,
i.e. much higher than the fracture stresses observed on real
materials, in the order of 100 MPa. As a matter of fact, the
fracture results from microscopic defects occurring as cracks
in the material, which focus the stress at crack tip. Let us con-
sider an elliptical crack of length 2l, and of radius of curva-
ture � at crack tip: the elasticity theory states that the crack
tip stress �c is 2.(b /�)1/2 times higher than the mean stress in
the material (Fig. 54).

The brittle fracture of the cracked material takes place if �c
exceeds the theoretical cleavage stress ��w , which happens
if the macroscopic stress � exceeds:1 �.�.V 1/2�}�|� = —  —-—¢,2 Z.b
Now, the minimum radius of curvature at the crack tip is in
the order of the interatomic distance Z, that is:�.V 1/2�}�|� ≈  ——¢ (Griffith criterion*).b
The experiment shows that the product of the square root of
the defect length (b) and of the fracture stress (�}�|�) is
roughly constant.

The quantity L ≡ (2.�.�.V)1/2 is an intrinsic quantity of the
material, referred to as “stress intensity factor*”, that char-
acterizes its fracture toughness* (brittle fracture strength).
It is conventionally measured by toughness tests on notched
specimens (Charpy test). It is expressed in Pa.m1/2. KnowingL informs about the level of macroscopic stress from which
a crack of given length can spread through the material.

Simple calculations above mentioned have hardly more than
a pedagogical value focusing attention on key notions and
main orders of magnitude. In fact, things are more complex
in as much as the materialʼs fracture may also be induced by
shear stresses (mode II and III fracture). Besides, even in a
“brittle” fracture, there is often an area at the crack tip where
the material undergoes a plastic deformation in which stress
relaxation and fracture energy dissipation take place. Then
we enter the more complex domain of ductile fracture.

Materials Fracture

Fig. 54. Material under tensile stress, exhibiting an elliptical crack.

�
� b �c
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Local Approach and Probabilistic Approach
to Materials Fracture

Local approach to fracture
The principle of the local approach to fracture is to describe
the damage* mechanisms at the scale of a volume whose
behavior can be assumed to be related to continuum
mechanics and standard plasticity. This “Representative”
Elementary Volume (REV*) constitutes the basic brick of the
model in which the evolution of damage is described.
Damage is generally represented by a scalar in an evolution
law that is a function of some components of the mechani-
cal fields prevailing in the elementary volume. This evolution
law obtained by modeling of the mechanism has to be exper-
imentally validated. Two cases can be distinguished: one in
which damage does not significantly alter the REV mechan-
ical behavior, and one in which damage is coupled with the
behavior.

In the cases when damage is not coupled with the mechan-
ical behavior, integrating the evolution law during the load-
ing, and comparing with the critical value experimentally
determined allows the instant of fracture to be defined. This
calculation is carried out after treating an elastoplastic cal-
culation of the structure to be analyzed.

With a view to describing the cases when damage is cou-
pled with the mechanical behavior, the variable standing for
damage is often introduced into the plastic potential used for
evaluating mechanical fields in the REV. In this case, dam-
age may introduce a softening behavior which competes with
the materialʼs strain hardening. So the damage evaluation is
carried out simultaneously with that of mechanical fields, and
the instant of REV fracture can be directly determined by the
stress drop in the REV due to damage expansion. The inter-
est of this approach is to simulate a gradual damage evolu-
tion of the material, and the related redistribution of the
mechanical fields, thereby allowing the description of crack
propagation.

Probabilistic approach to fracture
A major asset of the local approach to fracture is that it can
be used to reproduce the dispersions of materials fracture
properties. For this purpose, a physical parameter statisti-
cally distributed is introduced into the damage evolution law.
As the mechanical fields are not homogeneous, due to the
geometry and loading of the simulated volume, the random
sampling of the damage parameter in different successive
events will result in different values for the critical value at

incipient fracture, thereby reproducing the materialʼs ductil-
ity dispersion. In addition, as the REV size is constant, all the
homothetic structures will have different distributions of frac-
ture instants. Particularly, for an equivalent loading level, the
larger the volume under loading, the easier the initiation of
the fracture.

Here we can see that such an approach potentially allows for
a probabilistic description of fracture, as well as the predic-
tion of the scaling effects. In the cases of sudden fracture, the
probability of macroscopic fracture can be obtained applying
the weakest link principle, according to which the material is
said to be broken when one of the constituting REVs is bro-
ken. Alternatively, if the REV fracture events are independ-
ent, the survival probability of a volume of material U is the
product of the survival probabilities of each of the constituting
REVs. Thus the fracture probability of U under a � loading will
be expressed as follows:

Pf (U, �) = 1– Π [1 – Pf (U0, �)] (1)U0∈ U
When several fracture mechanisms are competing, this
expression can be generalized, the survival probability of theU volume being the product of the survival probabilities cou-
pled with each mechanism [5].

The example of reference modeling of the local probabilistic
approach to fracture is the BEREMIN model for the fracture of
low alloy steels through transgranular cleavage [3]. In this
model, the fracture by transgranular cleavage of a represen-
tative elementary volume (REV) is obtained when this vol-
ume is undergoing plastic strain, and the strongest main
stress reaches a critical stress. The fracture of this REV is
subjected to a probabilistic approach considering that the
particles which the microcracks responsible for fracture arise
from, have a size following a power law-type asymptotic dis-
tribution. For a volume consisting of several REVs, the prob-
ability of cleavage fracture is then written as follows:

�� (�) nPf (U, �) = 1 – [je ± –  ———¢ ², (2)��
where �� is referred to as “WEIBULL stress”, and c and ��,
are characteristics of the material that particularly depend on
the exponent of the power law describing the asymptotic
behavior of the size of the particles above mentioned. This
illustrates the ability of the local approach to take account

Modeling Tools
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of some microstructural aspects of materials, thereby estab-
lishing a relationship between mechanics and metallurgy.
This ability constitutes a determinant advantage of the local
approach to fracture, and does ensure, indeed, a good trans-
ferability of materials properties determined in laboratory to
industrial structures.

Damage and fracture
in the elementary volume
Till now we have considered the representative elementary
volume as a homogeneous volume in terms of behavior. The
recent development of techniques for modeling crystal
microstructures and behaviors allows the REV to be
described as a set of domains with distinct mechanical prop-
erties.

As regards metallic materials, the REV can be considered
as an “aggregate of grains” characterized by their geometry
and crystalline orientations, in which the mechanical fields
are heterogeneous. These fields can be either directly used,
or represented by statistical distributions to depict the REV
damage and fracture more finely than formerly. An example
of application of this alternative is presented in the chapter
“Physically-based Modeling of Zirconium Alloys Mechanical
Behavior Before and After Irradiation, and in Accidental
Conditions”, infra, pp. 193-196.

Modeling crack networks
The previous probabilistic description first considers that
events are independent, and second, that the failure takes
place as soon as the first REV is failed. In some situations,
such as the case of fatigue damage, a large number of
cracks may occur without however inducing the structureʼs
failure. The initiation of these cracks and their propagation
then depend on the materialʼs existing state of damage: a
schematic diagram of the phenomenon is shown on the next
page [4]. Among all the sites that are potentially likely to ini-
tiate a new crack (red dots on Figure 55), only those (white
dots) located outside the discharge areas* (orange) sur-
rounding the already existing cracks can effectively initiate a
crack. Similarly, the smallest cracks will be arrested when
they fall down to the discharge area of larger cracks.

In order to model this type of gradual damage, attention is
focused on the neighborhood surrounding a D defect liable
to initiate a crack at O cycles, and in which no crack is to be
encountered. In fact, the area of interest depends on the
number of cycles Or during which a crack can be initiated, or
more precisely the number of cycles during which this crack
is going to propagate, i.e. (O-Or) cycles. The sooner a crack
emerges, the more its size has increased by propagation,
and, consequently, the more distant this crack has to be from
D when being initiated, so as to avoid screening (Fig. 55a).
Basing on a Poisson distribution, the basic probabilitye{s~ (Or) not to find any new crack at Or cycles in a W{s~v (O-Or) area can be written as follows:

——— Z�� (Or)e{s~v (Or) = [je ± – ——–— W{s~v (O-Or) ZOr² ,ZO
with �� (O) the density of the cracks likely to be initiated inde-
pendently of any neighboring effect. The notion of weakest

Fig. 55. Evolution in the damage of a material by multiple cracking. The big cracks impede the nucleation and propagation of the cracks located
in their obscuration zone, in which the stress field is locally relaxed.

N = 0 N = Ni1 N = Ni2 N = Ni3 N = Ni4

Obscurate site Active crack surrounded with its obscuration zone Arrested crack surrounded with its obscuration zone
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link is then used again [Eq. (1)], considering that one defect
at least has to be found in one of the W{s~v (O-Or) areas sur-
rounding the D defect to prevent the latter from initiating a
crack after O cycles, which can be written as follows:

O ———
O Z�� (Or)P{s~v(O)=1– ∏ e{s~v(Or)=1– [je ±– ¥ ——–— W{s~v (O-Or) ZOr²Or=Oc_d Oc_d ZO

(3)

In fact, this obscuration probability is a damage variable of
the material that also makes it possible to calculate the den-
sity of initiated, or active (still propagating) cracks.

An application of this modeling is put forward on Figure 56b
and c, in the case of cyclic thermal shocks inducing a fast
decrease in loading, and crack arrest in the materialʼs thick-
ness. This type of loading then favors the initiation and prop-
agation of multiple cracks on the specimen surface, where
the loading is still high. Hence the occurrence of dense net-
works of macroscopic cracks.

Yet, this type of model can also be applied to the case of con-
ventional uniaxial, isothermal fatigue stresses (of the ten-
sile/compressive type), and then it can be observed that the
evolution of the very first steps of crack network expansion
can be predicted, before a macroscopic crack gets predom-
inant with respect to all the neighboring cracks (Fig. 57).

Fig. 56. a) Definition of the Space-Number of cycles area in which the D defect can initiate a crack after N cycles only if no defect can be found
in this area. b) Evolution of the obscuration probability P{s~v. c). Evolution of the initiated �y and active �y| crack densities. Application
to the case of cyclic thermal shocks generating a fast decrease in the loading, and crack arrest in the materialʼs thickness (conditions favorable
for developing a broad surface crack network).

Fig. 57. a) Evolution in the density of the cracks likely to be initiated on the grain scale under uniaxial fatigue loading. Model / experiment
comparison on a type 304L austenitic stainless steel at room temperature. b) Experimental measurements of crack density evolution on another
type of stainless steel (316L) as a function of the ratio of the N number of cycles to the NR number of fracture cycles, and as a function of crack
size (Type I: one grain size, Type II: two grain sizes, Type III: over three grain sizes). From [2]. c) Prediction based on the probabilistic model
of progress in the same crack size evolutions. From [6].
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This result is partly related to the probabilistic law selected
for crack initiation at the microscopic scale [6].

Finally, the predictions of this type of probabilistic model have
been successfully compared with some finite-element 3D
stochastic simulations which involve random sampling for the
numbers of cycles at defect initiation [1].

Bernard MARINI and Ludovic VINCENT,
Nuclear Materials Department
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As in all the fields of Physics, materials modeling and sim-
ulation have to be associated with validation based on exper-
iment. There is a high number of observables, as well as a
wide array of experimental tools.

• Conventional tools for the mechanical characterization of
materials have been available to the materials physicist for
a long time, enabling him to perform tensile stress, creep,
burst, impact, toughness, and indentation tests required to
get features such as Youngʼs modulus, yield strength, ulti-
mate tensile strength, hardness…

• In the field of materials microstructural characterization, the
use of several combined techniques, together with the sig-
nificant increase in analytical tools performance during the
last ten years, provides key elements for this experimental
validation. Let us mention, for example, the Transmission
Electron Microscopy* (TEM*), now able to reach a resolu-
tion lower than 0.1 nm, and the Atom ProbeTomography*
(APT*), that can help analyze increasingly larger volumes
using higher evaporation frequencies. Another field con-
cerned by these strong evolutions is the X-Ray
Diffraction/spectroscopy* techniques, in which the more
current use of the synchrotron radiation* has given
access to very local chemical and crystallographic data on
extremely reduced material amounts, thanks to the quality
of photon beams (flux, space and energy resolution…).

It is worth noting that the previously mentioned tools are not
at all specific of nuclear materials. In relation to the latter,

additional topics emerge, such as materials behavior under
irradiation: these topics call for irradiation experiments.
Neutron irradiations are the most representative, for reactor
structural materials are mostly exposed to neutrons.
Unfortunately, these experiments are also the least numer-
ous, because neutrons are rare and costly, especially in the
case of fast neutrons. Herein lies the purpose of materials test-
ing reactors, such as e.g. the OSIRIS reactor* at CEA Paris-
Saclay, or its substitute the Jules Horowitz Reactor*, under
construction at CEA/Cadarache (see the Monograph
Nuclear Research Reactors, 2012). The problem of neutron
scarcity gets even more acute in the case of materials test-
ing for fusion reactors: it is even considered to build a dedi-
cated accelerator in order to generate the 14 MeV neutrons
specific of these reactors.

Generally, irradiated materials are active, and have to be
handled very carefully indeed. This is why materials testing
reactors are coupled with “hot laboratories*”. Representative
experiments span over a long time period, and feedback
involves a very slow process. As a complement to neutrons,
research scientists use irradiations by charged particles (ions
and electrons) that allow for a fairly flexible, well controlled
variation of experimental parameters (e.g. temperature, dam-
age rate…) without making the samples active. Even though
it is not quite representative of in-reactor irradiations, the use
of charged particles is particularly relevant for the experimen-
tal study of irradiation effects, the understanding of basic
phenomena, and the validation of models.

Nuclear Materials
Structural Materials Modeling and Simulation
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Microscopic Characterization Tools

There is a high number of techniques for characterizing
the microstructure of a material. The target here is not to
draw up a comprehensive list, but to provide a synthetic
overview of a few techniques especially relevant for charac-
terizing materials of nuclear interest, whether in the irradi-
ated state or not.

As detailed below, these techniques (X-ray diffraction and
neutrons, electron and nuclear microprobe, transmission
electron microscopy, and atom probe tomography…) give
access to a high variety of information that can then be used
for the physical modeling of materials. Among the data col-
lected, it is worth mentioning: the spatial distribution of the
various alloying elements, the density and the particle size
distribution in the phases the material consists of, as well as
the chemical composition, nature, and crystallographic tex-
ture of these phases, or the nature of the defects contained
in the material (point defect clusters, dislocations, micro-
deformations, residual stresses, etc.) that result from the
making process, and from the conditions of use of the mate-
rial subjected to various loads (thermomechanical stresses,
irradiation…).

These techniques differ in resolution, and in analyzed char-
acteristic volume. This is why they are most often combined
in order to characterize a material. Besides, they require
specimens of very specific geometry and dimension, which
are obtained through cutting-edge technologies in nano-
machining, such as the focused ion probe (FIB) described
below.

X-Ray and Neutron Diffraction
X-Ray Diffraction* (XRD) or neutron diffraction is a tech-
nique quite often used to identify the nature and structure of
crystallized materials. It is based on the interaction between
a radiation of a sufficiently low wavelength and the periodic
arrangement of the crystal planes, which leads to the diffrac-
tion phenomenon. Various applications of this method can
be implemented: identification and finer determination of
structures (determination of symmetry groups and lattice
parameters…), quantifications of the involved phases, analy-
sis of the crystal texture and residual stresses. Owing to an
increasingly broad use of synchrotron radiation sources, this
technique has experienced a new boost for the last few
years, particularly benefiting from recent technical advances

on opticals, detectors, and specimen environment (in situ
analyses).

For nuclear applications, it is essential to determine very pre-
cisely the structural parameters of the involved phases, that
evolve in temperature and under mechanical loading, as well
as under a neutron irradiation flux. This was implemented on
a zirconium alloy irradiated in reactor: the minority second-
ary phases were analyzed on the MARS26 line (Fig. 58) of
the SOLEIL synchrotron (dedicated to radioactive materials
study). Following irradiation, the disappearance of the Zr(Fe,
Nb)2 phase can be observed (Fig. 59), together with the shift
and broadening of the peak relating to the H-Nb phase,
which expresses an alteration of the precipitates in terms of
size and composition [1].

X-ray diffraction can also give access to defects at scales
relevant for modeling, i.e. from the polycrystal to the single
crystal, these defects being responsible for stress/strain
states, and quantifiable chemical evolutions, especially as a
function of irradiation conditions. This could be evidenced as

Experimental Validation Tools

Fig. 58. High-resolution diffractometer of the MARS (Multi Analysis
on Radioactive Sample) beamline dedicated to radioactive samples
on the SOLEIL synchrotron.

Detector: 24 analyzing
crystals

2-circle crystal
diffractometer

Goniometer

26. Beamline developed with a partnership between SOLEIL and the CEA
(DEN and DAM).
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All these “physical” data are
input data for multiscale
modeling, and even, in
some cases, quantities that
allow modeling to be vali-
dated by confrontation with
experiment. In the example
given below, based on the
use of neutrons from the
ORPHÉE reactor at the
Laboratoire Léon Brillouin
(volume analysis thanks to
the strong penetration of
neutrons), it was possible to
determine the average tex-
ture (Fig. 61) on a Zr base-

alloy specimen ~1cm3, and then the residual elastic strains
after a creep test (a method for analyzing the local texture*
at the submicron scale, EBSD* (Electron BackScatter
Diffraction), will be further detailed in the following pages).

Thus we show that the deformation map, exploring various
orientations of the pole figure* (angles [χ,φ]) simulated using
homogenization methods, is in excellent agreement with the
experimental measures (Fig. 62), which here validates the
model used [3].

88 Microscopic CharacterizationTools

part of studies focused on the oxidation of zirconium alloy-
made fuel rod clads, through the grazing incidence XRD of
zirconia irradiated by charged particles (where the superfi-
cial layer alone is affected) [2]. Thus we demonstrated that,
at a certain irradiation dose, zirconia gradually evolved from
a monoclinic to a tetragonal crystal structure, which strongly
impacts on zirconia properties (Fig. 60).
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Fig. 59. Diffractogram of a Zr alloy before (blue) and after (orange) irradiation in reactor, showing the:
disappearance of the Zr(Fe, Nb)2 phase, and the V-Nb phase peak shifting and widening.

Fig. 60. Evolution in the volume fraction of tetragonal zirconia
versus fluence (from 100% monoclinic with a fluence = 0 to 100%
tetragonal with a maximum fluence) after irradiation by Bi (red)
and Xe (green) ions.

0

0.2

0.4

0.6

0.8

1

0 10,0001,000100101

Fig. 61. Figures of poles {0002} representing the crystal texture
of a Zy-4 alloy deformed under creep at 400°C.
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Electron BackScatter Diffraction
(EBSD)
The Electron BackScatter Diffraction (EBSD) used with a
scanning electron microscope makes it possible to determine
the local crystalline orientation (at the submicron scale) in
order to map phases (e.g., austenite [fcc], ferrite [bcc], two-
phase steel: see Fig. 63).

The camera and detector position at 90° from the incident
beam, together with a specimen tilt of 70°, allow the diffracted
electrons backscattered on a phosphor screen to be collected
(Fig. 64).

After a specific preparation of the sample (plane surface and
geometry), the EBSP (Electron BackScatter Pattern)
obtained on the screen that contains the Kikuchi bands, con-
stitutes the initial image for determining the local crystal ori-
entation (Fig. 65), since, referring to the characteristic bands
of the diffracting planes (defined by their MILLER indices), we
can go back to the local crystal orientation of the analyzed
grain [4].

Fig. 62. Maps of residual strain after creep for different orientations on the pole figure. (See supra, Figure 61: angles [χ,φ]).

Fig. 64. Functional diagram of Electron BackScatter Diffraction
(EBSD).

Fig. 65. Electron BackScatter Pattern (EBSP) obtained on
the phosphor screen with KIKUCHI bands, allowing the orientation
of the, here cubic, crystal to be determined.

Detector

Polar part

S
pe
ci
m
en

-0.2

1.8

1.3

0.8

0.3

0 90 180 270 0 90 180 270 0 90 180 270

S
tr
ai
n
(x
10

-3
)

φ (°)

χ = 15° χ = 40° χ = 90°

Fig. 63. Two-phase steel. In red, the ferritic phase, in green
austenite.

Electron BackScatter Pattern
(EBSP)

Phosphor screen

x z

y

Experiment

Calculation

Mono10CEA_Part3-4GB_3.qxd:Mono4CEA_FR3.qxd  28/11/18  15:38  Page 89



90 Microscopic CharacterizationTools

The data collected can be used to generate maps of crystal
orientations (Fig. 66), and pole figures, and to calculate the
Crystal Orientation Distribution Function (CODF).

Electron and nuclear microprobe
Given the multi-alloyed character of the materials of nuclear
interest, and the microchemical distribution heterogeneities
within their microstructure, the “Castaing” electron micro-
probe* is currently used to characterize and quantify the dis-
tribution of the various addition chemical elements or impu-
rities at the micrometer scale. Its principle relies on the Wave
Dispersion Spectrometry (WDS) analysis of the X photons
arising from the interactions between an electron beam
accelerated under high voltage, and the surface of the sam-
ple. Contrary to the “EDS*” (“Energy Dispersion
Spectrometry”) analytical systems available in a SEM or a

TEM, the “WDS” allows for a gain in sensitivity, as well as for
a more precise quantification, particularly to analyze light ele-
ments starting from beryllium (in addition, analysis automa-
tion ensures a very good measuring statistics). Yet, when the
target is to precisely dose some light elements not reachable
through WDS, the Nuclear Probe* (NP) is used. The princi-
ple is based on the detection and spectrometry of the radia-
tion emitted by the electron or nuclear interaction of a light
ion microbeam generated by a Van de Graaff accelerator*
with the sampleʼs atoms. It is so possible to dose and map,
e.g., hydrogen distribution.

The application fields of these techniques are broad, and
cover most of materials of nuclear interest, from ceramics to
metallic alloys. As this type of equipment has been tailored
to nuclear applications, these analyses can be extended to
irradiated materials (e.g. the CASIMIR line for the LEEL
nuclear probe at the CEA). Various issues encountered in
metallurgy can so be investigated: e.g. determining the
respective chemical compositions of the various phases, the
major segregations of the chemical elements, the preferen-
tial diffusion phenomena, etc.

For example, we focused on the microstructure of a zirco-
nium alloy-made PWR fuel clad following a high-temperature
transient simulating LOCA (Loss-Of-Coolant Accident) acci-
dent conditions. Figure 67 shows maps of chemical elements
(oxygen, iron, and hydrogen) distribution, and illustrates the
complementarity of the analyses performed within a same
range using, first, the electron microprobe, and, second, the
nuclear microprobe (through the “Micro-ERDA*” technique).
It clearly appears that due to the Alpha => Beta phase
change that takes place during cooling, the chemical ele-
ments are concentrated in some areas within the microstruc-
ture (according to their respective thermodynamic affinities
towards each of the two allotropic phases of the zirconium
alloy), with a direct impact of these microstructures on the
fuel clad properties.

Fig. 66. Crystal orientation mapping obtained on a martensitic steel,
each color standing for a particular orientation of the crystal [5].

50 µm

Fig. 67. X-ray mapping of oxygen and iron obtained through the electron microprobe, and of hydrogen, through the nuclear microprobe,
illustrating the distribution of these elements within the structure of a Zircaloy-4 rodlet damaged by a loss-of-coolant transient (LOCA).

Omapping Fe mapping Hmapping (µ-ERDA)

100 µm
O ≈ 0.50 Wt%
Fe ≈ 0.05 Wt%
H ≈ 350 ppm

O ≈ 0.14 Wt%
Fe ≈ 0.63 Wt%
H ≈ 850 ppm
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Finally, a structural analysis can be carried out. For example,
the Y2Ti2O7 pyrochlore phase could be identified in an ODS*
(Oxide Dispersion Strengthened) alloy (Fig. 70a) [9]. Thus,
its cubic crystalline form, as well its orientation relationship
with the ferritic matrix (Fig. 70b) were evidenced, thereby

allowing the particle/matrix interface
energy to be assessed. This informa-
tion helps understand the stability of
nanoparticles in these materials.

This equipment also makes it possible
to prepare needle-shaped specimens
with a tip radius of curvature of a few
dozen nanometers, to be used for
Atom Probe Tomography (APT) analy-
ses.

50 nm200 nm

Fig. 68. Examples of transmission microscopy images.
a) Diffraction contrast: radiation-induced defects (highlighted in black) formed in a Fe-5 at.%Cr
alloy irradiated by ions at 500°C up to 6 dpa (displacements per atom) [6].
b) Defocused image: He bubbles (highlighted in white) formed in pure iron irradiated at 500°C
up to 1 dpa with simultaneous helium implantation [7].

a b

Fig. 69. Part of the electron energy loss spectrum (EELS) recorded
at the center of a bubble in a martensitic steel EM10 with 0.5 at.%
He implanted at 550°C. The helium signal was extracted (orange
curve), and fitted with a Gaussian curve (blue curve) [8].
A TEM image of the bubbles (white objects) is given in an inset.
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Transmission Electron Microscopy
(TEM)
The Transmission Electron Microscope* (TEM*) is a tool
for structural and chemical analysis of materials. Today the
equipment displaying the higher performance can reach a
resolution lower than the Ångstrøm. The TEM gives access
to a two-dimensional image of the internal structure of a
material prepared in the form of a narrow sheet with a thick-
ness ranging from a few dozens to a few hundreds of
nanometers. For this purpose, an electron beam is sent on
the area to be analyzed. It is transmitted through the sam-
ple, and diffracted by the crystal planes. Examples of appli-
cation are given in relation to materials of technological inter-
est for the nuclear field.

Radiation-induced defects such as dislocation loops
(Fig. 68a), or gas bubbles (Fig. 68b), can be viewed using
the TEM. The first correspond to the gathering of atoms dis-
placed during the ballistic shocks generated during irradia-
tion. These defects may induce evolutions in the materialʼs
mechanical properties, or variations in dimensions, espe-
cially in the form of swelling.

Chemical information is also accessible. Helium pressure
inside gas bubbles formed after implantation in an EM10-
type martensitic steel (Fig. 69) could thus be obtained
through electron energy loss spectrometry. This technique
relies on the analysis of the energy lost inelastically by the
incident electron beam as it goes through the sample. This
energy is characteristic not only of the chemical nature of the
involved elements, but also of the type of chemical bond
between the atoms, as well as of the dielectric response of
the material.
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A tool for preparing samples:
Focused Ion Beams (FIB)
In order to be transparent to electrons, the thin plates of
Transmission Electron Microscopy have to display a thick-
ness ranging from a few dozen to a few hundred nanome-
ters. Although electrolytic polishing remains the most used
technique, as it is fast and simple, a new nano-machining
technique emerged fifteen years ago: Focus(s)ed Ion
Beam* (FIB). For this purpose, a gallium ion beam ranging
from a few tenth to a few dozen keV was sent onto the area
to be cut out. The machined area was then extracted using
an internal micromanipulator. Contrary to electrolytic polish-
ing, FIB displays the advantage of being able to select an
area of interest, such as a grain boundary or a precipitate. It

can also be used to make cross sec-
tions, or analyze powdery materials
(Fig. 71). In most of current devices,
the ion column is coupled with an elec-
tron column. The latter allows ion cut-
ting to be controlled by SEM imaging.
Some devices are also fitted with
EBSD so as to be able to select a spe-
cific crystallographic orientation.

Atom Probe
Tomography (APT)
The Atom Probe Tomography*
(APT*) is a local analytical technique
used to get chemical and structural
information. The internal structure of a
material can be rebuilt in three dimen-
sions at the atomic scale. The principle
is given in the inset below. We give

examples obtained on ODS (Oxide Dispersion Strengthened)
steels, structural materials under consideration for the reac-
tors of the future.

This technique is especially adapted to studying nano-
objects dispersed in a matrix. It provides information about
their density, size, and composition. So, it gave access to the
characteristics of the nano-precipitates formed in an ODS
steel powder synthetized by reactive milling (Fig. 72). In
order to increase the results statistics, the latter were con-
firmed by an overall analytical technique of Small-Angle
Neutron Scattering (SANS) [Fig. 73]. That study has evi-
denced that, in some milling conditions, the nucleation of
nano-objects starts as early as the milling step, and goes on
with a very high kinetics during annealing [10].

5 nm

Fig. 70. Structural analysis through Transmission Electron Microscopy (TEM):
a) High-resolution image: a cubic particle of type Y2Ti2O7 in an ODS alloy developed
at the CEA [9]. b) Fourier transform corresponding to Image (a).

a b

0.5 µm 2 µm 200 nm

Fig. 71. a) A grain of ODS steel powder synthetized by reactive milling.
b) A powder grain stuck on a pre-sharpened tip.
c) A powder grain nano-machined by FIB: the arrow indicates the position of the powder/pre-sharpened tip interface.

a b c

Mono10CEA_Part3-4GB_3.qxd:Mono4CEA_FR3.qxd  28/11/18  15:38  Page 92



93Nuclear Materials
Structural Materials Modeling and Simulation

Segregation* measurements can also be carried out using
APT (Fig. 74). A Cr depletion could thus be evidenced at a
grain boundary in an ODS steel irradiated in the JANNUS*
facility at Paris-Saclay at 500°C, up to 235 dpa [11]. A W pro-
file is visible following the irradiation (Fig. 74d), in agreement
with theoretical calculations [12].

Jean-Luc BÉCHADE, Jean HENRY,

Estelle MESLIN and Joël RIBIS,
Nuclear Materials Department
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Principle of atomic evaporation during an Atom Probe Tomography (APT) analysis

The Atom ProbeTomography* (APT) relies on the principle
of field evaporation. In presence of an intense electric field, an
atom located at the surface of a metal can be sputtered, and
evaporated as an ion. Such an electric field can be obtained at
the surface of a conducting needle-shaped specimen with a
low tip radius of curvature (a few tenths of nanometers) by
applying an electric potential of a few kV. The evaporated ions
are then projected towards a position-sensitive (or space)
detector. The atomʼs initial position in the sample is thus obtai-
ned by inverse projection. The nature of the ion can be deter-
mined using time-of-flight mass spectrometry. A fraction of the
potential applied to the specimen is applied in a pulse mode.
The ionʼs time of flight corresponds to the time interval elap-
sed between the pulse application and the ionʼs arrival at the
space detector. When the specimen under study is not conduc-
ting, the atomic evaporation is carried out using laser pulses. Fig. 75. The Atom Probe Tomography: how it works.
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Mechanical Characterization Tools

Tools for mechanical characterization used in the nuclear
energy field aim at identifying materials properties so as to
determine their performance, and predict their operating life-
time in incidental or accidental situations, as well as in trans-
port or storage conditions. The experimental results are used
to develop materials behavior laws, and fracture criteria,
which are then integrated in structural computer codes. At the
scale of objects or components used in the nuclear industry,
the characterizations of phenomena such as irradiation, ther-
momechanical loading, and coupling with the medium are
most often sufficient to provide materials properties of inter-
est, and demonstrate structural integrity during reactor life-
time. Furthermore, with the objective of improving the under-
standing of the physical phenomena involved, an approach
requiring the study of materials from the atomic to the macro-
scopic scale of the component is implemented today. As
regards mechanical characterizations, this takes place
through developing, and improving, mechanical tests per-
formed on still smaller samples, at a scale ranging today from
the micrometer to a few centimeters. These tests give access
to still more local properties, and help explain behaviors
observed at higher scales. Using samples displaying increas-
ingly lower dimensions can also lead to a higher number of
tests, and so of experimental data, for a given volume of
material. So the experimental variability can be better deter-
mined, and the experimental condition ranges can be
extended. Miniaturized tests also result in a decrease in
contact-handled radiological activities, and so in reduced
radiation protection constraints to be implemented for testing.

In this context, the CEA designs and develops innovative
experimental equipment aimed at providing reliable, high-per-
formance scientific equipment in order to finely characterize
materials in the most possible representative conditions in
reactor. Concerning irradiated materials, the development of
each new experimental technique involves a process for
developing, and experimentally validating in “cold” conditions,
a test validation by finite element calculations (most often
made necessary by the lack of standards applicable to these
tests), and finally an approach to equipment “nuclearization”
before its being set up in “hot” laboratory.

Owing to the complexity of the mechanical tests performed,
and the dependence of access to some data on the instru-
mentation likely to be implemented (necessarily limited when
characterizing irradiated materials), this approach requires
the implementation of an approach combining experimental

measurement and simulation, in order to ensure that the
acquired knowledge allows the materialʼs intrinsic properties
to be identified.

Thus, tensile tests on mini-specimens, Charpy and mini-
Charpy tests, Small Punch Tests (SPT), nano-indentation
tests, etc. are conducted in CEA laboratories. The results are
confronted with microstructural observations, with the objec-
tive to enhance the understanding of the physical phenomena
involved,

Charpy and mini-Charpy
mechanical tests
The Charpy test is a bending impact test of a notched spec-
imen 55 mm long, of a section 10 mm x 10 mm. This test,
named after its inventor, has been used for half a century to
determine the impact resistance of materials, referred to as
“impact strength*”. This feature is broadly used in materials
specifications, because it is a very sensitive indicator of their
brittleness. The device used to get the specimen fracture is
referred to as an “impact testing machine”, for the hammer
breaking the specimen describes a pendulum motion
(Fig. 76). The energy absorbed by the fracture is measured,
which makes it possible to go back to the impact strength
(i.e. the absorbed energy at fracture related to the area,
expressed in J/cm2) [Fig. 77]. When the impact testing
machine is “instrumented”, i.e. fitted with a data acquisition
system, it is possible to get the rate of brittle failure. Carrying
out tests at various temperatures allows the evaluation of the
ductile-brittle transition* and of materials embrittlement
under the effect of irradiation or thermal aging. In the latest
years, there has been an increasing use of mini-Charpy
specimens. The mini- (or “sub-size”) Charpy specimen is a
Charpy specimen of a size reduced by a factor 2 to 3 approx-
imately. 12 mini-Charpy specimens can be drawn out of the
volume of a traditional Charpy specimen. The interest of this
evolution towards small specimens is obvious when the
material to be characterized is available in small amounts,
or when the associated product is of low thickness (Fig. 78).

Experimental Validation Tools
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component size selected so that the
crack tip confinement of the plastic
zone can be ensured [1]. Now, in the
conventional Charpy test, the loading is
dynamic (i.e. by impact). The defect is a
sharp notch with a notch bottom radius
instead of a crack. The specimen size
is not sufficient to ensure the confine-
ment of the plastic zone. So, this
means an issue of transferability of the
specimen to the structure. Today, this
issue can be coped with empirically
using correlations methods, or imple-
menting fine modeling able to demon-
strate the transferability of these results
to those obtained with fracture mechan-
ics-type approaches.

Toughness tests
on small test
specimens
The toughness* test is used to meas-
ure how a material withstands brittle, or
ductile tearing. In order to determine
toughness experimentally, a pre-
notched test specimen is used (Fig. 79).
By applying a system of appropriate
forces on this specimen, the crack is
subjected to a mode of opening in order

to assess the elastic energy freed by the crack progress.
Toughness is proportional to the square root of this energy.
This test goes beyond the Charpy impact test that does not
allow the failure of parts containing a crack of given dimen-
sions to be quantitatively predicted. The toughness test helps
obtain brittle and ductile toughness characteristics (or critical
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Fig. 76. Principle of the Charpy* impact testing machine; conventional Charpy specimen;
and instrumented impact testing machine in the M10 hot cell of LECI for the purpose
of investigating the impact strength of irradiated materials.

Fig. 77. Example of the impact strength transition curve shift obtained on the 300-joule impact
testing machine for vessel steel 16MND5.

Fig. 78. Mini-Charpy test specimen.

Vessel steel – Impact strength curve – Irradiation effect

Lower bound for the ductile
(upper shelf) regime

Ductile/brittle
transition shift

Charpy testing results cannot be directly used to guarantee
the integrity of nuclear structures (vessel, piping, internals…)
because the maximum allowable size of defect, taking account
of the applied loading, has to be assessed as a function of the
specimen dimensions. This issue assumes a crack-type defect
and a quasi-static thermomechanical loading, as well as a
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stress intensity factor*) such as KIC and JIC [2,3,4], likely to
be directly used for structural integrity calculations (Fig. 80).
According to the volume of available components, such as,
e.g., reactor vessel internals screws, the available amounts of
irradiated material may not allow for conventional toughness
tests to be performed. So, in this case, it is necessary to be
able to test smaller specimens such as CTR-527 specimens,
e.g., specimens drawn out of bars or threaded fasteners.

Similarly to mini-Charpy specimens, CTR-5 specimens are to
be used for toughness tests, which leads to detailed studies on
the validity of these tests, and, particularly, of transferability,
these studies coupling a finite-element calculation modeling
with experiments.

Bending or tensile tests
on mini-specimens
Many programs require the implementation of bending or ten-
sile tests on mini-specimens. In most cases, specimen dimen-
sions have almost reached the upper bound of what is achiev-
able for a mechanical characterization representative of
materials macroscopic behavior (Fig. 81).

This is why they require a specific experimental development,
to be validated on non-active (“cold”) test setups and on unir-
radiated materials prior to characterizing irradiated materials in
hot cells. Concerning the smallest, non-axisymmetrical
geometries, such as flat tensile test specimens (Fig. 82), 3D
finite-element simulation is then fully required to interpret
experimental results.

Fig. 79. Specimens displaying a toughness of type (a) CT-10, (b) CTR-5.
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Fig. 80. Impact strength and toughness. a) Impact strength obtained through CTR-5 tests as a function of temperature for an unirradiated,
and an irradiated vessel steel. (b) Quasi-static toughness as a function of temperature for an unirradiated, and an irradiated vessel steel
(from J. HURE et al.).
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Résilience”: impact strength transition curve.
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Notched axisymmetric tensile
test specimens

Today, notched axisymmetric tensile
test specimens are systematically
used to characterize materials sensi-
tivity to notches, and so extract param-
eters relevant for the models used in
damage mechanics or fracture
mechanics (Fig. 83). However, the
reduction in size of this type of test
specimen entails machining and
extensometry difficulties for following
up the specimenʼs minimum diameter
during the test. This type of test could
be implemented in a hot cell.

Fig. 81. Tensile mini-specimens tested at LECI.

Fig. 82. a) Tensile test device for flat miniature specimens
(thickness 1.0 mm, L0 = 5 cm).
b) Facies, and necking to fracture (ductile fracture with significant
necking at the top, brittle fracture with very low necking at the
bottom).
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Fig. 83. Tensile tests, and instrumentation of notched axisymmetric mini-specimens.
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Small Punch Test (SPT)
The Small Punch Test (SPT) consists in punching a small disk
of a diameter between 3 and 6.4 mm, and a thickness
between 0.2 and 0.5 mm. This type of test displays the twofold
interest to allow the materialʼs behavior law, as well as its
energy to fracture, to be identified basing on a very small
amount of material. So it is especially attractive for character-
izing irradiated materials for which the amounts of irradiated
materials are limited. Thus, notable works carried out in the
late 2000s for developing this type of test [5] have paved the
way to the design, manufacturing, and qualification of a
nuclearized SPT setup with a view to introducing and using it
in the CEA hot cells at the LECI hot lab* (Fig. 84).

Fig. 84. Functional diagram of the Small Punch Test (SPT), and nuclearized SPT setup available at LECI.

Fig. 85. Force-displacement curve and energy to fracture versus temperature curve obtained from SPT punch tests on a 16MND5 vessel steel.
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A large number of SPT tests have been performed since then,
thereby making it possible to check SPT relevance and inter-
est, in addition to its easy implementation. This is a quasi-
static test achievable at different temperatures. Despite the
particularly small dimensions of the specimens, the volume
of material under loading is significant, hence its major inter-
est. The measured behaviors prove to be little sensitive to the
boundary conditions, as well as to the friction phenomena
involved during the test. So the force-displacement curves
thus measured are relevant, and prove useful when little
material is available for characterizations (Fig. 85).
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Micro- or nano-indentation
Micro-indentation and nano-indentation are instrumented
indentation techniques used to determine the local mechan-
ical properties of materials. They can be applied to bulk
materials as well as to coatings or thin layers. These tech-
niques consist in measuring the dent (or recess) depth of an
indenter of known geometry in a material, so as to get its
elastoplastic or creep properties. Basing upon an instru-
mented micro-indentation test (to measure the load-displace-
ment response of the indenter), as well as the implementa-
tion of reverse computational techniques, a local material
behavior law can be deduced from it, as could be done bas-
ing upon a conventional, but, actually, more macroscopic
tensile test. Another outstanding interest of this type of test
lies in the ability to confront the modeling of the tests per-
formed at the macroscopic scale and the experimental
results obtained through nano-indentation. Understanding
these phenomena can help cross a modeling scale, and
establish an interesting micro-macro link for the relationship
between existing or created crystallographic defects during
a mechanical test and their incidence on macroscopic
mechanical properties.

Micro-pillar
compressive tests
The ability to sample irradiated nano-
specimens by FIB-SEM ion sputtering
opens the path to nano-mechanical
characterizations of irradiated materi-
als. Thus, micro-pillar compressive
tests [7,8] are under consideration
(Fig. 87).

Experimental study
of irradiation creep
with micro-machines
(MEMS)
The structural materials used in the
core of nuclear reactors, e.g. austenitic
steels or zirconium alloys, are sub-
jected to both a strong neutron irradia-
tion, and to various mechanical loads.
At the macroscopic scale, the
mechanical behavior of these materi-
als under irradiation is well character-
ized. Yet, at the microscopic scale,
strain mechanisms under irradiation
are still not well known. Numerous irra-
diation creep mechanisms have been
considered from the theoretical view-
point, but current experimental data
have not allowed the relevant mecha-Fig. 86. Principle of reconstitution of a Charpy specimen.
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Test specimen reconstitution
techniques
In Nuclear Power Plants (NPPs) a surveillance program is
applied in order to assess the evolution of the reactor vessel
materials behavior under irradiation, that induces embrittle-
ment. Thus, all reactors are fitted with irradiation capsules
containing Charpy test specimens. Yet, their amount may
prove insufficient if the observed embrittlement is higher than
expected, or if the NPP operating time is extended. Thus, the
interest of reconstituting specimens [6] lies in the ability to
increase the experimental statistics. Reconstituting speci-
mens or mini-specimens makes it possible to triple the
amount of available data to be drawn from a Charpy speci-
men, thereby getting three times more data for a same dose.
This technique also helps reconstitute samples with a view
to further experimental irradiations (Fig. 86).

Friction welding and forging of arc melted materials are tech-
niques currently under consideration with a view to implant-
ing them in hot cells.
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“Mini-MécaSiC”
miniaturized tensile
testing
High-performance SiCf/SiC compos-
ites [9] are considered as potential fuel
structural and cladding materials for
fast neutron reactors. Their complex
mechanical behavior is currently
investigated basing on a multiscale
approach, that consists in characteriz-
ing the behavior of the compositeʼs dif-
ferent constituents prior to implemen-
tation in a computational code.
Although the mechanical and thermal
post-irradiation behaviors of SiC have
been explored in many works, there
was no available data issued from in
situ characterization under irradiation,
representative of the reactor core envi-
ronment. This is why a miniaturized
tensile machine, referred to as “Mini-

MécaSiC”, was developed at the CEA to help characterize
the SiC fiber mechanical behavior during ion irradiation
(Fig. 89). By its very design, this equipment is rather com-
pact, and so could be successfully installed near the GANIL
heavy ion accelerator and on the JANNUS facility.

The first in-pile tensile tests at low temperature were per-
formed on the JANNUS Épiméthée E3 line using a C3+ ion
beam of 9 MeV (8.31.1015 ions/cm²), and then a C4+ ion beam
of 12 MeV (4.78.1016 and 1017 ions/cm²). The Mini-MécaSiC
device was then successfully implanted on the GANIL
IRRSUD line. The deformation of a SiC fiber under a Xe flux
at 92 MeV could be observed in real time, up to a fluence*
of 5.1014 ions/cm². The irradiations carried out at GANIL and
JANNUS are complementary due to the very broad energy
ranges, and are accessible. So, in this way, the nature of

101Nuclear Materials
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nism controlling strain to be determined as yet. A contribu-
tion to the understanding of metals and alloys irradiation
creep mechanisms is under way through the implementation
of experimental methods involving thin specimens. The
investigated materials will be model alloys, especially cop-
per alloys, deposited as thin layers. The system includes an
actuator with tensile internal stresses, the material to be
investigated as a film, and a sacrificial layer. When the latter
is drawn off, the actuator contracts itself as a result of tensile
internal stress relieving, thereby allowing the loading of the
metallic film (Fig. 88). This method is based on the MEMS
(Micro Electro Mechanical System) lab-on-chip technology
developed by teams of the Université catholique de Louvain.
Coupling ion irradiations and the MEMS technology will be
used to study irradiation creep, and determine which mech-
anism is active under different irradiation conditions.

Fig. 87. Micro-pillar compressive tests (from TUMBAJOY-SPINEL, 2014).

Fig. 88. Principle of testing based on the use of MEMS (Micro Electro Mechanical System) micro-machines.
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damage (electronic / nuclear ratio) can be induced to evolve,
and their impact on materials properties can be investigated,
as can be seen on Figure 90, confronting thermal creep with
Tyranno SA3 fiber irradiation creep.

In situ tensile tests were also performed in a SEM on SiC/SiC
mini-composites [10]. These SiC/SiC mini-composites are
“model” unidirectional composites made from threads of SiC
fibers (500 fibers ~12 µm in diameter) identical to those used
as woven or braided threads in “real” composites, in similar
manufacturing conditions. These composites have been sub-
jected to stresses under SEM so as to get a quantitative

description of damage, no longer at the only scale of the
macroscopic behavior, but also at the scale of the cracking
mechanisms. Thus, the kinetics of crack occurrence in the
matrix could be characterized, as well as the opening dis-
placements of these cracks (Fig. 91). In addition to these sur-
face observations, an in situ X-ray tomographic test (ESRF,
ID19 line) was set up in order to investigate the propagation
of the matrix cracking, and to characterize the fiber failure at
the core of the mini-composite. All of these data could be
used to make and validate, at different scales, a microme-
chanical damage model of the mini-composite.

Christophe POUSSARD,
Nuclear Materials Department

Fig. 89. Implantation of the Mini-MécaSiC machine on the Épiméthée E3 line of the JANNUS facility at CEA Paris-Saclay (a), and the IRRSUD
line at GANIL (b).
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Experimental Validation Tools

So materials testing reactors were designed to test materials
behavior under neutron flux, providing the most representa-
tive neutron environment of the reactor types concerned. As
for specific damage processes, they can be investigated using
more or less elaborate devices installed in these reactors (from
the simplest case of static irradiation “cooking” to the more
evolved loop used to monitor and control the environment and
the thermomechanical loading).

Worldwide Materials Testing
Reactors
In 2012, the International Atomic Energy Agency (IAEA)
records seventy reactors devoted to materials irradiations, dis-
tributed over twenty-eight Member States, all powers mixed
(Fig. 92) [see also the CEA DEN Monograph Nuclear
Research Reactors, 2012]. This number falls to an approxi-
mate forty if only considering reactors with a power higher than
5 MW (as a reference, the OSIRIS reactor* has a power of
70 MW).

Just as power reactors, research reactors may be of various
types and designs. The few research reactors that provide
fast spectra (Bor-60, JOYO), are of a relatively similar design

Charged particle irradiation tools allow small samples to be
irradiated in quite a controlled manner, and so the evolutions
of their microstructure to be observed and quantified more
quickly as compared to neutron irradiation as occurring in a
power reactor.

Yet, the transposition to neutron irradiation is not immediate,
and another experimental validation tools family is thus cur-
rently used, especially for studies in support of the nuclear
industry: it consists of irradiation reactors designed to investi-
gate fuels and materials behavior under irradiation (MTR-
MaterialsTesting Reactor*).

The experiments conducted in MTRs are generally long and
costly experiments devoted to validating the modeling, or test-
ing new industrial grades in the most representative conditions
of the reactor type considered, and of the phenomenon inves-
tigated.

Main challenges
of experimentations under neutron
flux
The two main ways to increase the return on investment of
power generating reactors are, first, extending their lifetime
(initially scheduled for forty years or so), and, second, optimiz-
ing the management of fuel assemblies (as the fuel assembly
accounts for about 25% of the kWh cost), and all of this
demonstrating that safety is preserved.

Extending lifetime requires a good knowledge of the aging
mechanisms of components in service conditions, and espe-
cially of components assumed to be unreplaceable (or not
easy to replace), such as the vessel and the internals. Some
aging mechanisms of reactor components (fatigue, stress cor-
rosion cracking) are not limited to the nuclear field. Others,
such as swelling and embrittlement, are induced by neutron
irradiation. Besides, a synergy may exist between conven-
tional aging mechanisms and irradiation (e.g. Irradiation-
Assisted Stress Corrosion Cracking, IASCC).

Optimizing fuel assembly management entails studying the
in-pile dimensional stability of cladding materials (in-pile
growth*, irradiation creep*), and the good mechanical
behavior of clads in normal, incidental or accidental conditions.

Research Reactors
and In-Pile Testing

Nuclear Materials
Structural Materials Modeling and Simulation
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Fig. 92. Power distribution of the seventy research reactors that can
be used for materials irradiations (in the broad meaning) registered
by the IAEA (Source: Reactor Research Data Base, IAEA).
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(forced convection sodium-cooled design). In contrast, other
reactors may differ according to the nature of the moderator
and the coolant used (light water, or heavy water), the type
of convection (natural, or forced), the nature of fuel elements
and their location (open pool, or leak-tight tank). One of the
important parameters for materials irradiations is the neutron
spectrum provided by the reactor, a fairly simplified scalar
representation of which can be given calculating the ratio
between the fast flux (neutrons with an energy higher than,
e.g., 1 MeV), and the thermal flux (neutrons with an energy
lower than, e.g., 0.6 eV). As far as light-water power reac-
tors are concerned, this ratio is close to the unit in the core.
Higher values of flux, while still preserving this very ratio, are
commonly used in MTRs, so that they may be representa-
tive of the light-water reactor type, while possibly speeding
up the phenomena (Fig. 93).

Finally, a materials testing reactor is also defined by its
experimental capacity in the broader meaning, that is the
number and the nature of possible experimentations, the
quality of the irradiation key parameter control, the ability to
perform measurements and examinations in situ, or between
two cycles of irradiation, etc. From this viewpoint, the future
JHR* to be implanted at CEA Cadarache (Fig. 94) will play
a major role in studies on structural materials aging under
irradiation for the few coming decades.

The various types of
materials irradiations
Materials irradiations can be classified
into several families: “cook and look”,
poorly instrumented irradiations, fol-
lowed by post-irradiation or intercycle
characterizations, and highly instru-
mented, online controlled-loading irra-
diations (sometimes in controlled envi-
ronment), that can rely on in situ
measurements.

“Cook and look”, poorly
instrumented irradiations

The most simple “cook and look” irradi-
ations consist in irradiating specimens
subjecting them to no more than the
environmental loading (temperature,
neutron flux), in order to quantify the
evolution of materials physical or
mechanical features through out-of-pile
examinations in hot cells*.
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Fig. 93. Fast-to-thermal flux ratio of the main research reactors used for materials irradiation
worldwide, and displaying a significant power (> 1 MW) (source: Reactor Research Data
Base, IAEA). At the present time, forty reactors or so are reported as being under operation
worldwide. A dozen was finally shut down, or is awaiting the authorization to restart
(empty symbols), and two are under construction (PIK in Russia, and JHR in France).
The maximum flux values have to be interpreted qualitatively.

Fig. 94. The future Jules Horowitz research reactor (JHR). This MTR
(Materials Testing Reactor) will bring an indispensable renewal to
the aging fleet of European MTRs (in 2014, five out of the six main
European MTRs still under operation are over 45 years of age).
The JHR will be available to the international community through
a consortium of research centers and industries that took part in
its financing.
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Generally, “cook and look” irradiations were, and still are very
broadly used for studies in support of nuclear industries,
whether on fuel assembly materials, or on vessel and inter-
nals materials. For example, the BARITON program con-
ducted in the OSIRIS reflector was used to validate the ref-
erence curve of the irradiated vessel material toughness in
the ductile-brittle transition domain, a key element within the
framework of studies relating to reactor extended lifetime.
The apparent simplicity of this kind of irradiation must not yet
obliterate how much care must be given to the design of the
specimen hosting devices, as well as to the experimental

process, so as to control and measure in the best possible
way the key parameters (steady irradiation conditions over
time, accurate estimation of parameters through a relevant
positioning of dose integrators and thermocouples).

This type of irradiation is very broadly used, whether to inves-
tigate the evolutions of materials mechanical properties (ves-
sel steel embrittlement, evolution in the viscoplastic proper-
ties of the clad zirconium (Fig. 95), or their dimensional
evolution in the absence of mechanical loading (in-pile irra-
diation growth of zirconium alloys, swelling of internals stain-
less steels).

More elaborate “cook and look” irradiations consist in plac-
ing in specimen holders specimens specially designed to
undergo mechanical stress without online controlled loading
(e.g., pre-pressurized tubular specimens of the GRIZZLI irra-
diation (Fig. 96) designed for study of irradiation creep,
Three-Point Bending (TPB) specimens of the REFLECT irra-
diation designed to study in-pile stress relaxation). Here
again, the quantification of phenomena is performed unload-
ing experimental devices during intercycle periods, and car-
rying out suitable examinations (especially, dimensional
measurements in hot cells).

Highly instrumented irradiations:
increasingly needed for modeling
and simulating the in-pile behavior of materials

If charged particle experimental validation means, or in-reac-
tor “cook and look” irradiations have helped make significant
progress in understanding the basic phenomena contribut-
ing to materials in-pile aging, there are two fields, at least, in
which the need for highly instrumented materials irradiations
in research reactors proves significant.

The first field is relating to multiphysics phenomena, such as
Irradiation-Assisted Stress Corrosion Cracking* (IASCC*)
that is responsible for the intergranular cracking of the baf-
fle-former bolts. IASCC (Fig. 97) results from interactions
between the material, the environment, and the stress, which
are made complex by the irradiation effects on the environ-
ment (radiolysis) and the material (creep, intergranular seg-
regation, swelling). Some phenomena are investigated by
out-of-pile experiments on virgin or irradiated materials, such
as stress corrosion studies carried out on irradiated material
in hot cells. However, synergetic effects, as well as kinetics,
can be apprehended only through in-pile highly instrumented
experiments, the complexity of which (i.e. environment con-
trol, loading control, strain measurements, crack initiation
detection, or propagation measurements) must not obliter-
ate the need.

Fig. 95. Illustration of materials hardening under irradiation. The out-
of-irradiation behavior (here, thermal creep of a zirconium alloy)
is different according to neutron fluence (i.e. neutron flux integrated
over time) absorbed by the material. Irradiation induced defects
within the crystal microstructure (dislocation loops) that act as
obstacles to out-of-pile strain mechanisms likely to occur. It is worth
mentioning that a material aged under irradiation is less easily
deformed than the initial material.

Fig. 96. Illustration of the occurrence of specific mechanisms of
viscoplastic deformation under neutron flux. It is worth mentioning
that viscoplastic deformation (here due to a creep load) observed on
a zirconium alloy is much higher than in presence of a neutron flux.
This does not result merely from irradiation, but from a synergy
between a conventional strain mechanism (dislocation climb)
and the neutron flux that favors it.
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The other field is that of in-pile strain mechanisms, especially
that of fuel assembly materials. Zirconium alloys are endowed
with a hexagonal close-packed (hcp) crystal structure, which
does not exhibit the same mechanical properties according to
the loading directions (hence the word “anisotropy”). Coupled
with a manufacturing mode that generates grains with a crys-
tal orientation preferentially oriented according to some direc-
tions (hence the word “texture*”), this crystal anisotropy has
an impact on the materialʼs macroscopic behavior (Fig. 98),
and has to be taken into account in behavior models.

Now, as part of optimizing fuel assembly management, there
is a need for zirconium alloy in-pile strain models as elaborate

108 Research Reactors and In-PileTesting
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Fig. 97. Schematic illustration of the various
phenomena involved in the irradiation-
assisted stress corrosion cracking of vessel
internals. If the data collected in the stress
corrosion experiments conducted out-of-pile
on irradiated materials are, and will remain,
indispensable, strongly instrumented in-pile
experiments (control of the specimenʼs
mechanical loading, displacement
measurement, follow-up of crack propagation)
are one of the keys to understand
the phenomenon including synergetic effects,
on the one hand, and quantifying kinetics,
on the other hand [1].

?

Fig. 98. Illustration of materials anisotropy. Out-of-flux yield
surfaces* of various real alloys (Zy-4, in orange, and M5®,
in green), and comparison with an isotropic material (in blue).
For the mechanical loading of internal pressurization of a fuel
rod clad, materialized by a grey straight line, the stress applied
in direction θ is twice that applied in direction Z. The materialʼs
response in direction θ is provided by component 1 of the
normal of the yield surface at its intersection with the loading
path*. According to materials anisotropy, the response
in direction Z (component 2 of the normal) can be either null
(isotropic material) or slightly positive (example of alloy Zy-4),
or broadly negative (alloy M5®).
In order to be predictive in all the loading conditions, behavior
models have to take materials anisotropy into account. At the
present time, the in-pile behavior anisotropy of zirconium
alloys is accessible with certainty only for internal pressure
loading and axial loading.
Regarding anisotropic materials, in the absence of very strong
assumptions related to the yield surface shape, this is not
sufficient for efficient prediction of the materialʼs response
in other loading conditions.
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as possible, so as to take account of the complex history of
mechanical loading from the viewpoint of the in-service mate-
rial. These models are used to develop computational codes,
expected to be increasingly predictive. They can be determi-
ned, and the related codes can be qualified, only by means of
in-pile experimentations allowing the experimental conditions
(temperature, mechanical loading) to be altered during the
experimentation, and the materialʼs response to be accurately
measured. Such is the objective fixed for the MÉLODIE device
(Fig. 99) jointly developed by the CEA and VTT (member of
the JHR consortium), which aims at getting precise in-pile
strain kinetics in conditions of complex loading path*.

Hill criterion*
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Apart from this predictive industrially-relevant contribution for
optimized fuel assembly management, the MÉLODIE irradi-
ation could be used jointly with other investigation means
available or under development (“cook and look” experi-
ments on specimens displaying an initial parametrizable
biaxiality, biaxial loading machines in cold and hot laborato-
ries (Fig. 100), which would result in significant advances in

the knowledge of microscopic mechanisms responsible for
zirconium alloy strain under irradiation.

As a conclusion, nuclear research reactors dedicated to
experiments on materials (MTRs, Materials Testing
Reactors) stand as a necessary tool to meet key challenges
in relation to irradiation aging in power reactor materials (for

Fig. 99. The MÉLODIE (MEchanical LOading Device for Irradiation Experiment) device, jointly developed by the CEA and VTT, a member of the
JHR (Jules Horowitz Reactor) consortium, is to be used to reach the viscoplastic response of tubular specimens according to the directions of
the stress space, combining an axial load and an internal pressure load according to a controlled ratio. Thanks to the possible evolution of this
ratio during experimentation, a history of in-pile mechanical loading could be applied, which is indispensable to test how the material keeps the
memory of the past loading when being faced with a given load. In addition, in situ measuring of diametral and circumferential (hoop) strains
is to give access to kinetics in the transient steps of loading, which opens the path to a suitable description of in-pile primary creep, not easily
accessible in experiments only implementing intercycle measurements.

Fig. 100. Experimental means complementary of the MÉLODIE device, dedicated to investigating the in-pile behavior anisotropy
of zirconium alloys. a) SARAH (Sample for Advanced Research on Anisotropy and Hoop behavior) creep test specimens under internal pressure
with an initial parametrizable biaxiality ratio, developed at the CEA in order to be used under or out-of-flux. Biaxial tensile-compressive loading
machine in cold (b) or hot (c) laboratory.

a b c
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vessel, internals, clads) The neutron irradiation experiments
conducted in these reactors have to be as representative as
possible of the thermomechanical and environmental
stresses encountered.

Two major families of experimental irradiations can be dis-
tinguished: first, “screening” experiments, that aim at maxi-
mizing the experimental load in fixed irradiation conditions,
as stable as possible, and second, “highly instrumented” irra-
diations, that aim at controlling and modifying experimental
conditions during the experiment (generally focused on ther-
momechanical loading alone), and at carrying out the in-line
measurement of the materialʼs response.

If the first family is still indispensable in an approach to mate-
rials selection and basic data acquisition in representative
conditions, highly instrumented irradiations do stand, indeed,
as the key to validate the ever increasingly elaborate, pre-
dictive models of the evolution of power reactor materials.

Yet, their number is still limited owing to the very constrain-
ing environment that corresponds to a MTR, a challenge
indeed for the designers of irradiation experiments.

Sébastien CARASSOU, Pascal YVON

and Benoît TANGUY,
Nuclear Materials Department
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Experimental Validation Tools

the Michigan University (Ann Harbor) [10]. All the specialists
attending that event agreed on the need to set up a working
group whose objective would be to identify and formalize
good practices in ion beam simulation of neutron irradiation
effects.

The major analogy between neutron irradiation and ion irra-
diation in an energy range between a hundred of keV and a
dozen of MeV is chiefly based on the fact that the collision
cascade generation results from primary collisions in which
ions as well as neutrons transfer a certain quantity of kinetic
energy to the materialʼs nuclei, which in turn trigger a series
of collisions. In addition, the generation of gas atoms (mainly
helium and hydrogen) following the nuclear reactions (n,U)
and (n,p), the generation of transmutation or activation
nuclei, and that of fission products can be simulated by multi-
irradiation experiments involving two, or even three ion
beams simultaneously. For example, this is the objective of
the ion multi-irradiation platform JANNUS* under operation
since 2008 at DEN, CEA Paris-Saclay [11,13] (see the
schematic view on Figure 101).

The main limitation of ion/neutron simulation is related to ion
sensitivity to Coulomb interactions, which induces an elec-
tron slow-down, and shortens their path, hence a final dam-
aged volume of only a few cubic micrometers. Of course,

Ion irradiation
Positive ion beams accelerated at an energy of a few MeV
have been used for almost half a century as an experimen-
tal tool for generating and characterizing radiation-induced
damage in condensed matter. The energy transfers from
these projectiles to the target medium, which obey either
purely inelastic processes – i.e. collisions with the electron
clouds of atoms –, or purely elastic – i.e. ballistic shocks with
atomic nuclei –, induce a microstructural evolution in the irra-
diated material. Ion beams can also be used to implant a
foreign element in the material, so as to alter its chemical
composition, and even to impact on some of its thermome-
chanical or physical properties. Contrary to gamma photons
and neutrons, the bombarded specimen does not display
any activation following irradiation, which allows for its imme-
diate use.

The specificity of ion beams in the study of materials damage
lies in the fact that a very large number of parameters –
atomic number, mass and energy of the incident ion, flux, flu-
ence, temperature, level of stress the specimen is subjected
to – can be made to vary independently by the experimenter.
Due to this singularity positive ion beams display an undeni-
able asset in the study of the irradiation behavior of materi-
als considered for new energy sources, especially those ded-
icated to the nuclear reactors of the future, including fusion,
for the main obstacle to cope with in developing a new
nuclear material is related to the ability to evaluate its toler-
ance to neutron irradiation. So this test entails its irradiation
in a materials testing reactor over a very long period of time,
given the low fluxes which can be reached in this type of
machine. In addition, it is worth mentioning the cost of such
an irradiation, the compulsory use of nuclearized analytical
tools, as well as the need, most often, to postpone the char-
acterization due to the induced activity.

The first examples of experimental simulation of neutron irra-
diation effects through accelerated ion beams were pub-
lished thirty years ago or so [1,4]. The fundamental concepts
of this approach were fully defined in 1994 [5], and interna-
tional standards were formulated as early as 1996 by the
American Society for Testing and Material [6]. The founda-
tions of the principle of neutron irradiation effect emulation
with a proton beam were put forward ten years ago [7].
Several review articles were issued in the last five years
[8,9]. The international workshop “Ion Beam Simulation of
High Dose Neutron Irradiation” took place in March 2014 at

Charged Particle Irradiation Tools

Nuclear Materials
Structural Materials Modeling and Simulation
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Fig. 101. Schematic view of the JANNUS ion multi-irradiation
platform at CEA Paris-Saclay.
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using very high-energy ions (> MeV/nucleon) does induce
homogeneous damage over a longer path. Yet, it is not more
representative in as much as damage takes place almost
only by electron energy loss. A second limitation lies in the
fact that ion-induced damage is not isotropic in space, but
strongly oriented. Finally, the intensities of the ion beams
delivered by usual (single stage or tandem, cyclotron) parti-
cle accelerators, and so the ion fluxes to be reached are gen-
erally fairly higher than those issued from a reactor. This dis-
crepancy of several orders of magnitude, whatever its
interest for the acceleration of damage kinetics (up to
10 dpa*/h), raises the issue of a possible flux effect and of its
thermal consequences (sudden localized heating), and
radiative consequences (defect recombination). It is worth
noting that a process of redistribution of the chemical species
occurring in the irradiated material, referred to as “ionic mix-
ing”, may take place. This phenomenon results in the forma-
tion of new chemical species, taking account of the condi-
tions of thermodynamic non-equilibrium imposed on the
medium, and may also display a non-negligible interest in
the field of controlled modification of materials properties.

The chemical and structural characterization following the
irradiation of a specimen subjected to ion beams is based
on the same techniques as those used following neutron irra-
diation, that is transmission electron microscopy, X-ray dif-
fraction, small-angle neutron scattering, positron annihilation
spectroscopy, or atom probe tomography. Additional tools
are superficial analytical methods, such as ion beam analyt-
ical techniques, and RAMAN microspectrometry. Given the
small damaged volume, the mechanical characterization of
the ion-irradiated specimens is restricted to micro- or nano-
indentation measurements, or the evaluation of possible
dimensional variations (elongation, swelling, curvature of the
surface).

The experimental simulation of neutron irradiation effects
through the use of accelerated positive ion beams has
strongly developed in the field of materials of nuclear inter-
est, especially around the Generation IV forum focused on
reactors of the future, as well as within the framework of
fusion international research programs. It has helped
improve the understanding of the resistance mechanisms of
materials (pure metals, alloys, ceramics, composites) with
respect to irradiation, and select a certain number of mate-
rials displaying an excellent chemical, microstructural, and
thermomechanical tolerance. Figure 102 illustrates the rep-
resentative feature of the irradiation of a type 316 austenitic
steel by 3.2 MeV protons, in contrast with a neutron irradi-
ation. The observed phenomenon results from a basic
radiation-induced segregation* in the vicinity of a grain
boundary [7].

Electron irradiations
Electrons of energy equal or higher than about 1 MeV, which
can move atoms in most of materials of nuclear interest, are
used for investigating irradiation effects. As in the case of ion
irradiation, electron irradiation displays the advantage not to
make irradiated specimens radioactive. Moreover, experi-
ments are conducted with a very accurate control of the irra-
diation parameters (temperature, flux, target dose) which can
be modified in a flexible way, thereby allowing for paramet-
ric studies. Electron irradiation only generates isolated
defects (vacancy*-interstitial* Frenkel pairs*), and so
allows further studies to be conducted on the experiments
carried out with ions that induce the formation of displace-
ment cascades. In addition, as the created primary damage
is quite well known, electron irradiation is very useful to
determine the input data for the models of microstructural
evolution under irradiation, and as an experimental valida-
tion technique for these models.
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Fig. 102. a) Image of a grain boundary in a 316 austenitic steel.
b) Comparison of the segregation* profiles of chromium in the
neighboring of a boundary grain in a 316 austenitic steel irradiated
either by 3.2 MeV protons at 360°C and up to 1 dpa, or by neutrons
of energy higher than 1 MeV at 275°C for a dose of 1.1 x 1021 n/cm2,
i.e. about 1.4 dpa.
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Two types of equipment are used to achieve electron irradia-
tions. First of all, VAN DE GRAAFF or Pelletron type accelera-
tors*, such as the SIRIUS accelerator (Irradiated Solids
Laboratory / Laboratoire des Solides Irradiés, CEA/DRF/
IRAMIS), which allow specimens to be irradiated on a surface
likely to reach several cm2, and a thickness of several hundred
micrometers, thereby allowing for the irradiation of mini-spec-
imens for mechanical tests. Yet, the damage rate cannot
exceed a few 10-9 dpa/s. Particularly, electron accelerators
have been used for investigating the formation of solute clus-
ters under irradiation in ferritic alloys, that is one of the water
reactor vessel steels embrittlement mechanisms. For exam-
ple, the formation of a high density of clusters enriched in
phosphorus atoms was evidenced through atom probe tomog-
raphy (APT), following irradiation up to 10-3 dpa at 300°C of a
model alloy FeCuMnNiP (Fig. 103).

shown on Figure 105: the irradiated area, which contains a
high density of dislocation loops, appears as a darker area
than the matrix. The experiment illustrated on Figure 102
aimed at studying the phenomenon of radiation-induced
intergranular segregation in austenitic steels. Measuring the
chemical composition profile at the boundary grain level evi-
dences a very localized chromium and iron depletion, as well
as a nickel enrichment.

Fig. 103. Three-dimensional view of the atomic distribution of
phosphorus measured by Atom Probe Tomography (APT) in a model
alloy FeCuMnNiP irradiated with electrons at 300°C up to a dose
of 10-3 dpa [14]. A strong density of small phosphorus clusters
is evidenced.

Fig. 104. The very high voltage electron microscope of CEA Paris-
Saclay. This device can irradiate specimens with electrons
of a maximum energy of 1.2 MeV, and a defect formation rate up
to an approximate 5 10-3 dpa/s.

Very high voltage electron micro-
scopes, whose maximum electron
acceleration voltage varies between 1
and 3 MV, can also be used for elec-
tron irradiations. A microscope operat-
ing up to 1.2 MV has been set up at
CEA Paris-Saclay (Fig. 104). This is
the only VHV microscope operating in
Europe.

The specimens used for irradiations
mainly are thin-film phase plates for
Transmission Electron Microscopy
(TEM). The irradiated areas have a
maximum thickness of a few hundred
nanometers. A high defect creation
ratio (up to about 5.10-3 dpa/s) can be
obtained focusing the electron beam.

The specimen is then irradiated on a
surface of a few micrometers diam., as

120 nm

Fig. 105. 316L austenitic steel irradiated with 1 MeV electrons in the CEA Paris-Saclay VHV
microscope at 400°C, up to 5 dpa. As shown on Figure 103a, the irradiated area is focused
on a grain boundary. The chemical composition profile measured in the vicinity
of the boundary is represented on Figure 103b. The irradiation induced an out-of-equilibrium
intergranular segregation phenomenon which is characterized by a nickel enrichment,
and a chromium and iron depletion at the boundary level.
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A VHV microscope can be used to form the image of the mate-
rial irradiated by the electron beam, and so to follow up the
microstructural evolution under irradiation in situ. For instance,
MONNET et al. [15] studied the stability under irradiation of an
Oxide Dispersion Strengthened (ODS) ferritic alloy using the
CEA Paris-Saclay VHV microscope. The evolution of the
various oxides was followed up during the irradiation, which
allowed their dissolution kinetics to be measured. This kine-
tics depends on the oxide nature, as shown on Figure 106.

In particular, yttrium oxide (Y2O3) particles are steady under
irradiation with 1 MeV electrons, and are dissolved when the
energy is increased to 1.2 MeV, which is due to the fact that
the 1 MeV electrons have not a sufficient energy to move
yttrium atoms. Besides, these experiments show that, for the
same radiation dose of the matrix, the Y2O3 and MgAl2O4
oxides are dissolved in a lesser manner than Al2O3 and MgO.

In situ electron irradiations have also been carried out with the
purpose to parametrize models of microstructural evolution
under irradiation, e.g., of the cluster dynamics type. Thus,
HARDOUIN DUPARC et al. [16] irradiated ferritic alloys having low
contents of various impurities, and measured at various tem-
peratures the growth rate of interstitial clusters, as well as the
density evolution of these clusters as a function of the radia-
tion dose.

Figure 107 displays the values of interstitial cluster densities
at steady state, measured at various irradiation temperatures
for pure iron and for a FeCu alloy containing 0.08 at.% copper.
The densities calculated by the cluster dynamics model are

also reproduced. Copper occurrence in the alloy stabilizes the
small interstitial clusters. The model well reproduces the expe-
rimental data for pure iron and FeCu alloy, with the same
values of the model parameters, excluding the value of the bi-
interstitial bonding energy, which is equal to 0.9 eV in the case
of pure iron, and to 1.2 eV in the case of the FeCu alloy.

Patrick TROCELLIER,
Nuclear Materials Department

�References

[1] R.S. AVERBACK et al., “Correlations between ion and neutron irradi-
ations: Defect production and stage I recovery”, Journal of Nuclear
Materials, 75 (1978), pp. 162-166.

[2] M.B. LEWIS et al., “Improved techniques for heavy-ion simulation of
neutron radiation damage”, Nucl. Instrum.Meth., 167 (1979), pp. 233-
247.

[3) J.R. PARSONS et al., “Ion simulation of neutron irradiation growth in
annealed polycrystalline Zr”, Journal of Nuclear Materials, 96 (1981),
pp. 169-177.

[4] H. ULLMAIER, “The simulation of neutron-induced mechanical prop-
erty changes by light ion bombardment”, Ann.Chim.Fr.Sci.Mat., 9 (3)
[1984], pp. 263-274.

[5] C. ABROMEIT, “Aspects of simulation of neutron damage by ion irra-
diation”, Journal of Nuclear Materials, 216 (1994), pp. 78-96.

[6] ASTM International, “Standard practice for neutron radiation dam-
age simulation by charged-particle irradiation”, E 521-1996.

20

40

60

80

100

0

0 20 40 60 80 100
Dose (dpa/matrix)

D
ec
re
as
e
in
ra
di
us
(n
m
) MgO

Al2O3
Y2O3 1,2 MeV
MgAl2O4
Y2O3 1 MeV

1015

1016

1017

1014

0.0016 0.0018 0.002 0.0022 0.0024

1/T (K-1)

ITS(cm
-3
)

QR

FeCu 0.1%
Fe
0.8 eV
0.9 eV
1.0 eV
1.2 eV

Fig. 106. Radius evolution of the oxide (MgO, Al2O3, Y2O3, MgAl2O4)
particles dispersed in a ferritic matrix as a function of the dose
received by the matrix. The irradiations were performed at 400°C
in the CEA Paris-Saclay VHV microscope with 1 MeV electrons [2].
For the special case of oxide Y2O3, irradiations with 1.2 MeV
electrons were also performed, for no dissolution could be observed
at 1 MeV.
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in the case of pure iron and of a FeCu alloy containing 0.08 at.%
of copper irradiated at different temperatures with 1 MeV electrons
in the CEA Paris-Saclay VHV microscope [16]. The displayed curves
correspond to the density values calculated in pure iron with the help
of a cluster dynamics model, for different values of the bi-interstitial
bonding energy.
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When attempting to understand the evolution of a mate-
rial, the starting point often lies in the end: what is the equi-
librium state to which it is moving. This is the aim of thermo-
dynamics, which especially allows the phase diagram* (or
equilibrium diagram*) to be constructed, thereby providing
the volume fraction, and composition of the involved phases
in given service conditions. The construction of a phase dia-
gram, that of the Er-Zr system, is illustrated in the chapter
“Zr Alloys Thermodynamics: Application to the Er-Zr System”,
infra, pp. 119-121: as mentioned in it, an impressive array of
experimental methods as well as the CALPHAD method are
available for this purpose. The CALPHAD method helps
adjust the free enthalpy* of the alloy to a limited number of
experimental data in order to rebuild the whole of the dia-
gram. This raises an issue at once: it is very difficult to reach
the equilibrium state at low temperature because the mate-
rialʼs evolution gets too slow. This is why phase diagrams are
often ill known at low temperature.

In as much as it uses reasonable thermodynamic models,
the CALPHAD method can extrapolate at low temperature
the results obtained from the data generated at high temper-
ature – data provided by atomic models can also be inte-
grated –. The phase diagram can also be directly calculated
using atomistic simulation methods. The essential difficulty is
then to take account of all the contributions to the free energy
of a material-chemical mixing energy, atomic position relax-
ation, vibrational or magnetic excitations… –. Two methods
applied to Fe-Cr alloys are compared in the chapter
“Iron-Chromium Alloys Thermodynamics”, infra, pp. 123-126:

their conclusion is that the low-temperature phase diagram
has to be revised.

The next step consists in modeling the materialʼs evolution
kinetics. For very short times lower than the nanosecond, the
ideal method consists in numerically integrating Newton
equations.Molecular dynamics* is the major path to model
primary radiation damage: i.e. the formation of point defects,
or of defect clusters in “displacement cascades”. Recent
advances achieved at the CEA in a broad variety of materi-
als are summarized in the chapter “Molecular Dynamics
Modeling of Primary Radiation Damage”, infra, pp. 127-132.
Over fairly longer times, microstructures evolve by migration
thermally activated by point defects, and so it is crucial to get
reliable information about their properties: structure, and for-
mation and migration energies. In the latest years, ab initio
methods have fully upset this research field, as will be seen
in the chapter “Point Defect Structure and Kinetics in Silicon
Carbide” (see infra, pp. 133-136), dealing with SiC (in which
defects can exist in various charge states, hence a complex
energy landscape), or in the chapters “Irradiation Defect
Structure and Kinetics in iron” (see infra, pp. 137-140) and
“Helium Energetics and Kinetics in Iron and Iron-Base Alloys”
(see infra, pp. 141-145), dealing with iron-base alloys. These
last two examples illustrate the way ab initio calculations
have provided a clear interpretation of complex experimen-
tal data, thereby putting an end to disputes of several
decades about the diffusion mechanisms taking place in
these materials.

Les matériaux du nucléaire
Modélisation et simulation des matériaux de structure
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Finally, the formation and migration mechanisms of the
defects revealed by the previous approaches can be inte-
grated in the kinetic methods in order to simulate the evolu-
tion of the microstructure, and, in fine, of the functional prop-
erties. This is the purpose of the last three chapters of this
Section. The evolution of dislocation loops in Zr is modeled
by the cluster dynamics method (“Microstructural Evolution
of Zr Alloys”, infra, pp. 147-150): so two irradiation effects of
a major technological importance can be studied, i.e. growth
and hardening. The radiation-induced segregation* phe-
nomena are presented in the chapter “Radiation-Induced
Segregation Kinetics in Austenitic Steels ”, infra, pp. 151-155.
They can induce a local alteration in the composition of an
alloy in the vicinity of the defect sinks (especially, in the grain
boundaries), as well as a degradation of the mechanical
properties, or of corrosion resistance. Finally, the formation

of small copper-enriched clusters in vessel steels
(“Microstructural Evolution of Vessel Steels Model Alloys”,
infra, pp. 157-160), another source of hardening and embrit-
tlement, conveniently summarizes the whole issue of nuclear
materials. Copper precipitation in iron is a phenomenon
which may take place out of irradiation in a sufficiently con-
centrated alloy. As will be seen in the above mentioned chap-
ter, even in this relatively simple case, atomistic simulation
methods have revealed unexpected mechanisms (fast
migration of small copper clusters). But irradiation can also
speed up this precipitation by increasing the point defect con-
centration, or favoring a heterogeneous precipitation on
defect clusters, or even inducing it through an induced seg-
regation mechanism (in a copper under-saturated alloy,
where it would not take place in equilibrium conditions).
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Zr Alloys Thermodynamics:
Application to the Er-Zr System

Among the innovative concepts of fuel cladding in pres-
surized water reactors, let us quote the inserting of a rare
earth such as erbium into the zirconium alloy clad. This
results in a “poisoning” of the reactor core, i.e. this favors
neutron captures by erbium, a consumable poison used for
controlling core reactivity. Knowing phase equilibria in the
Er-Zr then is an indispensable prerequisite for the industrial
implementation of this attractive core poisoning process. The
power of the CALPHAD* method (see supra, pp. 49-52, the
chapter “Phase diagrams”), a semi-empirical method for cal-
culating phase diagrams, is illustrated below, applying it to
the Er-Zr binary system modeling.

Phase diagrams, or equilibrium diagrams, help represent the
stability domains of the phases of a N pure-body mixture as
a function of temperature, and of the mixtureʼs nominal com-
position. Thus, at a X nominal composition and a θ temper-
ature, phase diagrams can inform about the involved phases
and their state, as well as their relative proportions. Phase
diagrams can be experimentally determined, but a compre-
hensive study can be conducted only on a (two-component)
binary system, and, partially, on a ternary system.

Using the CALPHAD method takes all its meaning in rela-
tion to the study of multi-alloyed systems, since this method
relies on modeling the thermodynamic properties of a sys-
tem. Basing on the description of the Gibbs energy (or “free
enthalpy”) of all the phases belonging to a given system, it is
possible to compute the phase diagram. The descriptions of
simple systems can also be combined so as to predict the
phase equilibria of complex systems.

The Gibbs energy of each phase is depicted by a mathemat-
ical model. The coefficients that are part of these expressions
are adjusted referring to experimental data (and, sometimes,
ab initio calculations), such as transformation temperatures,
solubility limits, formation enthalpies, or heat capacities.

Thus the CALPHAD method helps rationalizing an experi-
mental design (thereby limitating the number and costs of
experiments), and investigating multi-constituted systems by
extrapolation of subsystems.

The experimental data useful for studying and modeling a
phase diagram are of different types:

• Metallurgical: measurements of invariant temperatures, of
liquidus* or solidus*, and of solubility limits;

• Thermodynamic: activity, chemical potential, as well as for-
mation, transformation or mixing enthalpy;

• Crystallographic structures;

• With complementary data, if any, from ab initio calculations.

The data available in literature in relation to this system are
very scarce, and are related to the following items: determin-
ing the solubility limit of erbium in zirconium at 1,000°C [1],
determining the solvus* of erbium, and measuring liquidus
and solidus through Differential Thermal Analysis (DTA)*
(ATD*) [2]. All these data have been compiled by C.B.
ALCOCK et al. [3] so as to put forward a first version of the
phase diagram (Fig. 108).

Thermodynamics and Kinetics: Modeling Examples
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Experimental determination
of the phase diagram
Given the very restricted amount of data issued from litera-
ture, experiments were conducted at the CEA in order to
determine the data required for the thermodynamic modeling
of this system. Five binary Er-Zr alloys were made from
zirconium* (VAN ARKEL) and pure erbium, and annealed at
five different temperatures: 500, 850, 1,000, 1,100 and
1,200°C. The chemical compositions of the occurring phases
following thermal treatments were determined using the
Castaing electron microprobe*. Figure 109 illustrates the
microstructural evolution of the binary Er66Zr34 alloy as a
function of the annealing temperature at 500, 850 and
1,200°C.

Let us recall that pure zirconium occurs as two allotropic
forms: one of hexagonal close-packed (hcp) structure, UZr,
at low temperature, and the other of body-centered cubic
structure (bcc), VZr, at high temperature.

Erbium maximum solubility in the solid solution U Zr is
30 at.% Er at 1,000°C: this value is fairly higher than that
reported by ALCOCK (Fig. 108) [3].

The peritectic plateau temperature was determined through
Differential Scanning Calorimetry (DSC) at 1,045 ± 20°C,
starting from two alloys of different compositions: Er40Zr60
and Er25Zr75.

Solidus and liquidus temperatures were measured by
Simple Thermal Analysis* (STA).

Thermodynamic modeling
The aim of this modeling is to describe the Gibbs energies of
all the systemʼs phases as a function of the composition,
temperature and pressure. In a first time, the thermodynamic
models associated with the various phases of the system
have to be selected taking their crystallographic features into
account.

The Gibbs energies of pure elements are described in their
steady states at 298.15 K for a pressure of 105 Pa. The liq-
uid phases, i.e. hexagonal close-packed (hcp) phases (ter-
minal solid solutions of erbium and U zirconium), and body-
centered cubic (bcc) phases (VZr), are described using the
substitutional solid solution model.

All the experimental data determined as part of this study
were used for thermodynamic modeling.

The phase diagram, calculated with these parameters, is
shown on Figure 110. It reproduces these data in a conven-
ient way, save for the solubility limits at low temperature.

The Er-Zr phase diagram, a system not frequently investi-
gated till now, was experimentally re-determined, and was
applied a thermodynamic modeling using the CALPHAD
method. There is a good agreement between the two deter-
minations. This new version is very different from the refer-
ence version put forward in literature till now, as the new dia-
gram displays a solubility domain of erbium in U zirconium
much broader than initially expected, which represents a

Fig. 109. TEM micrograph of an Er66Zr34 alloy following thermal treatment at 500°C (a), SEM micrographs following thermal treatment
at 850°C (b) and 1,200°C (c). The solubility limits of erbium in the solid solution VZr, and of zirconium in the solid solution Er reach 40 at.%
on the eutectic shelf. The eutectic plateau temperature, neighboring 1,380°C, was determined through simple thermal analysis.

1 µm 10 µm 10 µm
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positive point for the technological feasibility of erbium clads
in pressurized water reactors.

Caroline TOFFOLON,
Nuclear Materials Department
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Iron-Chromium Alloys Thermodynamics

A renewed interest in iron-chromium alloy modeling is
emerging, due to the possible use of ferritic and martensitic
alloys in future Generation IV reactors, and even in fusion
reactors. The aim of these studies is to be able to predict
phenomena such as iron-chromium solid solution decompo-
sition, radiation-induced segregation*, or swelling* under
irradiation, referring to atomic properties. An indispensable
step is the development of thermodynamic models – whether
they are interatomic potentials (see supra, pp. 33-37, the
chapter “Interatomic Potentials”) or lattice interaction mod-
els (see supra, pp. 45-48, the chapter “Thermodynamic
Potentials and Mean-Force Potential”) – which provide a
realistic description of equilibrium properties in iron-
chromium alloys and, particularly, of their phase diagram.

Indeed the iron-chromium system stands as a true challenge,
since its thermodynamic properties are quite original. In the
eighties, electronic-structure calculations, and neutron diffu-
sion and resistivity experiments [1], carried out at the CEA,
evidenced a change of sign of the mixing enthalpy as a func-
tion of chromium content, which corresponds to a change in
behavior: alloys below 10% Cr exhibit a tendency to order-
ing, whereas more concentrated alloys tend to a phase sep-
aration between an iron-rich U phase and a chromium-richU� phase. Tendency to ordering in dilute alloys seems to be
incompatible with the phase diagrams available in literature,
which display an almost symmetricalmiscibility gap* at low
temperature, with a near null solubility of chromium in iron.
Several ab initio studies have been recently devoted to this
behavior (e.g. [2]), and have revealed its magnetic origin in
relation to the ferromagnetic properties of iron and the anti-
ferromagnetic properties of chromium. In addition to these
magnetic effects, a significant vibration entropy [3] also con-
tributes to increasing chromium solubility in iron.

The systematic study – particularly, in concentrated alloys –
of these magnetic and vibrational contributions through ab
initio calculations is still very expensive, indeed. Besides,
specific thermodynamic and kinetic models have to be devel-
oped to take them into account, and be able to extrapolate
the ab initio calculations results at a finite temperature.

Two routes are available. The first consists in adjusting inter-
atomic potentials for ab initio calculation results to be repro-
duced (see supra, pp. 29-32, the chapter “Ab initio Electronic-
Structure Calculations for Condensed Matter”). Starting from

these interatomic potentials, it is then possible to compute
the thermodynamic properties (phase diagram construction),
and to simulate the decomposition kinetics. The second,
more simple, approach consists in building a rigid-lattice
model using pair interactions, the magnetic and vibrational
contributions being taken into account through an interaction
dependency on temperature and local composition.

Empirical potentials –
Direct construction
of the equilibrium diagram
The set of interatomic potentials here considered was devel-
oped by P. OLSSON et al. [4]. It reproduces the essential struc-
tural and energetic properties of the FeCr system. In partic-
ular, for solid solutions including up to 15% chromium, the
short-range order and the change of sign of the mixing
enthalpy are correctly described. As shown in a rigid-lattice
Monte-Carlo (MC) simulation [5], this potential displays a
miscibility gap with, as expected, a high limit of solubility in
chromium. In contrast, the limit of iron solubility in chromium
is much lower than the limit experimentally observed.

Basing on this potential, the rigid lattice assumption can be
escaped, so that the iron and chromium atoms can explore
any possible position in the phase space. Figure 111 on the
next page shows that the typical fluctuations of the atomic
positions in the alloy are, however, of low amplitude: the
atoms remain in the vicinity of the body-centered cubic
underlying rigid lattice.

Relaxed-lattice MC simulations are performed at constant
pressure in a specific set referred to as a “transmutation
ensemble”. The objects which are sampled by the Monte-
Carlo simulations, are not the configurations themselves, but
short trajectories during which an iron atom is transmuted
into a chromium atom. These trajectories are generated inte-
grating the Langevin equation at constant pressure (using a
conventional discretization scheme).

Thermodynamics and Kinetics: Modeling Examples
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In such simulations, the chemical potential difference 2μ
between chromium and iron can thus be measured. This
quantity corresponds to the difference in free energy
between a system containing NFe– 1 iron atoms and NCr+1 1
chromium atoms, and a second system containing NFe atoms
and NCr atoms:

2X = G(NFe – 1, NCr +1) – G(NFe, NCr) (1)

Relationship (1) allows the Gibbs free-energy surfaces to be
reconstructed as a function of chromium concentrationc = NCr/(NFe+NCr) and of temperature T (see Figure 112).
The quantity 2X (c, T) is directly estimated during simulations
with the help of an estimator [6], i.e. a mathematical relation-
ship used to average the observable (the physical quantity of
interest) from all the configurations built by simulation. In the
present case, the configuration sample is named a “MARKOV
chain”, because it is constructed using a Monte-Carlo
method. The more simple estimator corresponds to the arith-
metic average. In practice, the chosen estimator is almost
always one that optimally reduces the statistical variance of
estimations so as to get the most possible accurate estimate.
Thus, in the present case, we have used the optimal condi-
tional estimator recently developed by J.-F. DELMAS and
B. JOURDAIN [7].

The solubility limits obtained for chromium [6] are about 6 to
8 at.% chromium, in agreement with the values predicted by
CALPHAD. The thermodynamic relevance of the relaxed lat-
tice calculations only depends on the quality of the inter-
atomic potentials used: no approximation is done in this

approach. Simulations with atomic relaxations allow the
phonon contribution in free energies and chemical potentials
to be measured. This contribution corresponds to the vibra-
tional entropy, in contrast with the entropy of the atomic dis-
tribution on the underlying rigid lattice. Yet, relaxation calcu-
lations are extremely expensive, and are still hard to achieve
within the framework of Kinetic Monte-Carlo or mean-field
methods described in the chapter “Kinetic Models”, supra,
pp. 57-60.

Fig. 111. Snapshot of a simulated structure of an iron-chromium alloy
containing 20% chromium atoms at T = 300 K. Iron and chromium
atoms are respectively represented in blue and grey. The simulation
box contains 432 atoms.

Fig. 112. Top: Gibbs free energy of an iron-chromium alloy as
a function of chromium concentration c. In order to make the free
energy profiles more visible, the latter have been translated and
flattened using the formula juxtaposed to the ordinate axis. 2μ*
corresponds to the chemical potential difference when two phases
are co-occurring. This quantity is calculated in the semi-grand
canonical ensemble within which the chromium concentration
fluctuates. Quantity P* refers to the probability to observe the
(chromium) concentration c in the semi-grand canonical ensemble2μ*–T: the clear regions on the bottom landscape correspond to
the areas of strong probabilities, and so of thermodynamic stability
(see the color pattern). At low temperatures the iron-rich phase
and the chromium-rich phase are stable and equiprobable. The iron
and chromium solubility limits indicated by the white curves on
the bottom figure correspond to the local maxima of P*. The number
of atoms in the box is 432. Within the thermodynamic limits the
construction used here is equivalent to the common tangent rule.
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Rigid-lattice models
This is why a more simple approach has been recently devel-
oped at the CEA [8]: it makes it possible to investigate kinetic
properties, and model the microstructural evolution under
irradiation, and uses effective pair interactions on rigid lat-
tice. In order to get asymmetrical thermodynamic properties
in iron-rich and chromium-rich alloys, these pair energies
depend on the local atomic composition. Adjusting them on
ab initio calculated 0-K mixing energies makes it possible to
correctly reproduce the transition between the ordering and
unmixing tendencies (Fig. 113).
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A temperature linear dependence of pair interactions,
adjusted on the experimental value of the unmixing critical
temperature, helps take account of the magnetic transition
effects and of the vibrational entropy at non-zero tempera-
ture: a phase diagram is then obtained in good agreement
with those given in the latest experimental and theoretical
reviews, especially for chromium solutibility in iron (Fig. 114).

This interaction model remains sufficiently simple to be used
in kinetic applications: the Monte-Carlo modeling of iron-
chromium alloy decompositions during thermal aging, based
on this model, is under development [10].

Frédéric SOISSON and Manuel ATHÈNES,
Nuclear Materials Department
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Molecular Dynamics Modeling
of Primary Radiation Damage

The main mechanism of damage creation in a solid is the
accumulation of atomic displacement cascades. The particles
(neutrons, ions) which penetrate into the target, can induce
chain collisions. The target atom that is initially hit by the radi-
ating particle, then leaves its site, and collides with its neigh-
bors, thereby generating a displacement cascade*. In the
studies relating to the evolution of materials under irradiation,
the primary damage created immediately after each atomic
displacement cascade is distinguished from the long-term
microstructural evolutions. The latter, the only that are likely to
be observed experimentally, directly depend on the nature and
the amount of primary damage. Owing to its extremely short
creation time, this damage cannot be directly observed. This
is why it is much investigated through numerical simulation,
especially through Molecular Dynamics* calculations. The
latter describe the atomic motion along a deterministic trajec-
tory referring to the numerically integrated Newton equations.
The principle of a cascade calculation in molecular dynamics
is simple. It consists in strongly speeding up an atom in the
solid (located near its surface, if the aim is to reproduce an ion
irradiation), and then in following its displacement, as well as
that of other atoms, whether they are subjected or not to direct
or indirect collisions with the accelerated atom. The only ingre-
dient required is the set of interatomic potentials (see supra,

pp. 33-37, the chapter “Interatomic Potentials”). Historically,
calculations of displacement cascades are part of the very
early applications of molecular dynamics, the first calculations
going back to the sixties [1].

The two phases
of the displacement cascade
Molecular dynamics calculations (see supra, pp. 43 et 44, the
chapter “Molecular Dynamics Simulations”) have led to the
conceptualization of cascade decomposition into two phases:
ballistic, and thermal (Fig. 115). They show that, whatever the
material, from the initial instant of the projectile acceleration,
the cascade is deployed through a succession of violent inter-
atomic shocks that constitute the ballistic phase. A few atoms
are displaced over “long” distances (much beyond the inter-
atomic distance). This first phase lasts about 0.1 ps. It is then
followed by the thermal phase in which thermal waves and
pressure waves develop from the core of the cascade, and
induce a local melting and expansion of the material (over a
few dozen nm3). This thermal phase is followed by a cooling
phase and a pressure drop in the core of the cascade, accom-
panied with a partial reconstruction of the solid. In the case of
a crystalline solid, a more or less complete recrystallization

Thermodynamics and Kinetics: Modeling Examples

Fig. 115. Displacement cascade* in iron. The atoms dislodged from their initial positions at different instants of the cascade are in grey.
Their trajectories from their initial site are shown in green dotted lines. First line: from 0 to 40 femtoseconds (ballistic phase).
Second line: from 70 to 860 femtoseconds (thermal phase).
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can be observed. The observed final state depends on both
these overheating-expansion, and then recovery processes,
and the ballistic displacements of some atoms which lead to
an inhomogeneous distribution of vacancy-type defects (rather
at the center of the cascade), and of interstitial defects (rather
on the edge). The later evolution of the atomic structure that
results in the materialʼs microstructure under (or following) irra-
diation can no longer be described using molecular dynamics
calculations. This slow evolution, sometimes named “diffusive
phase of radiation damage”, can be described only by long-
timescale simulation methods such as the Kinetic Monte-
Carlo* (KMC), the Self-Consistent Mean-Field* (SCMF), or
theCluster-Dynamics* (CD) methods (see supra, pp. 57-60,
the chapter “Kinetic Models”).

It is worth noting that if strictly focusing on the ballistic phase,
calculations based on the binary collision approximation pro-
vide a rather suitable close-up of the spatial distribution of
damage and displaced atoms. These methods are fast, so
that they can describe cascades of any energies, and carry
out statistical studies, which is not the case of molecular
dynamics calculations. In contrast, molecular dynamics
allows for the detailed description of not only the cascade,
but also the materialʼs reaction, and gives an accurate image
of its atomic structure at the end of each cascade.

The advantages and drawbacks of molecular dynamics mod-
eling of cascades are obvious [2]. The first advantage is that
the method does not allow for any assumption in relation to
damage distribution, and treats all the atoms equally. Thus,
it can be gradually seen what are the atoms knocked on by
the projectile, and what damage is induced in cascade by
these very atoms. Moreover, full interatomic interactions are
considered, so that the ballistic phase (in which few atoms
are involved), and the thermal phase (involving the whole
surrounding crystal) can be similarly described. In addition,
using empirical potentials adjusted on the structural and ther-
modynamic properties of the solid opens the path to a good
description of the materialʼs structure at the end of the cas-
cade.

The main drawback of these calculations is their strong heav-
iness. They require a high computing power, and most often
have to be performed on central or departmental computing
machines. Such a heaviness entails two limitations:

• On the one hand, the number of atoms to be considered, as
well as the maximum energy of the cascades likely to be
modeled. In practice, it is difficult to consider more than a
few dozen or hundred million atoms in the present time,
which means a maximum energy of about a few hundred
keV for the cascades likely to be modeled. If this energy
limit is sufficient to describe the cascades that take place in
nuclear reactors or during U decays of waste packages, it
is considerably lower than those of outer ion irradiations,
that are in the order of the MeV;

• On the other hand, the accurate process of a cascade is a
mainly chaotic phenomenon. So a large number of calcu-
lations would be required to get a sufficient statistics on the
damage generated by cascades, which is very difficult for
high energies. However, it is worth noting that, with an
energy of a few dozens of keV, a rather marked division of
the cascade into several subcascades of grouped displace-
ments can be observed. Indeed, the fastest projectiles can
travel along rather long ranges (in the order of a few
nanometers) without displacing any atom, and then dis-
place one or several atoms that will generate a localized
subcascade. So, to some extent, statistical studies can be
carried out on mean-energy cascades, resulting in informa-
tion about the mean damage created by high-energy cas-
cades.

The other significant drawback of these calculations (to be
found in binary collision calculations, too) is the absence of
true modeling of electron losses, though the latter account
for a notable share of the energy losses of atoms under
motion, i.e. from a few dozens of keV, before getting predom-
inant beyond a few hundreds of keV. In practice, these
effects are taken into account only by introducing a
bremsstrahlung term on the quickly moving atoms. The
energy so extracted from the projectiles is not reinjected into
the solid, which does not allow for the description of the dam-
age possibly induced by the electron losses themselves.
However, thermal spike modeling is available at the atomic
scale, and tends to partially describe what damage could be
induced by the energy released from the electron losses (see
the following pages of this chapter).

Following the cascade:
the nature of created damage
Some features of materials behavior under irradiation can be
directly understood basing on atomic structures at the end
of a cascade. The final atomic structure following a cascade
strongly varies, indeed, from a material to another. The resid-
ual defects observed can go from a few isolated defects to
the appearance of a true amorphous* trace. Thus materials
tending to be amorphized under irradiation (which is the case
of many ceramics) can be detected. Amorphization consists
in the collapse of the regular crystalline structure, the solid
then displaying an atomic structure similar to that of glasses.
In the case of materials that do not undergo amorphization
(metals and metallic alloys, some ceramics), the fine analy-
sis of the resulting defects informs about the possible
microstructural evolutions under irradiation, and provides
essential information relating to larger time and space scale
models (see in the following pages).

As regards the materials which are amorphized under irradi-
ation, molecular dynamics calculations help differentiate the
various amorphization mechanisms. The atomic structure
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may not re-crystallize in the end of the thermal phase, hence,
in fine, an extremely upset area within the core of the cas-
cade, which does exhibit an amorphous structure. A typical
example is zircon (ZrSiO4). Molecular dynamics calculations
[3] have confirmed that this amorphization directly takes
place within the core of each cascade (Fig. 116). Other types
of damage can be observed at the tail end of the cascade in
amorphizable materials. Thus, the amorphization of the pro-
jectile trace may be but partial, as in zirconolite (CaZrTi2O7)
[4]. Damage may also be restricted to nanometric defect
clusters (as in the case of silicon carbide), or even to mere
point defects, as in the case of oxides with a pyrochlore
structure, e.g. La2Zr2O7 [5]. However, all these materials are
finally amorphized under irradiation (at least at low temper-
ature, see below). So different amorphization mechanisms
can be distinguished: amorphization by direct impact in zir-
con, overlapping of cascade traces in SiC, with a final amor-
phization of 0.3 displacement per atom [6] (in very good
agreement with experiments), point defect build-up in
pyrochlores. These various mechanisms can be found in
experiments.

For all the amorphizable materials, a gradual increase in the
amorphization dose with temperature can be observed for a
given type of irradiation, up to a ʻcriticalʼ temperature at which
this dose diverges, and gets infinite. Beyond this tempera-
ture, the material cannot be amorphized. Molecular dynam-
ics calculations additional to cascade calculations have
allowed this phenomenon to be reproduced and understood
in the case of amorphization through point defect accumula-
tion. The simulations consisted in introducing Frenkel-pair
type point defects (vacancy-interstitial pairs), at regular inter-

vals, into initially crystal boxes maintained at a constant tem-
perature. Thus, the increase in the amorphization dose with
temperature and the occurrence of a critical temperature
could be qualitatively reproduced. After correcting the flux
effects (much stronger in calculations than in experiments),
an excellent agreement could be obtained for these critical
temperatures in the case of pyrochlore oxides [5]. Similar
analyses could help understand why uranium oxide, though
of a structure very close to that of pyrochlores, displays a
very high irradiation resistance, and is never amorphized [7].
Thus, as shown on Figure 117, an 80-keV cascade in UO2
does not generate any amorphous area [8]. Point defects
can be seen, which sometimes gather as clusters of nano-
metric size, especially in the case of vacancies. The
vacancy-interstitial pairs prove to have a long recombination
distance. That drastically limits their presence in the mate-
rial, even under intense irradiation. So, their concentration
never reaches sufficient value for the structure to collapse.

Similarly to uranium oxide, the broad variety of molecular
dynamics cascades in the materials which are not amor-
phized, relies on the detailed analysis of the generated
defects. Thus, in zirconium carbide ZrC [9], small interstitial-
type dislocation loops could be observed, thereby demon-
strating that these directly occur following cascades
(Fig. 118).

Fig. 116. Structure of (5% U) doped zircon following a 5 keV
cascade. The silicon atoms are in yellow, the zirconium atoms in
blue, the oxygen atoms in red, and the uranium atoms in green [3].

Fig. 117. Remanent point defects created during a displacement
cascade in uranium dioxide which has been initiated with a 80 keV
energy, corresponding to the energy of a recoil nucleus during anU disintegration. The grey spheres stand for uranium interstitials,
the red spheres for the oxygen interstitials, the yellow spheres
for the uranium vacancies, and the green spheres for the oxygen
vacancies. A cluster of fifty-four vacancies can be observed
at the center of the cascade [13].
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In body-centered cubic (bcc) iron, primary damage consists
of small clusters of vacancies or interstitials. For a long time
interstitials have been assumed to be systematically formed
of dumbbell* structures assembled according to a few spe-
cific crystallographic directions. Now, it has been quite
recently [10] discovered that they can be assembled as com-
plex nanometric precipitates that finally constitute crystalline
nanophases (C15 Laves phase) precipitated in iron. In bcc
iron, these C15 clusters are very stable, motionless, and dis-
play large antiferromagnetic moments. They are directly
formed in displacement cascades, and can grow by captur-
ing self-interstitials (Fig. 119). The stability and quasi-total
absence of mobility of these new interstitial cluster configu-
rations deeply alter the understanding of microstructural evo-
lution kinetics during and after irradiation in the case of fer-
ritic materials.

Finally, it is worth mentioning the case of models for waste
disposal glasses. Of course, the term ʻamorphizationʼ is not
relevant in this case, since the structure is already vitreous;
yet, structural changes can be observed at the atomic level.
Thus, it could be shown that glass polymerization was
affected by displacement cascades [11].

Fig. 118. Displacement cascade in zirconium carbide, initiated
with a 50 keV energy. The left image shows the trajectories of the
displaced atoms. The right image shows the formation of a small
dislocation loop at the end of the cascade. The carbon atoms
and zirconium atoms are respectively shown in green and red [9].

Fig. 119. In the center, the formation of vacancy and interstitial clusters, following a displacement cascade in iron initiated with a 20 keV energy.
The orange spheres stand for the atoms in interstitial position, and the blue cubes, for the atoms in vacancy position. On the left-hand part,
we have enlarged the interstitial cluster of the cascade periphery. As a matter of fact, though twenty-eight atoms are in interstitial position,
there are only eight additional atoms. This cluster is a dumbbell assembly of the two single interstitials, and a C15 cluster of six interstitials.
The C15 cluster of six interstitials corresponds to a local change in the crystallographic structure of the body-centered cubic crystal towards
the C15 phase, hence twenty-four atoms in interstitial position, and eighteen atoms in vacancy position [10].
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Beyond these specific cases, let us recall that the amount
and distribution of the generated defects are crucial for the
microstructural evolution, and constitute input data for slow
kinetics models.

The two previous processes, displacements cascades and
Frenkel pair accumulations, account for primary damage
associated with the nuclear collision regimes for low-energy
projectiles. Nevertheless, when the projectile is more ener-
getic, its energy is mainly dissipated through electron excita-
tions. Part of this electron energy is transferred into non-
radiative atomic motions (heat). This thermal transfer of
energy can be modeled by a thermal spike in classical
molecular dynamics. In order to model a thermal spike event,
a cylinder is selected in the center of the simulation box. A
small kinetic energy pulse is then applied to all the atoms
included in the cylinder. Typically, the energy increase ranges
between 2 and 8 eV/atom. As a result, the temperature can
be artificially increased, and the local overheating due to
electron excitations can be simulated. The system is then
relieved until a thermodynamic equilibrium is reached. For
example, this type of simulation was used to evidence the
straight generation of small dislocation loops* in uranium
dioxide (Fig. 120) [12], in contrast with displacement cas-

cade simulations in the same material which only generate
disseminated point defects (Fig. 117).

So, with the help of these thermal spike simulations, residual
damage induced by the heat brought by electron losses can
be modeled. Yet, the electron component of thermal conduc-
tion and the electron-phonon coupling are neglected in this
classical molecular dynamics approach. A full modeling of
ballistic and electron losses would also entail describing the
dynamics of the electrons excited by the electron losses, the
thermal electronic conduction, and the electron-phonon cou-
pling, which would require using a quantum formalism. Such
a modeling is still to be invented.

Jean-Paul CROCOMBETTE, Mihai-Cosmin MARINICA,
Nuclear Materials Department

and Laurent Van BRUTZEL,
Physical Chemistry Department
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Point Defect Structure and Kinetics
in Silicon Carbide

Silicon carbide can be considered as a material for fission
and fusion nuclear energy due to its high melting tempera-
ture (2,730°C), its thermal conductivity (high for a ceramic),
and its efficiency as a diffusion barrier for fission products,
all these qualities being of interest for fuel clad fabrication.

Silicon carbide is a semiconducting material, and occurs as
several polytypes. It is worth mentioning the polytype 3C,
with a cubic, zincblende structure, which exhibits a unit cell
parameter intermediate between that of diamond carbon and
that of silicon of same structure. This is the material usually
considered for nuclear applications [1]. Hexagonal polytypes
4H and 6H were investigated due to their applications in
microelectronics, in relation to their electronic structure. The
silicon and carbon atom coordination structure is tetrahedral
for all SiC polytypes, which only differ by the stacking of
atomic planes. The silicon-carbon bond which ensures the
materialʼs cohesion is mainly covalent.

Point defect structure
As in metals, insulators contain an equilibrium concentration
of basic point defects*, vacancies*, interstitials*, antisites*;
their formation and migration energies are the key quantities
to determine the equilibrium concentrations and the point
defect mobility. In an insulator, in contrast with metals, a point
defect can trap one or several positive or negative charges
(electrons or holes). So, several charge states are possible
for each defect, which multiplies the number of species to
investigate, as well as the possible reactions between
defects. The charge carried by a defect very strongly impacts
the stability and mobility of the defect itself. At thermody-
namic equilibrium, this charge depends on the chemical
potential of electrons µe (or Fermi level*). The latter is
located between the top of the valence band and the bottom
of the conduction band. In order to illustrate this dependence,
we show on Figure 121 the variation in the equilibrium con-
centrations of a few basic defects in cubic silicon carbide as
a function of the electron chemical potential. The slope of the
straight lines obtained then depends on the defects charge.
The Fermi level position depends on the intentional or unin-
tentional presence of impurities in the material. The latter
may be n- or p-type doped, which fixes the Fermi level
respectively near the conduction or valence band. For an
intrinsic (i.e. undoped) semiconductor, µe is near the middle
of the band gap (1.2 eV above the top of the valence band).

Let us note that the Fermi level position may be altered under
irradiation.

The formation energies used to compute the concentrations
on Figure 121 are issued from ab initio* calculations partly
performed at the CEA [2]. It can be noticed that carbon
vacancies* and antisites* are the most numerous defects.
Silicon interstitials* and vacancies have higher formation
energies and, at equilibrium, are virtually absent at service
temperatures in gas-cooled reactors likely to use silicon car-
bide as a structural material.

Thermodynamics and Kinetics: Modeling Examples

Fig. 121. Equilibrium concentrations at 1,000°C of the basic defects
in cubic silicon carbide, obtained from the ab initio, formation
energies as a function of the electron chemical potential (measured
from the top of the valence band). The slope of each curve
is determined by the predominant charge state of the defect.
The silicon vacancy exhibits a peculiarity: the structure resulting from
the elimination of a silicon atom is not stable, but only metastable:
the displacement of one carbon atom to the neighboring silicon
vacant site leads to the VCCSi complex (carbon vacancy+carbon
antisite) of lower energy. This transformation is not spontaneous,
for it entails the crossing of an energy barrier.
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Thus, these basic defects can be found in a non-irradiated
material in low, or even very low, concentrations. Yet irradi-
ation generates as much as a few atomic percent of them.
The defects are then responsible for several alterations in
the material [1]: swelling, reduced heat conductivity, accel-
erated glide of dislocations [3], and even amorphization. As
a consequence, it is necessary to understand defect proper-
ties at the finest possible scale.

Defect migration
and recombinations
Understanding and predicting these alterations entails a
physical description of how primary damage is created, as
well as of the mechanisms that govern the evolution of each
defect. For example, kicking a silicon atom out of its crys-
talline site induces a Frenkel pair*, shown on Figure 122, in
which defects are separated by only a few angstroms.
However, depending on the mechanism by which they are
generated, they may be sufficiently far from each other to be
described as two independent species.

Let us take the example of this Frenkel pair to illustrate the
events that may characterize the lifetime of a defect in silicon
carbide until it disappears.

The silicon interstitial is relatively mobile in its neutral charge
state, as its migration energy is 0.8 or 1.4 eV according to
the estimates. It migrates by successively passing from the
tetrahedral configuration to that of a Si-Si dumbbell sharing
a silicon site. It may meet other (carbon or silicon) intersti-
tials, and form relatively stable clusters of interstitials. It may
also vanish by being annihilated on sinks (surfaces, disloca-
tions, grain boundaries). The energy barriers for these trans-
formations, which a priori depend on the specific structure of
these objects, are not known. The interstitial may also
undergo an electronic excitation, and change its charge
state. Calculations show that the interstitial mobility
increases when the charge is Q = +2, but decreases in quite
a significant way for a charge Q = +4 [4].

As it is moving, the interstitial may also meet a vacancy. If it
is a silicon vacancy in its simplest form, both defects can
annihilate one another, whereas in the case of a carbon
vacancy, the interstitial silicon atom may be lodged in the
empty carbon site, thereby forming an antisite defect. All the
recombinations, whether they generate antisites, or simply
entail the disappearance of a vacancy and an interstitial, are
limited by the diffusion of the two defects involved, and by a
possible recombination barrier. This last barrier is often neg-
lected in metals, as it is considered as lower than the migra-
tion energies. Yet, this does not always prove true, especially
in the case of materials with covalent bonds.

What about the conditions in which these recombinations
take place? First, let us consider a specific example studied
through ab initio simulations so as to show the importance of
the structures and energies of the involved defects. As men-
tioned in the caption of Figure 121, the silicon vacancy in a
stable position turns to a carbon antisite neighboring a car-
bon vacancy. If the silicon interstitial meets a silicon vacancy
in its stable structure, it will quite naturally occupy the vacant
carbon site of the VCCSi structure, thereby forming an anti-
site pair (AP) [5]. This combination of two antisite defects,
first neighbors to each other, may vanish following the
exchange of the involved silicon and carbon atoms (i.e. the
recombination of an antisite pair). This exchange, studied by
several authors using ab initio calculations, reveals the com-
plexity of the energy landscape in silicon carbide, with two
metastable positions consisting of coordination defects
(referred to as “SCD”, for “Stoichiometric Coordination
Defects”, and “antiSCD”) [6]. The energy profile for this trans-
formation is displayed in Figure 123.

The stability of these coordination defects depends on the
height of the energy barriers which separate them from other
more stable positions (here, the pair of antisites and the
defect-free crystal). As these barriers are only a few tenths
of an eV, these defects can only subsist at temperatures far
lower than the room temperature. However, these undula-
tions of the energy landscape can play a key role in the
material amorphization process [6] as observed under irra-

Fig. 122. A silicon Frenkel pair in cubic SiC (the silicon atoms are in
blue, the carbon atoms in yellow). Here, the two constitutive defects
are separated only by a few interatomic distances in the <110>
direction, perpendicular to the plane on the Figure. The interstitial
atom is in a tetrahedral structure (TC), being bonded to four carbon
atoms. The silicon vacancy is in its most stable form,
that is the VCCSi complex.

VCCSi

ISi
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diation at sufficiently low temperature. The structure of these
coordination defects, illustrated on Figure 124, displays odd-
membered rings (5 and 7), similarly to some coordination
defects in silicon or to Stone-Wales defects in graphite. The
charge effect on the recombination is marked, as shown on
Figure 123: thus, for charge Q = +2, the overall barrier for
the recombination of antisite pairs is reduced by a factor of
two, and the SCD structure becomes unstable.

The migrations of each species, as well as the clustering,
dissociation or transformation reactions depend on energy
barriers associated with the saddle points between the vari-
ous stable or metastable atomic arrangements (see the
related chapter on methods to determine saddle points:
“Atomic-Scale Energy Landscape”, supra, pp. 39-42). These
energies play a key role in predicting kinetic paths within the
material.

As regards silicon carbide, a systematic calculation of these
quantities in Density Functional Theory* (DFT*) has been
already undertaken for ten years or so. After the most sim-
ple defects and the basic mechanisms of migration or trans-
formation [4], other complexes and other reactions between
defects have been investigated using similar methods. We
have compiled a list of these transition energies that are
shown on Figure 125. On the left side of the figure, each
straight line represents the time characteristic of an event,
e.g. in relation to the jump of a vacancy or an interstitial. This
quantity exponentially depends on the inverse temperature
(on the x-axis), and on the related energy barrier, shown on
the right side of the plot. We have grouped the barriers into
three categories of events.

The first group (a) consists of the migrations and transfor-
mations of interstitials, whose energy barriers are often lower
than the electronvolt. If excluding the case of antisite pairs,
the recombination energies, too, are small, though not equal
to zero. The vacancy diffusion, controlled by the barriers of
the second group, (b), is activated only at relatively high tem-
peratures. The third group contains the mechanisms of car-
bon cluster dissociation [7]. Thus these clusters are expected
to be quite stable.

Fig. 123. Energy profiles during the recombination of an antisite pair
for three charge states, computed using Density Functional Theory
(DFT). The minima corresponding to the structures illustrated
on Figure 124 (SCD and antiSCD) are mentioned. The reaction
coordinate, in angstrœms, is the cartesian distance in 3N-dimension
with respect to the defect-free crystal (N being the number of treated
atoms). Zero on y-axis corresponds to the defect-free crystal energy
in the considered charge state.

Fig. 124. Structure of two coordination defects (SCD, for “Stoichiometric Coordination Defect”) in silicon carbide. Only the plane <111> is
displayed. The carbon atoms are in yellow, the silicon atoms in blue. SCD and anti-SCD defects are created by rotation of the SiC bond
illustrated in purple. The two structures stand for the two minima found during the recombination of a neutral antisite pair (see supra, Fig. 123).
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Defect annealing is controlled by all these energy barriers
that constitute the key parameters to describe the evolution
of defect populations in SiC under (or following) irradiation.
It is thus paramount that the hierarchy set up basing on these
quantities be reliable. Unfortunately usual ab initio methods
(i.e. DFT in LDA28 or GGA29 approximation) do not always
provide sufficient accuracy. Such is the case of the barrier
for the transformation of VSi to VCCSi, mentioned in the
caption of Figure 121. As recently shown [8], DFT calcu-
lations in LDA approximation are not sufficiently reliable, not
only for the energy differences between the different charge
states, but also for the barrier for the transformation of one
structure to another. A more elaborate approach based on
many-body perturbation theory, referred to as the GW
approximation, has demonstrated that it is also important to
take into account minority charge states in order to interpret
the experimental results for the annealing of this defect.

As a conclusion, ab initio calculations, at various levels of
approximation, helped provide an estimate of a high number
of energies for point defect formation and migration in silicon
carbide. A considerable effort is still required for a compre-
hensive, consistent database to be provided. Yet, despite the
difficulties specific to nonmetallic materials, these energies
already stand as an invaluable tool to understand the evolu-
tion of radiation damage in silicon carbide, referring to basic
mechanisms and to the multiscale models relying on these
mechanisms.

Guido ROMA, Fabien BRUNEVAL

and Jean-Paul CROCOMBETTE,
Nuclear Materials Department
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Fig. 125. Kinetic events in cubic silicon carbide. Left: each curve
shows the time characteristic of an event versus the reciprocal
temperature. Right: the corresponding energy barriers distributed
among three groups: a) migration and transformations of interstitials,
energy barriers for Frenkel pair recombination; b) antisite pair
recombination, migration of the vacancies, and of the charge state
4+ silicon interstitial; c) dissociation of carbon clusters.
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Irradiation Defect Structure
and Kinetics in Iron

The evolution in the microstructure of nuclear reactor
structural materials is mainly controlled by the properties of
the point defects created by irradiation: vacancies (H), and
self-interstitial atoms (E). Their key features are their lowest
energy configuration, their migration mechanism, as well as
the way they form clusters, and interact with the impurities
occurring in materials. Generally, these data at the atomic
scale cannot be directly drawn from experiment. Therefore,
a precise modeling is indispensable.

Point defects and their clusters
in e-iron
First-principles methods, based on calculations of electronic
structures, probably are the most powerful to investigate
defects in iron-base systems, where the strong ferromagne-
tic* order in the body-centered cubic (bcc) lattice plays an
important role, and where the nature of the interatomic inter-
actions may be strongly altered in presence of interstitial
impurities, such as C, N, P, or substitutional solutes such as
Cr and Ni.

Studies of this type have been performed at the CEA, in the
framework of Density Functional Theory (DFT), for the
defects of pure iron and iron alloys. In addition to standard
DFT codes, that represent wave functions as plane waves,
the SIESTA code, widely used since 2002, has proved quite
efficient, and sufficiently precise to describe these systems
thanks to the use of small databases of pseudo-atomic
orbitals (see supra, pp. 29-32, the chapter “Ab initio
Electronic-Structure Calculations for Condensed Matter”).

A representative example, that illustrates the predictive
power of DFT for point defects in metals, is related to energy
and the mobility of single interstitials in the body-centered
cubic iron.

In bcc metals, self-interstitial atoms often take high-symmetry
configurations, such as dumbbells*, where two atoms share
a site of the lattice (Fig. 126), or crowdions*, where three
atoms share two neighboring sites of the lattice. A high
amount of the studies conducted before 2003, based on
EAM (Embedded-Atom Model) empirical potentials (see
supra, pp. 33-37, the chapter “Interatomic Potentials”), pre-
dicted that the dumbbells of orientations <110> and <111>
had very close energies, and that single interstitials migrated
through a very fast unidimensional motion in a direction

<111>, according to a dumbbell-crowdion-dumbbell mecha-
nism, occasionally combined with thermally activated reori-
entations. This is true for most of body-centered cubic met-
als, in which the migration energies of the self-interstitials
given by the experiments are relatively low, i.e. around
0.1 eV. But, in the case of iron, this broadly admitted energy
landscape was questioned by DFT calculations. References
[1] and [2] have shown that the energy difference between
the fundamental states of the dumbbells <110> and <111> is
about 0.7 eV, that is much more than predicted by the EAM
potentials. This high value makes the migration through the
dumbbell <111> incompatible with the experimental value of
the migration energy of a single interstitial: 0.30 ± 0.03 eV
[3].

So we have reexamined the case of iron using DFT calcula-
tions, and identified the most favorable migration mechanism,
that corresponds to the rotation and translation jump towards
one of the first-neighbor sites (Fig. 126), with a migration
energy of 0.34 eV, in excellent agreement with the experimen-
tal value. This mechanism implies a three-dimensional migra-
tion of the self-interstitials. This original behavior of Fe can be
explained by its magnetic properties [5], for this is the dumb-
bell <111>, located along the most dense direction of a bcc
crystal, that induces the strongest decrease in the local mag-
netic moment amplitude, which contributes to increasing its
energy.

Undoubtedly, first-principles methods prove especially pow-
erful when their energetic and migratory properties arise from
not only their crystallographic, but also their electronic and
magnetic features.

As in most bcc metals, it is energetically favorable to gather
the vacancies and the self-interstitials in order to form small
clusters. What is still peculiar in the case of iron is the fact that
the small clusters formed with parallel dumbbells <110> have
formation energies lower than those formed with dumbbells
<111>, up to a size of about four interstitials [6]. These small
clusters <110> are very mobile. For instance, the di- and tri-
interstitial clusters have almost the same migration energies
(~ 0.42 eV), and make the same rotation and translation jump
than the single interstitial. Their mobility is also quantitatively
in agreement with experimental data [3]. In addition, accord-
ing to recent modeling [7], another family of small clusters, dis-
playing a ring structure, could have energies similar to, or even
slightly lower than, those of the parallel clusters <110>.

Thermodynamics and Kinetics: Modeling Examples
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The configuration of lower-energy vacancy clusters rather
corresponds to compact 3D structures. Small clusters
migrate by successive jumps of single vacancies towards
nearest-neighbor sites, and their mobility tends to decrease
with their size.

An unexpected result: clusters containing two, three, and
four vacancies (H2, H3 and H4) were found to have low migra-
tion energies, lower than that of a single vacancy (Fig. 127)

[4]. This DFT result allowed a convergence to be found
between various experimental results, as explained in detail
hereafter.

Carbon interactions
with point defects
Real materials are never free of impurities: so it is indispen-
sable to go beyond pure systems. In iron-base alloys, par-
ticularly in steels, carbon is always present, as an interstitial
solute occupying octahedral sites of the cc matrix, and it is
expected that it has a crucial effect on the energetic and
kinetic properties of point defects (vacancies and self-
interstitial atoms), as suggested by electrical resistivity
recovery* experiments [3]. In particular, carbon strongly
attracts vacancies in U-iron. Its interaction with self-interstitials,
too, is expected to be attractive, though lower.

A study using the empirical potentials of the carbon proper-
ties in a metal such as iron is far from being negligible, given
the strongly covalent feature of the C-C and Fe-C interac-
tions [8]. First-principles studies are so indispensable. As an
example, let us focus on the agglomeration of carbon around
one or several vacancies. The configurations of lower energy
than some representative C-vacancy clusters are shown on
Figure 128. These configurations result from the interaction
of two driving forces: (1) C is attracted by vacancies in order
to reduce the iron lattice distortion induced by its occurrence
in an interstitial site, and (2) C is kept on the peripheral part
(outside a vacant site) in order to remain near its iron first
neighbors, thereby preserving its strong Fe-C covalent bond.
The resulting effect is already visible in the simplest case:
i.e. a carbon atom and a vacancy (Fig. 128a). Such a config-
uration had already been suggested by positron annihilation
experiments [9]. The situation is all the more interesting with

Fig. 126. Schematic representation of the rotation and translation
mechanism of a dumbbell <110>, its rotation towards a dumbbell
<111>, and the 1D migration of an interstitial <111> through
a dumbbell-crowdion-dumbbell sequence. The corresponding
energy landscape is also indicated.

Fig. 128. Schematic representation of the lower-energy
configurations for small representative vacancy-carbon complexes:
(a) LC, (b) LC2, (c) L2C4, (d) L3C3, (e) L3C4, and (f) L4C4. Vacancies,
and Fe and C atoms are respectively symbolized by cubes,
and big and small spheres.
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Fig. 127. Schematic representation of the lower-energy migration
mechanism of a triple-vacancy, and of its barrier. The initial,
transition, and final states are shown from left to right. The cubes
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an increasing C number around a vacancy, or a vacancy
cluster. As shown on Figures 128(b) to 128(f), DFT predicts
that carbon atoms exhibit a strong tendency to form dimers*
well separated from one another, rather than carbon chains
or other two-dimensional structures. This is consistent with
the fact that the C-C bond is much stronger in an isolated C
dimer than in a C trimer, or in a C cluster of a larger size.

Interactions between C and self-inter-
stitials display a different situation. As
could be expected, carbon atoms do
not have the tendency to remain on a
site neighboring a self-interstitial in
order to avoid the increase of the lat-
tice local strain. Yet, C-E configurations
with low energies do exist for larger
separations than in the C-H case
(Fig. 129), which means still attractive
interactions, but of lower energies
(~0.2 eV). This DFT result is compati-
ble with the experimental results avail-
able [10].

Modeling-experiment
confrontation

One of the most difficult tasks is to
confront the results of modeling with
experiments. As described above, we
have shown that several DFT results
are in good agreement with experi-
mental data. In order to go further in
the comparison, we have simulated a

concrete experiment using all of DFT data. We have selected
a resistivity recovery* experiment in ultra-pure iron and in
iron-carbon alloys during an isochronal annealing (i.e. as
temperature is rising), following an electron irradiation [3].
During the annealing, various thermally activated processes
are successively involved, inducing sudden drops in resis-
tivity, referred to as “annealing stages”.

The DFT-computed interaction and defect migration ener-
gies in bcc iron were used as input data for an event-based
Monte-Carlo code (see supra, pp. 53-56, the chapter
“Simulating In-Reactor Materials Primary Damage”) in order
to carry out a real-time simulation [4 and 10]. In the case of
pure iron, all the annealing stages were successfully repro-
duced. The mechanisms responsible for the various steps
were clearly identified through analyzing the evolution in the
defect populations (Fig. 130). As regards the interstitial type
clusters, we confirmed the migration of the single interstitials
(Stage EE) according to the rotation-translation mechanism
of dumbbells <110>, as predicted by DFT. We also showed
that the di- and tri-interstitials contribute to the migration of
small self-interstitial clusters (Stage II). Another notable result
is worth mentioning: this study demonstrated that Stage III,
fairly questioned, resulted from the migration of vacancies

Fig. 129. Schematic representation of the two lower-energy
configurations, in the case of a C atom close to a dumbbell <110>.
The big spheres stand for the Fe atoms; the dumbbell is represented
by the dark spheres, and the small spheres stand for the two
positions of C.
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Fig. 130. Resistivity recovery* and evolution of the defect population in pure iron during
an isochronal annealing following an electron irradiation. The derivative of resistivity versus
temperature, simulated by the Monte-Carlo method, is represented at the top,
with the recovery stages identified by peaks. The green arrows indicate the positions
of the experimental peaks. Below 140 K, the curve is reduced by a factor 50. The evolution
of the related defect population is represented at the bottom (for a system of 16 × 109 atoms).
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and small vacancy-type clusters. We demonstrated that theH2, H3 and H4 clusters had migration energies lower than that
of a single vacancy: so they are immediately mobile as soon
as they are formed following the vacancy migration at Stage
III. It was suggested that these small clusters could be the
anisotropic defects detected by the Magnetic After Effect
(MAE) experiments. It is worth pointing out that if the single
vacancies alone contributed to Stage III, without the contri-
bution of the small vacancy-type clusters, the resistivity
revovery* and MAE experiments could not be reconciled.

The excellent agreement between modeling and experiment
not only in the case of pure iron, but also for iron-carbon
alloys, confirms DFT interpretation of the physical mecha-
nisms from which the various stages originate. For instance,
the suppression of Stage EE in presence of carbon confirms
the attractive interaction of C et E. In addition, the success of
simulation at high temperature stages, with Stage III sup-
pression, and the reproduction of the different successive
peaks, quantitatively validates DFT predictions in relation to
the carbon decrease in the effective mobility of vacancies
and small vacancy clusters.

Chu Chun FU and François WILLAIME,
Nuclear Materials Department
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Helium Energetics and Kinetics in Iron
and Iron-base Alloys

High-energy neutron irradiation not only generates intrin-
sic defects, i.e. vacancies (V) and Self-Interstitial Atoms (SIAs),
but also a large amount of helium (He) and hydrogen (H)
through nuclear reactions. The structural materials of future
fusion reactors and of fast neutron reactors may undergo
swelling, as well as intra- and intergranular embrittlement due
to helium build-up. In order to understand these macroscopic
phenomena, the energetic properties and mobility of He
atoms, and their interaction with other defects, have to be
accurately investigated.

Describing helium in e-iron
using ab initio methods
Several ab initio studies using Density Functional Theory
(DFT) have been carried out since 2005. Although helium is an
atom endowed with a filled electron shell, a high number of
issues still need to be investigated with the help of electronic
structure methods. Particularly, what is the precise nature of
the He-He interactions, on the one hand, and of the interac-
tions between an atom of the matrix and a He atom in a ferro-
magnetic metal such as the body-centered cubic (bcc) iron,
on the other hand? What is the nucleation mechanism of the
experimentally observed bubbles?

In order to answer these questions, the first DFT calculations
performed in relation to this issue (see [1], [2] and [3]) were
devoted to the stability of the helium atom in a substitutional
site and in various interstitial sites (hereafter denoted Hesub
and Heint), to the migration energy of helium, as well as to
helium interaction with the vacancies and self-interstitials in U-
Fe. All DFT studies predict that the most favorable dissolution
site for helium is the substitutional site, followed by the tetra-
hedral site, and then by the octahedral site. The formation
energy difference between the substitutional site and the tetra-
hedral site is low, i.e. about 0.2 eV. These results are not con-
sistent with the previous results obtained by empirical poten-
tials using the WILSON Fe-He potential [4]. According to these
results, the octahedral site is more stable than the tetrahedral
site, and in a more significant way, the formation energy dif-
ference between the substitutional site and the preferential
interstitial site is 2.1 eV, as against 0.2 eV in DFT. As described
below, such differences in relation to basic energetic proper-
ties may play an important role in predicting the properties of
He diffusion in Fe.

Following DFT studies, new empirical potentials were devel-
oped so as to provide a more accurate description of iron-
helium interactions. It is worth noting that a simple repulsive
pair potential can help reproduce the main energy character-
istics of helium in iron predicted by DFT [5].

Helium atom self-trapping
and their interaction
with self-interstitial defects
The strong repulsion between Fe and He atoms is in agree-
ment with the very low helium solubility in iron. Consequently,
interstitial He atoms tend to bond with one another, even in
the absence of vacancies or other structural defects. For the
driving force for helium clustering is the strong Fe-He repul-
sion rather than a He-He attraction. The lower energy state of
small Hen clusters (Fig. 131, right) displays a rather compact
structure. These small clusters introduce local distortions in
the lattice in a significant way, which increases the interatomic
range between some Fe-He pairs. Referring to the dissocia-
tion energies presented on Figure 131 (left), the emission of a
self-interstitial, which generates a vacancy, is more energeti-
cally favorable than the emission of a helium interstitial for Hen
clusters with n ≥ 4. This self-trapping phenomenon of He
atoms may constitute the first step of helium bubble nucle-
ation. For instance, this mechanism is quite compatible with
the occurrence of bubbles observed at low temperature,
whereas the vacancies are motionless in iron at these tem-
peratures.

Another, more obvious, consequence of Fe-He repulsion is
helium tendency to form complexes with vacancies. It is inter-
esting to note that the bonding force between a defect (Heint,
SIA, or V) and a HenVm cluster mainly depends on helium
density in the cluster, i.e. the n/m ratio ([2] and [3]). At a finite
temperature, this n/m ratio can be modified by the emission of
He atoms, of self-interstitials, or of vacancies according to the
dissociation energy of these mechanisms. More precisely, the
dissociation energy clearly depends on the n/m ratio
(Fig. 132). In particular, and contrary to Hen clusters, the emis-
sion of a self-interstitial by a cluster containing one vacancy at
least is always less favorable than the emission of He intersti-
tial atoms. So the overpressurized HenVm can be expected to
emit He atoms, while the underpressurized clusters emit
vacancies, so as to reach an optimal n/m ratio equal to an
approximate 1.3, according to DFT calculations conducted on

Thermodynamics and Kinetics: Modeling Examples
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small clusters. In practice, the situation is, of course, far more
complex. The helium content of bubbles is strongly influenced
by the irradiation conditions, the microstructure, etc.

Helium diffusion in e-iron
In order to understand the long-range diffusion of He, the basic
He migration mechanisms have to be known. It was demon-
strated using DFT that a helium interstitial may migrate in an
almost athermal manner from a tetrahedral site to another,
with an activation energy of only 0.06 eV [2]. In addition, var-

ious migration mechanisms for substitutional helium – i.e.
vacancy, dissociative, substitutional (ʻkick-out*ʼ), or exchange
mechanisms – have been put forward for a few decades – see
their description by H. TRINKAUS et al. [6] –.

We have re-examined these mechanisms using DFT with the
purpose of giving a more quantitative view of it. The first mech-
anism requires another vacancy. The helium atom jumps onto
an interstitial position between two vacancies, thereby form-
ing a HeV2 complex. So it can be expected that the diffusion
of a He atom by the vacancy mechanism is governed by the
HeV2 cluster migration without a total dissociation [2]. The cor-
responding activation energy was assessed to be 1.1 eV
(Fig. 133). As a rule, the migration of HeVm clusters of a larger
size also contributes to the vacancy mechanism. Further stud-
ies have to be conducted to confirm this point.

Substitutional He may also migrate through the dissociative
mechanism, which can be described as follows: when a sub-
stitutional He is dissociated from its vacancy, it migrates
between interstitial sites until it is trapped by another vacancy.
The corresponding reaction can be written as follows:

Heint +V ↔ Hesub
So the two major quantities for the dissociative mechanism
are the migration energy of interstitial He and the energy dif-
ference between Hesub and Heint. The first value is given by
the migration energy of Hetetra (0.06 eV). Regarding the
energy difference between Hesub and Heint, DFT predicts a
significantly lower value than that obtained with empirical
potentials, which increases the probability of the dissociative
mechanism [2]. For instance, the values in the “thermal
vacancy regime” are 0.2 eV and 2.1 eV respectively.

Fig. 131. Left: dissociation energies of a Heint site, or of a self-interstitial atom (SIA) from a Hen cluster. Right: schematic view of the Hen
interstitial clusters of lower energy, with n = 2, 3, 4, and 5, where the atoms are in their optimal position. Blue and red spheres respectively
stand for the He and Fe atoms.
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The dissociative mechanism has to prevail with respect to the
vacancy mechanism, when the vacancy concentration is low,
e.g. in a thermal equilibrium condition, or under irradiation
when most of vacancies are trapped by impurities (e.g. C, N),
or eliminated at the sinks such as the surfaces and grain
boundaries. Reversely, the vacancy mechanism has to pre-
vail when a supersaturation of free vacancies takes place. For
further details, and for expressions for the effective migration
energies, see Reference [2].

Under irradiation, the kick-out mechanism* is involved, and
can even become predominant in presence of a strong con-
centration of mobile SIAs. When a self-interstitial comes near
a substitutional He, a recombination-substitution reaction
(kick-out*) takes place, since DFT predicts that the Hesub +
SIA → Heint reaction is accompanied by a strong energy
decrease (3.6 eV). In other terms, the energy gained in
recombining a Frenkel pair (5.9 eV) wins over the energy lost
when a He atom is displaced from its substitutional position
to a tetrahedral position, thereby leaving a free vacancy.

Helium segregation at grain
boundaries
Helium accumulation is known for its role in intergranular
embrittlement in steels. So it is important to investigate the
energetic and kinetic properties of helium in grain boundaries,
as well as its effect on the cohesion of these boundaries.

Owing to the existence of a broad variety of grain boundaries,
our DFT study of helium segregation cannot be comprehen-
sive. Our purpose is to find common tendencies, and corre-
late them with the features of the various grain boundaries.

In the specific case of helium, it can be expected that the free
volume of boundaries plays a prime role.

After considering helium in symmetrical tilt boundaries exhibit-
ing different rotation axes, formation energies, and structures,
a few common features of interest could be identified [12].

First of all, as expected, helium tends to segregate in all the
boundaries, that is the formation energy of a He atom at the
grain boundary level is always lower than in the volume. This
tendency seems to get stronger if the free volume of the
boundaries increases.

A less obvious result is relating to helium diffusion at grain
boundaries. Generally, the latter are assumed to be fast diffu-
sion channels for solutes. It is worth noting that the migration
barriers of interstitial He along the grain boundaries consid-
ered are all higher than the barrier corresponding to its vol-
ume migration. For instance, the value obtained in a boundary
of relatively low disorientation is 0.13 eV, against 0.06 eV in
the volume. Even higher values are obtained for the other
boundaries. Beyond this common tendency, the accurate
value of the migration energy of course depends on the details
of the boundary structure. This result does not necessarily
mean that the helium atom diffusion along the boundary is
slower than in the volume, because interstitial He at grain
boundaries can diffuse more quickly than the species prevail-
ing in volume: substitutional helium. Beyond ab initio studies,
other kinetic simulations are to be performed for a final conclu-
sion to be drawn, the latter depending on factors such as the
systemʼs temperature and the amount of vacancies occurring
in the lattice.

Another result is related to helium
agglomeration at grain boundaries.
DFT calculations suggest that the for-
mation of small helium clusters at
boundaries is energetically less favor-
able than in the volume. Besides, the
lower energy configuration for the clus-
ters in the grain boundaries rather cor-
responds to platelets (2D clusters) than
to 3D compact structures. For Fe-He
repulsions are reduced in presence of
a large free volume.

Concerning the effect of helium on
intergranular embrittlement, an isolated
helium atom can reduce the grain
boundary cohesion in a significant man-
ner, up to 3.0 eV per atom of He. So we
can confirm that, according to J. R. RICE
and J. WANGʼs thermodynamic criterion
[11], helium does participate in the
boundary embrittlement, even if no
bubble is formed.
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Fig. 133. Schematic representation of the energy landscape of the HeV2 complex with the two
vacancies in first-, second-, and third-neighbor configuration (respectively 1nn, 2nn, and 3nn).
The atoms (blue spheres for He, and red spheres for Fe) are at their relaxed position.
The vacancies are represented as cubes.
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Impurity key role
Directly comparing modeling with experimental data always is
a hard task. Yet, it is useful to check the validity of the numer-
ous assumptions and approximations in models and theories.
Moreover, the modeling results are used to complete experi-
ments in order to provide indications about the physical mech-
anisms underlying the observed phenomena.

So as to better understand He behavior in iron, we chose to
simulate a model experiment, that is helium thermal desorp-
tion measurements during isothermal annealing, following He
implantation [7]. We adopted a multiscale approach, parame-
trizing a Cluster Dynamics model according to the energy
properties and the mobilities obtained in our DFR study [8].
This allowed the experiment simulation to be carried out.

Indeed, the results of such a simulation provide an interesting
example to illustrate how modeling a fairly simplified system
may or may not account for the main features of a real mate-
rial in experimental conditions.

A first attempt consisted in modeling helium behavior in pure
iron. In such an approach, the desorbed helium fraction is sig-
nificantly underestimated in all the simulated experiments
(Fig. 134a). The disagreement strongly suggests that major
physical ingredients have been neglected in the model.

One of the neglected ingredients is relating to impurities. No
real material can be fully pure. In the specific case of Fe, it
always contains interstitial impurities such as carbon (C), or
nitrogen (N), from a few dozen to a few thousand appm. So we
carried out a more realistic modeling, considering He in an iron
matrix containing carbon [8]. The agreement between model-
ing and experiment is thus significantly improved (Fig. 134b).

In fact, it is now well known that carbon traps vacancies in iron.
Thus, the experimental data show that a low carbon amount
may be sufficient to reduce the effective mobility of vacancies
[9]. In addition, DFT calculations have shown that the carbon-
vacancy clusters (e.g., VC, VC2) are very stable, with dissoci-
ation energies in the order of 1.1 eV or more [10]. Thus, in
presence of carbon, the population of very small He-vacancy
clusters, especially HeV (or Hesub), is predominant against
complexes of larger size.

In this experiment, where the dissociative mechanism
(Hesub - Heint + V) for He diffusion was put forward as the pre-
vailing mechanism [7], due to the rather high He/V ratio, the
carbon occurrence seems to increase helium effective mobil-
ity, and so the kinetics of its desorption.

Finally, the ab initio results above mentioned are useful to
parametrize kinetic models (see supra, pp. 53-56, the chapter
“Primary Damage Simulation in Reactor Materials”), able to
predict the microstructural evolution of the material, and, in
fine, the macroscopic behaviors such as swelling in presence
of helium.

Chu Chun FU,
Nuclear Materials Department

Fig. 134. Fraction of desorbed He during isothermal annealing as a function of time (s). Comparison between the experimental data (symbols)
and two modeling approaches relating to He in pure Fe (a), and to He in C-containing Fe (b).
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Microstructural Evolution of Zr Alloys

Zirconium alloys are industrially used as structural and
cladding materials for Pressurized Water Reactor (PWR) fuel
assemblies. In order to improve the safety, as well as the per-
formance of fuel assemblies, it is crucial to get a good pre-
diction of these materialsʼ mechanical properties evolution,
and dimensional evolution under irradiation. These evolu-
tions are directly related to the alteration of the microstruc-
ture. This is why a physical modeling approach has been
implemented at CEA to describe the microstructural evolu-
tion of zirconium alloys under irradiation.

Point defects diffusing
anisotropically
In a reactor, zirconium alloys undergo a fast neutron flux
which displace atoms from their crystalline site, thereby
inducing point defects (vacancies and interstitials) which dif-
fuse through the crystal, and agglomerate to form point
defect clusters. In hexagonal close-packed (hcp) zirconium
alloys, point defects and clusters are endowed with some
properties which cannot be observed in cubic materials.
Thus, it is often considered that point defect diffusion takes
place anisotropically. In particular, some atomistic calcula-
tions, summarized in the review article referenced [1], show
that vacancy diffusion is of low anisotropy, whereas self-inter-
stitial diffusion takes place more quickly along the basal
plane than along the <c> axis (Fig. 135). Another specificity

of zirconium and its alloys, in contrast with cubic structure
metals, is the presence of several types of point defect clus-
ters. These clusters appear as disks, and constitute disloca-
tion loops. In zirconium can be found dislocation loops with
Burgers vector* of type < a >, located along the prismatic
planes of the hexagonal close-packed lattice [1] (Fig. 135).
These loops appear as soon as low radiation doses* are
delivered, and are either of the vacancy or interstitial type,
in contrast with cubic metals, in which interstitial loops alone
can be observed. The coexistence of <a> vacancy and inter-
stitial loops in zirconium has not been fully understood from
the theoretical viewpoint. These < a > loops are of a small
size, and occur in high density in the material (for one irradi-
ation in PWR conditions), which explains the significant
hardening* observed at microscopic level. In addition, an
elongation phenomenon in the basal plane of the hexagonal
close-packed structure, referred to as “growth*”, can be
seen at the single crystal level, including a shortening along
the <c> axis. This phenomenon experiences a first fast tran-
sient stage, then a stationary stage characterized by a low
strain rate (in the case of recrystallized alloys).

At a higher dose, new point defect clusters appear: the <c>
component loops (Fig. 135). These loops are located in the
basal planes and are exclusively of the vacancy type. The
appearance of these vacancy loops explains the additional
shortening along the < c > axis, and so the accelerated

Thermodynamics and Kinetics: Modeling Examples

Fig.135. <c>-component (vacancy) loops in the basal planes, and <a> type (vacancy and interstitial) loops in the prismatic planes within
a hexagonal close-packed (hcp) material.
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growth phenomenon of zirconium alloys, characterized by a
higher strain rate, which takes place at the macroscopic
scale without any stress being applied.

Microstructural evolution
of zirconium under irradiation
In order to predict the microstructural evolution under irradi-
ation and deduce from it the hardening or growth of zirco-
nium alloys, F. CHRISTIEN and A. BARBU [2] have proposed to
use Cluster Dynamics* simulation. This model, initially
developed for cubic materials [3], was
adapted to the case of zirconium
alloys. The authors have especially
taken account of the diffusional
anisotropy difference between vacan-
cies and self-interstitials in an original
manner, indeed, relying on the theory
developed by C.H. WOO [4]. According
to this author, the difference in diffu-
sional anisotropy has a strong impact
on the bias in point defect capture by
dislocations, i.e. on the difference
between the dislocation capture effi-
ciencies for interstitials and vacancies.
Thanks to this approach, a certain
number of experimental data, such as
the evolution in the interstitial loop
density as a function of the irradiation dose and temperature
(Fig. 136), could be reproduced. The authors especially
show that when irradiating a thin plate with electrons, the
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Fig. 136. Evolution of the interstitial loop density versus
the irradiation time (1 MeV electrons), at different temperatures.
The simulation (in full line) is compared with the experimental data
collected by C. HELLIO et al. [6].
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to the normal to the thin plate for 1 MeV electron irradiation
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Zr alloy growth under irradiation
Then, F. CHRISTIEN and A. BARBU applied their model to the
simulation of zirconium alloy growth* under irradiation [5].
Simulating the appearance of < a > interstitial loops helps
accounting for the first growth stages. In addition, taking the
<c> loop nucleation into account allows the growth acceler-
ation stage (Fig. 138) to be taken into account, here
observed from 4 dpa*.

Zirconium alloy creep
and hardening
Finally, the cluster dynamics model was applied by J. RIBIS
et al. [8] to quite a distinct issue. Through selecting a null irra-
diation term, the evolution of point defects during a heat
treatment can be simulated. This situation may occur during
the fuel assembly transport, after use, to the fuel reprocess-
ing (or treatment) site, or to the long-term storage site. In
these conditions, the decay heat of fuel may lead to a notable
rise of rod temperature (about 400°C), hence an increase in
fission gas pressure.

nature of the loops thus created depends on the orientation
of the <c> axis with respect to free surfaces (Fig. 137). If theW angle between the <c> axis and the normal to the surface
is low, the preferential migration of interstitials in the basal
plane strongly participates in the nucleation and growth of
interstitial loops. In the case of high angles, interstitials
quickly migrate to the surface, thereby leaving a population
of vacancies that may agglomerate, and form vacancy loops.
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During this step, radiation-induced damage, as dislocation
loops, can be partially annealed, which results in an alter-
ation of the materialʼs mechanical properties. The behavior
under creep*, that takes place under the stress induced by
fission gases, can thus be affected by this annealing, just as
the mechanical behavior following transport, during handling
in the pool. In order to predict the evolution in mechanical
properties during these steps, the cluster dynamics model
was used. An initial microstructure of both vacancy and inter-
stitial loops was introduced. The cluster dynamics model
helped simulate the evolution in the dislocation loop distribu-
tion over time during annealing (Fig. 139). The hardening2DP was evaluated through a relationship involving the mean
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Fig. 138. Growth of a zirconium single crystal at 280°C as a function
of the radiation dose*, as predicted by cluster dynamics (full line),
and experimentally measured by A. ROGERSON et al. [7] (symbols).
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free path H of dislocations between the obstacles opposing
to their motion:

CXL ——–2DP = ——- = CXL dI〈N〉,H
where C is a constant, X the shearing modulus, and L the
Burgers vector. The I loop density and the mean diameter〈N〉 are obtained through cluster dynamics calculations. Thus
it could be demonstrated that the recovery from radiation-
induced hardening could be predicted (Fig. 140) [8].

Fabien ONIMUS andThomas JOURDAN,
Nuclear Materials Department

Unirradiated
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Radiation-Induced Segregation Kinetics
in Austenitic Steels

Irradiation induces point defects in excess (vacancies, i.e.
vacant, or empty sites, and self-interstitials, i.e. two atoms
sharing the same site), which eliminate one another by
recombination, or by annihilation on the pre-existing
microstructural defects, such as the surfaces, the boundary
grains*, or the dislocations*.Thus irradiation maintains per-
manent fluxes of point defects* towards the defect sinks.
Due to its diffusion mechanism, the induced defect gener-
ates an atomic displacement, as e.g. the vacancy which
migrates by exchange with one of the nearest neighboring
atoms. So, the kinetic coupling between the defects and the
atoms gives birth to a flux of material under irradiation. In the
case of a preferential transport of one of the alloyʼs compo-
nents, a local variation takes place in the chemical compo-
sition near the sinks. This phenomenon, referred to as
“Radiation-Induced Segregation*” (RIS), is quite frequent
in alloys, and has notable technological consequences. In
the specific case of austenitic steels*, the Cr depletion at
grain boundaries is assumed to play a non-negligible role in
the irradiation-assisted stress corrosion cracking. This is why
a high number of experiments have been conducted in order
to determine the RIS variation with the alloy composition, the
addition of impurities, the irradiation flux and time, the nature
of irradiation particles (electrons, ions, or neutrons), the
annealing treatment prior to irradiation, and the nature of
grain boundaries [1].

Describing the phenomenon
The variation in local composition in the vicinity of sinks, also
referred to as tsegregation”, may reach a few tenths of
atomic percents, and extends over distances of five to twenty
nanometers, near extended defects (an example of profile is
shown on Figure 141). Radiation-induced segregation (RIS)
can be observed using AUGER spectroscopy, with a higher
mean concentration on the sample surface following inter-
granular fracture, Transmission Electron Microscopy*
(TEM*), with a chemical analysis along the segregation pro-
files, and, more recently, Atom ProbeTomography* (APT*).

As radiation-induced segregation (RIS) results from a perma-
nent generation of defects, not only the kinetics of segrega-
tion profile formation, but also the stationary profile reached
depend on point-defect fluxes, and on their coupling with the
chemical species flux. Analyzing the flux coupling between the
solute and the vacancies involved under irradiation reveals

two limit cases that are illustrated on Figure 142. In both cases,
the total flux of atoms has to be equal to the total flux of vacan-
cies, and of opposite direction: (a) the A and B fluxes are in
the opposite direction to the vacancy flux: a B enrichment is
expected in the neighboring of the vacancy sink if diffusion
coefficient A is higher than that of B (dAV> dBV), and an A
enrichment in the opposite case; (b) the A and B fluxes may
not be in the same direction if the vacancy is sufficiently bound
with the B solute to be able to drag it as it moves towards the
sinks. The flux coupling with the interstitials systematically gen-
erates A and B fluxes in the same direction as the interstitials
flux with, in this case, an A enrichment if the diffusion coeffi-
cient of A is higher than that of B (dAI>dBI).

Segregation appears only if the defect flux towards the sinks
is sufficient, which only happens at temperatures between
0.3 and 0.6 times the melting temperature. At a lower tem-
perature, vacancies are motionless, and defects are elimi-
nated by mutual recombination. At a higher temperature, the
concentration of radiation-induced defects is negligible with
respect to the equilibrium concentration of vacancies. The
radiation dose and the K0 radiation rate, that are respectively
expressed in dpa (i.e. the number of point defects induced
per atom), and in dpa/s, also have a direct impact on the
amplitude of the defect flux, and on the RIS.

Thermodynamics and Kinetics: Modeling Examples
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Fig. 141. Chromium concentration profiles in the neighboring
of a grain boundary in steel-316, following neutron irradiations
of 1.5 and 5 dpa. Reproduced from [2].

Distance to grain boundary (nm)

C
r
co
nc
en
tr
at
io
n
(w
t%
)

After irradiation
in PWR (~5 dpa):
Cr depletion

After irradiation
in PWR (~1.5 dpa):
W-shaped Cr profile

Cr segregation
following pre-irradiation
annealing treatment

Case of steel-316SS

Mono10CEA_Part3-4GB_3.qxd:Mono4CEA_FR3.qxd  28/11/18  15:39  Page 151



152 Radiation-Induced Segregation Kinetics in Austenitic Steels

Continuous models
of radiation-induced segregation
The first models consisted in applying generalized Fick equa-
tions in order to express fluxes as a linear combination of
species concentration gradients, tending to reduce concen-
tration inhomogeneities. Proportionality constants are nega-
tive, and their absolute values are equal to diffusion coeffi-
cients. These models reproduced two irradiation effects:
diffusion acceleration due to an increase in point defect con-
centration, and the driving force coupled with the concentra-
tion gradient of point defects. Yet, Fick equations do not allow
the diffusion coefficients involved in a model under irradia-
tion to be rigorously related to the similarly named coeffi-
cients measured in thermal conditions. A more rigorous the-
oretical framework, the thermodynamics of irreversible
processes, introduces a generalized driving force, that cor-
responds to the chemical potential gradient in the specific
case of an isothermal, isobaric system. The Lij proportional-
ity coefficient relating the i species flux to the chemical poten-
tial gradient of the j species is a transport coefficient that
does not depend on the driving force, and so has the same
direction in a system whether out of or under irradiation. The
kinetic coupling is represented by the non-diagonal coeffi-
cients of the Lij matrix.

The generalized driving forces are assessed starting from
the second derivatives of the free energy with respect to con-
centrations. The latter are provided by thermodynamic data-
bases, such as e.g. CALPHAD. As for kinetic coefficients, we
rely on diffusion experiments. For instance, measuring the
diffusion rate of isotopic atoms of one alloy component,
deposited on the sample surface, gives access to a tracer
diffusion coefficient, and then, through simplified diffusion
models, to the Lij coefficients. The solute drag by the vacancy
cannot be predicted using this kind of approach. The other
diffusion experiment currently implemented is the interdiffu-
sion annealing. It consists in generating fluxes of material

controlled by a concentration gradient of one alloy compo-
nent. It does not require the use of a simplified diffusion
model, but cannot be used to measure all of the flux cou-
plings, such as e.g. that involved in the case of a concentra-
tion gradient of the point defects. An overview of the various
diffusion experiments conducted in austenitic and ferritic
steels leads us to the conclusion that the latter only provide
a small number of values of the intrinsic diffusion coefficients
at high temperatures, and for a small composition range of
the alloy. In the case of diffusion via interstitials, i.e. a defect
mainly prevailing under irradiation, the diffusion measure-
ments performed under irradiation are not sufficiently con-
vincing to be used in diffusion models. Consequently, as far
as we can know, the kinetic coefficients for a given alloy
could never be fully characterized.

Atomic models of radiation-induced
segregation
An alternative approach is to compute the kinetic coefficients
starting from an atomic-scale description of the point defect
jump frequencies. In the case of an infinitely diluted alloy,
that is of a pure metal containing a very small amount of
solute atoms, the relationships between the Lij coefficients
and the jump frequencies of the point defect are established,
at least in alloys with interactions extending only between
first-neighbor atoms [1]. Such relationships allow a direct use
of the atomic jump frequencies obtained through ab initio cal-
culations, and lead to predictive models of RIS. In the case
of a concentrated alloy, the jump frequencies of the defect
vary with the chemical configuration around the defect. The
number of frequencies to be considered then turns very high,
and computing the Lij coefficients proves rather complex.
Only quite recently has a model of interstitial diffusion been
developed, that takes account of the short-range order
effects on jump frequencies [3].

Fig. 142 : Segregation mechanisms resulting from the point-defect and solute flux coupling in a binary A-B alloy under irradiation.
In (a), a B enrichment takes place when dAV>dBV. In (b), a B enrichment takes place when the vacancies drag the solute.
In (c), an A enrichment takes place when dAI>dBI.

FKK KFB OFBFA K KFB FA OFA
FK FO
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Straight modeling of RIS at the atomic scale can now be con-
sidered, referring to lattice-based chemical kinetic methods,
or Atomistic Kinetic Monte-Carlo (AKMC) methods. Thanks
to a better knowledge of jump frequencies due to the devel-
opment of ab initio calculations, these simulations provide an
increasingly finer description of thermodynamics and kinet-
ics for a specific alloy.

The first atomic model developed is a one-dimensional lattice
chemical kinetic model which includes two thermally acti-
vated jump frequencies, one for vacancies, and the other for
interstitials. A few years ago, no ab initio values were avail-
able for jump frequencies, and we had to develop a model for
these frequencies basing on thermodynamic data (phase
diagrams, vacancy formation energies, and superficial ener-
gies of pure metals), and kinetic data (tracer diffusion coef-
ficients). The jump frequencies of interstitials were adjusted
in order to reproduce the effective migration energies
obtained from resistivity recovery measurements. These
jump frequency models, referred to as “broken-bond
models”, depend on local concentration, and describe both
the kinetics of return to thermodynamic equilibrium, and the
RIS in concentrated alloys. They were established for the
Ni-Cu system [4] and the Fe-Ni-Cr ternary system [5]. The
equilibrium segregation profiles represented on Figure 143
are controlled by nominal composition, temperature, and two
energy contributions, the first one being expressed as a func-
tion of the interface energy of the grain boundary, and the
second as a function of the order energies (energies involved
in calculating the phase diagram). The time-dependent vari-
ation of defect and atom concentrations for each plane

results from a competition between the mean flux of the com-
ing species, and that of species leaving the plane, from a
term of recombination between vacancies and interstitials,
and a term of defect generation directly controlled by the irra-
diation rate. On Figure 143, the formation of the intermediate
Cr profile as a “W profile” is controlled by both the thermody-
namic properties, and the relative values of the coefficients
of transport between Fe, Ni and Cr. The thermodynamic
parameters are not only involved in the transport coefficients,
but also in establishing a local equilibrium between the sur-
face and the adjacent plane, which explains the oscillating
trend of the Cr profile, i.e. a trend to enrichment in equilib-
rium conditions that competes with a trend to depletion under
irradiation. The resulting profiles are in agreement with
experimental observations, even if the predicted respective
widths of the profiles are smaller than the experimental
widths. An important point still to be improved in this
approach is the model of interstitial jump frequencies, for
which there is a crucial need for ab initio or experimental
data.

Today the RIS phenomenon can be simulated using the
Atomistic Kinetic Monte-Carlo* (AKMC) method [7]. The
jump frequency model is similar to that used in the mean field
method. This method reproduces flux couplings as well as
composition fluctuations. The first AKMC study consisted in
validating the predictions of continuous models. Thus, in the
case when A atoms are richer than B atoms through the
vacancy mechanism, we can see on Figure 144 that the
boundary grain is B enriched (the interstitial jump frequen-
cies are selected so that dAI = dBI).
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Fig. 143. Comparison of Cr segregation profiles as a function of the radiation dose in alloy FeNi12Cr19 at T = 635 K. The left figure shows
a typical experimental result of J. BUSBY et al. [6]. The right figure shows a lattice-based chemical kinetics prediction with the experimental profile
observed prior to irradiation as the initial condition.
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AKMC simulations can also be used in order to investigate
the microstructural evolution under irradiation, especially the
concomitant occurrence of a RIS and of a precipitation in the
vicinity of sinks. Thus, in an undersaturated solution tending
to phase separation, as shown on Figure 145, a solute
enrichment at the grain boundary, coupled with a RIS, can
locally induce a precipitation when the local solute concen-
tration exceeds the solubility limit.

grain boundary level, mainly due to an effect of solute drag
by vacancies. At high temperature, we can observe the
reverse result, i.e. a Cu depletion that we explain referring to
the schematic view on Figure 142a, with, in this case, a Cu
diffusion coefficient higher than that of Fe. These two stud-
ies have shown that Monte-Carlo simulation is an ideal tool
to investigate precipitation phenomena under irradiation.

However, when flux coupling is significant, or in the case of
strong inhomogeneities of defect concentration, Monte-Carlo
simulations prove quite computationally expensive, and the
computing time required can quickly extend to weeks. This
is why it is useful to develop similar methods in parallel, such
as lattice-based mean-field kinetic simulations, or continu-
ous models.

Maylise NASTAR and Frédéric SOISSON,
Nuclear Materials Department
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Fig. 144. Evolution of the B atom concentration in an ideal solid
solution A10B90 under irradiation at T = 500 K and 10-3 dpa.s-1,
when diffusion via vacancies preferentially takes place with atoms A
(dAV>dBV), and when diffusion via interstitials does not induce
segregation (dAI = dBI) [7].
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The evolution of the precipitate distribution is complex,
chiefly because the precipitation kinetics not only depends
on the local solute concentration, but also on point defect
concentrations (that control the diffusion rate of solutes), all
of these concentrations evoluting abruptly in the vicinity of
sinks. More recently, the AKMC code was applied to the RIS
study for a real alloy, the Fe-Cu system. The jump frequency
parameters were adjusted on ab initio calculations [8]. This
study predicts a Cu enrichment at low temperature at the

Fig. 145. Monte-Carlo simulation of a radiation-induced phase
separation in an undersaturated solid solution A-B. The vacancy
flux towards the defect sink (in the center of the box) results
in a B enrichment and a local precipitation. Reproduced from [7].
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Microstructural Evolution
of Vessel Steels Model Alloys

Copper has long been considered as the major contribu-
tor of vessel steels hardening under neutron irradiation [1].
This is due to its very low solubility limit in iron (i.e. about
50 ppm wt. at 300°C [2]). It results in its precipitation in steels
containing a strong Cu supersaturation (over 0.1 wt.%) [3], or
in the formation of diffuse Cu-enriched clusters in other
cases. Furthermore, in vessel steels, such as the present
French Type 16MND5 steel, clusters are also enriched in Mn,
Ni, Si, and P [4]. These hardening issues have prompted the-
oretical and experimental studies of model alloys in order to
better understand the basic mechanisms involved under and
out of irradiation that govern the Cu-rich cluster formation
kinetics.

Thermal aging in vessel steels
A good understanding of precipitation kinetics during thermal
aging constitutes an indispensable prerequisite for under-
standing irradiation effects. Pure copper is endowed with
face-centered cubic (fcc) structure, and its precipitation in
body-centered cubic (bcc) iron takes place in the form of sev-
eral successive structures which were
investigated in depth using high-reso-
lution electron microscopy techniques
[5]. For sizes under two nanometers,
precipitates assume the crystal struc-
ture of iron matrix, with a negligible lat-
tice mismatch. So this issue can be
conveniently treated with atomistic
Monte-Carlo* simulations (also
referred to as AKMC, for Atomistic
Kinetic Monte-Carlo, see supra, pp. 57-
60, the chapter “Kinetic Models”), using
a rigid-lattice diffusion model whose
parameters are adjusted on ab initio
calculations [6]. The model takes
account of the real mechanism of atom
jumps onto unoccupied sites (vacan-
cies). Simulations provide precipitation
kinetics in good agreement with exper-
iments, and allow for the detailed study
of the microstructure, especially of the
precipitate composition. In particular,
they have evidenced an original phe-
nomenon. In classical kinetic theories
of precipitation, the size of precipitates

evolves through emission and absorption of isolated solute
atoms. AKMC simulations reveal that small copper precipi-
tates are also mobile, which results in direct coagulation
mechanisms between precipitates, thereby considerably
speeding up precipitation kinetics. This phenomenon is due
to a vacancy formation energy much lower in copper clusters
than in iron, as shown in ab initio calculations: vacancies are
trapped on precipitates, and make their diffusion easier.

Vacancy trapping phenomena have to be taken into account
in order to get realistic kinetics, but they slow down atomistic
simulations in a notable way. In order to determine cluster den-
sities and mean radii over time periods comparable to exper-
iments (about a few dozen hours), a complementary Cluster
Dynamics* (CD) approach was used in addition to AKMC sim-
ulations (see supra, pp. 57-60, the chapter Kinetic Models). In
order to provide the best reproduction of the AKMC calcula-
tions in short times, cluster formation free energies are com-
puted accurately using the atomistic model on which AKMC
simulations are based. Diffusion coefficients are deduced from
the AKMC method for small clusters, and extrapolated for

Thermodynamics and Kinetics: Modeling Examples
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Fig.146. Density and mean radius of the precipitates in simulations by Atomistic Kinetic
Monte-Carlo* (AKMC) and Cluster Dynamics* (CD), versus time, for an atomic fraction
of copper of 1.34%, and at T = 500°C. Cluster dynamics simulations are performed with
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larger sizes. Taking account of cluster mobility, kinetics
obtained in cluster dynamics are closer to AKMC simulations
and experimental measures, though obviously remaining too
slow (Fig. 146 and [7]). This disagreement can be assigned to
uncertainty about the diffusion coefficients of larger-sized clus-
ters, as well as to the stationary diffusion assumption used to
determine reaction rates, which may prove insufficient in the
present case.

Diffusion acceleration,
and flux coupling under irradiation
Irradiation permanently induces point defects (PDs): vacan-
cies and self-interstitials, which remain at concentrations much
higher than the thermodynamic equilibrium values (sometimes
by several orders of magnitude). This results in two phenom-
ena likely to alter the formation of copper-rich clusters. The
first is a mere increase in the solute diffusion coefficient: this
is referred to as the radiation-accelerated precipitation. But the
PD supersaturation has another effect: excess defects are
eliminated on grain boundaries, dislocations, and surfaces.
Permanent vacancy and interstitial fluxes are maintained
towards these defect “sinks”, and, through coupling, can drag
solute fluxes that locally alter the alloyʼs composition: this is
the ʻradiation-induced segregation*ʼ phenomenon (see
supra, pp. 149-153, the chapter “Radiation-Induced
Segregation Kinetics in Austenitic Steels”). In the case of a
positive coupling, a solute enrichment can be observed
(Fig. 147), which may induce a precipitation in an undersatu-
rated alloy: this is referred to as ʻradiation-induced precipita-
tionʼ.

AKMC simulations allow these phenomena to be modeled.
This implies that the mechanisms specific of irradiation are
introduced, that is: self-interstitials, with their dumbbell config-
uration (see supra, pp. 137-140, the chapter “Irradiation Defect
Structure and Kinetics in Iron”), and their diffusion mechanism,

Fig. 147. Radiation-induced precipitation / segregation mechanism in
the case of a positive flux coupling between the Point Defects (PDs)
and the Solute (S) atoms.
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the recombination of vacancies and interstitials, and their elim-
ination at sinks. In the case of dilute iron-copper alloys, the
simulations show that the radiation-induced segregation is
controlled by the coupling between the vacancy flux and the
copper flux. At low temperature (Fig. 148), due to the strong
attraction between the copper atoms and the vacancies, the
latter drag the copper atoms towards the defect sinks: the LCuV
kinetic coupling (see supra, pp. 57-60, the chapter “Kinetic
Models”) is positive; a copper depletion can then be observed
on the sinks. At high temperature, these copper-vacancy pairs
are dissociated (LCuV < 0), and a copper depletion is then
observed [9]. These mechanisms are very sensitive to the fine
properties of the defects: for example, in a centered cubic
structure, the copper atoms can be dragged by the vacancies
only because the Cu-V attraction is significant up to the sec-
ond-nearest-neighbor sites.

Microstructural evolution
of vessel steels under irradiation
During irradiations in the binary alloy Fe-0.1 wt.% Cu, Cu
clusters were evidenced by Atom Probe Tomography (see
supra, pp. 105-110, the chapter “Research Reactors and In-
Pile Testing”) [10]. Some display a shape which seems to
reveal their being segregated heterogeneously on a dislo-
cation loop* (Point-Defect cluster) (Fig. 149). In addition, a
cluster dynamics model, in which the agglomeration of the
point defects is taken into account, was used to reproduce
the accelerated precipitation of copper [2]. It showed that the
cluster formation probably results from an induced segrega-
tion mechanism [10].
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In the alloys strongly supersaturated in solute ([Cu] > 0.1%,
[Mn] > 1.5%, and [Ni] > 1%), Mn- and Ni-enriched precipi-
tates are formed in addition to Cu precipitates. These objects
are named “Late Blooming Phases” (LBP), because they are
assumed to appear at a high dose [11], and to induce a dam-
age not predicted at low dose. So recent studies have
focused on these two elements. In the binary alloy Fe-1 wt.%
Mn, the formation of Mn-enriched clusters has been detected
by Atom Probe Tomography following an ion irradiation on
the JANNUS* platform [12] (Fig. 150). As the alloy is under-
saturated at the irradiation temperature of 400°C, the forma-
tion of these objects is induced by irradiation.

In more complex alloys (Fe-1.2 Mn 0.7 Ni (wt.%), Fe-0.1 Cu
1.2 Mn 0.7 Ni (wt.%) and in vessel steel 16MND5), diffuse
solute clusters have also been evidenced (Fig. 151) [5]. Now
it is necessary to know whether induced damage is directly
caused by these objects, or originates in their site of segre-
gation.

Frédéric SOISSON,Thomas JOURDAN and Estelle MESLIN,
Nuclear Materials Department
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Predicting the mechanical behavior of a material on a
selected scale can be based on written physical laws, vali-
dated on lower scales if possible. So understanding as a
necessary prerequisite to prediction uses physical modeling
on various scales, with their own approximations, and mostly
numerical multiscale homogenization methods. This type of
approach is now recognized all over the world as a possible,
though long-term, complement of the empirical methods con-
ventionally used in the nuclear industry to predict materials
aging and mechanical behavior in both service and excep-
tional conditions. As a matter of fact, though reactors can be
constructed using conventional rules, no doubt demonstrat-
ing their efficiency and their resistance will increasingly rely
on a physically-based approach.

This Section aims to present in this context a series of exam-
ples of physical modeling application in materials mechan-
ics that implement various modeling methods presented
above. Solids plasticity is due to dislocations* motion; this
is why investigating their properties and mobility is especially
important. This is the topic of the first two chapters, which
focus on the case of the screw dislocation, that displays a
peculiar behavior in body-centered cubic (bcc) and hexago-
nal close-packed (hcp) metals.

These works provide indispensable ingredients for the higher
scales giving access to physical laws in a field where rely-
ing on experiment is difficult, or even impossible. The follow-
ing chapters show applications to different phenomena such
as fatigue*, thermal and irradiation creep*, void damage*,
brittle fracture*… In these examples modeling involves at
least two scales: the macroscopic scale in relation to predic-
tion, and lower scales at which deformation and damage
mechanisms are described. The topics presented here are
related to the “materials” issues of current and future reac-
tors. Their diversity highlights the richness and potential of
the multiscale approach in materials science.

Nuclear Materials
Structural Materials Modeling and Simulation
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Ab Initio Calculation of Plasticity:
Core Structure and Glide Mechanisms
of Screw Dislocations

Materials plasticity is governed by the motion of disloca-
tions*, that are linear defects of the crystal lattice (see supra,
on p. 15, the inset devoted to crystals and their defects).
Whereas long-range interactions between dislocations are
those described by the continuous elastic theory, dislocation
glide and their interactions with the short-range lattice pre-
dominantly depend on atomistic mechanisms, in the core
region of the dislocation. In order to depict these local mech-
anisms, e.g. the glide velocity and the glide (or slip) plane,
as well as the interactions with the lattice defects and the
impurities that are input data in dislocations dynamics, atom-
istic numerical simulations are used through nested descrip-
tion levels (ab initio calculations, molecular dynamics). Ab
initio calculations give access to a description of the core
structure of dislocations, where atomic bond rearrangement
is too much extended to be described by the elastic theory.
They are also used to predict the glide planes of dislocations,
as well as the minimum resolved shear stress* to be applied
so as to trigger this glide without the help of thermal fluctua-
tions (Peierls stress*), or the energy barriers required for
thermal activation of the glide through a mechanism of nucle-
ation and propagation of kink pairs (or ʻdouble kinksʼ) [Fig. 152].

However, the long-range elastic fields of dislocations gener-
ate difficulties for atomistic simulations limited in space and
time scales. For instance, a dislocation can induce stresses
on the micrometer scale, far from the nanometric scale
accessible through ab initio calculation. Consequently, the
results of atomistic simulations can easily exhibit artefacts if
boundary conditions are not treated conveniently. For this
reason boundary conditions taking account of the long-range
elastic field are implemented so as to investigate in cells of
reduced size, accessible through ab initio calculations,
straight and kinked dislocations in transition metals display-
ing either a body-centered cubic (bcc) structure (V, Nb, Ta,
Cr, Mo, W, and Fe) or a hexagonal close-packed (hcp) struc-
ture (e.g. Zr, Ti).

Body-centered cubic (bcc)
metals plasticity
Experimentally body-centered cubic (bcc) metals differ from
face-centered cubic (fcc) metals, in which conventional dis-
locations are dissociated, and easily glide. In bcc metals, at

Plasticity and Fracture: Modeling Examples

Fig. 152. A schematic view of the core region of a screw dislocation. b) Potential energy of the dislocation as a function of its position
(Peierls energy) for an applied stress equal to zero, lower than the Peierls stress* \3 that would allow the dislocation glide, and higher than \3.
c) Crossing of the Peierls valleys through the nucleation and then propagation of kink pairs along the dislocation line.
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low temperature, the mobility of dislocations is limited by their
rectilinear screw segment, with a Burgers vector* ½ (111),
a glide plane {110}, and a high Peierls stress. At low temper-
ature, screw dislocations are subjected to strong lattice fric-
tion forces due to deep Peierls valleys, whereas at a higher
temperature bcc metals are closer to fcc metals.

At the atomic scale, ab initio calculations performed in pure
bcc transition metals (V, Nb, Ta, Cr, Mo, W and Fe) highlight
a non-degenerated screw dislocation core structure, i.e. dis-
playing a symmetrical core extension in the three planes
{110} of the area (111) – in disagreement with the empirical
potentials, most of which predict a degenerate core struc-
ture –, that is with an asymmetrical extension in the planes
{110} [1,2]. This result is essential for glide mechanisms, for
beyond the Peierls stress, the glide plane is correlated with
the core structure. As a matter of fact, non-degenerate cores
glide in planes {110} according to ab initio calculations and in
agreement with experiment, whereas degenerated cores
lead to an average glide plane {211}. Softening* / solid solu-
tion hardening* was evidenced in Mo by ab initio calcula-
tions [3]. Ab initio calculations also show that adding impuri-
ties, such as Re in W, or Co in Fe, induces a symmetry
breaking in the core, thereby leading to a degenerated core
structure, and so to a change in the glide plane [4,5]. In addi-
tion, ab initio calculations also evidence an expansion per-
pendicular to the dislocation line, and a contraction parallel
to the latter, corresponding to a core field superimposed on
the Volterra field*, that can be quantitatively described by
an anisotropic elasticity model [6]. Physical effects of this
core field, e.g. on the interaction of a dislocation with a pres-
sure field, can then be expected.

From the energetic viewpoint, ab initio calculations provide a
quantitative description of the two-dimensional Peierls
potential* of straight screw dislocations. As shown in ab ini-
tio calculations, the Peierls barrier between two neighboring

stable positions in the glide plane displays no intermediate
metastable core configuration in all bcc transition metals, in
disagreement with the two-peak Peierls barrier predicted in
iron by empirical potentials reproducing the non-degenerate
core structure, such as the Mendelev potential [1]. The inter-
mediate metastable configuration predicted in empirical
potentials (referred to as a “dissociated core”) is an artefact
of the empirical potential, which may have consequences on
the glide mechanisms. As shown in ab initiomodels, iron dif-
fers from other elements by a saddle-shaped neck, instead
of a local maximum at the “difficult” core position [2].
Empirical potentials for iron and tungsten adjusted on the
Peierls barrier through ab initio calculations are currently
developed in order to reproduce the non-degenerate core
structure and the single-peak Peierls barrier. Yet, they do not
reproduce all the characteristics, especially the saddle-
shaped neck in iron [7] (Fig. 153).

The Peierls stress corresponds to the stress that annihilates
the Peierls barrier, and so can be calculated from the maxi-
mum derivative of the Peierls barrier as a function of the dis-
location position, assuming that the barrier is independent of
the applied stress (Fig. 152b). Ab initio calculations and
empirical potential calculations lead to Peierls stresses which
are too much high compared with experimental values by an
approximate factor of three. For instance, in iron the Peierls
stress extracted from ab initio simulations is about 1.3 GPa,
whereas the experimental value is close to 0.4 GPa. Various
assumptions have been put forward in relation to the origin
of this disagreement. As shown by recent works, it most
probably arises from a quantum effect [8] related to the fact
that experimental measurements are performed at very low
temperatures (a few K). Furthermore, empirical potential sim-
ulations evidence that the Peierls potential depends on the
applied stress [9]. The effect of stresses referred to as ʻnon-
glissileʼ, i.e. that do not generate any force on the disloca-
tions in their glide plane, and of crystalline asymmetries can

Fig. 153. Two-dimensional Peierls potential obtained from ab initio calculations (a) in iron and (b) in tungsten, and from calculations based
on the empirical potentials (c) of Mendelev (the most currently used) and (d) of Marinica (developed at CEA) in iron.
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Fig. 154. Dependence of the Peierls stress on the χ angle between
the critical resolved shear stress plane and the glide plane,
calculated with the Mendelev potential in iron.
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be evidenced subjecting the simulation cell to increasing
applied stresses, until the dislocation starts gliding sponta-
neously, and so reaches the Peierls stress. Figure 154 dis-
plays the dependence of the Peierls stress on the χ angle
(angle between the critical – or maximum – resolved shear
stress plane and the glide plane) obtained in iron with an
empirical potential. The Peierls stress is lower in the twin-
ning region (χ < 0) than in the antitwinning region (χ > 0),
whereas the Schmid law, verified in, e.g. fcc metals, states
that gliding starts as soon as the resolved shear stress
reaches a critical value independent of the χ angle. This dis-
crepancy from the Schmid law is a direct consequence of the
strain orientation effect (twinning/antiwinning asymmetry)
characteristic of bcc metals plasticity. The differences
obtained in ab initio calculations on the Peierls potential
between iron and other bcc transition metals can be related
to the differences experimentally observed in twinning/anti-
winning asymmetry.

Beneath the Peierls stress, the energy barrier can be locally
crossed by thermal activation through the nucleation and
propagation of kink pairs. In bcc metals the kink pair (or ʻdou-
ble kinkʼ) consists of two simple kinks. For symmetry reasons,
the kink pairs are not equivalent, but have close spreading,
i.e. about 20 b in iron, where b is the Burgers vector. These
calculations also show that the formation energy of the kink
pair in iron is 0.6 eV, in agreement with the experimental esti-
mation [10]. Preliminary results in ab initio calculations in iron
demonstrate the feasibility of these calculations, but require
larger cell sizes to reach converged energies. Yet, an approx-
imation based on a line-tension model is possible, and allows
the kink-pair activation energy to be calculated only from the
Peierls barrier and the line tension obtained in ab initio cal-
culations [11].

Zirconium plasticity
Zirconium plasticity is mainly governed by the Burgers vec-
tor dislocations 7⃗ = 1/3 〈112̅0〉 which glide in the prismatic
planes of the hexagonal lattice. This glide or slip in a pris-
matic, non-basal plane, observed for some transition metals
crystallizing in the hexagonal close-packed (hcp) structure,
e.g. zirconium, results from dislocation spreading in the pris-
matic planes. Previous tight-binding studies at the atomic
scale [12] showed that this spreading was due to the rela-
tive amplitudes of the stacking fault energies in the basal and
prismatic planes. These stacking fault energies depend on
the number of valence electrons occurring in the 9 band, and
on the angular character of interatomic bonding.

Consequently, the central-force potentials (EAM, or second-
moment potentials), currently used for metals modeling, are
not adapted to describe dislocation core properties in zirco-
nium: a better description of the electron structure proves
necessary, which is achievable through ab initio calculation.

Generalized stacking faults, obtained by displacing two half-
crystals with respect to each other, without dislocation, were
ab initio calculated in the basal and prismatic planes, and the
results evidence the existence of a local minimum for each
of these planes (Fig. 155). So it is possible to contemplate
the dissociation of a perfect dislocation into two partial dislo-
cations in each of these planes.

Given the values of stacking fault energy for each of these
minima, and elastic constants, the Legrand criterion [12] then
predicts a dissociation in the prismatic plane. This is con-
firmed by the ab initio calculations of the core structure of a
screw dislocation [13-16]: starting from an initial structure
corresponding to a perfect dislocation, energy minimization
with respect to atomic positions naturally results in a struc-
ture spreading in the prismatic plane (Fig. 156a). This
spreading can then be characterized extracting from the ab
initio calculations the displacement discontinuity induced by
the dislocation along the prismatic plane. The derivative of
this function corresponds to the dislocation density in the
same plane. It can be observed that a screw dislocation with
a Burgers Vector 7⃗ = 1/3 〈112̅0〉 is dissociated into two pure
screw partial dislocations with a Burgers vector 7⃗ /2
(Fig. 156b), in agreement with the stacking fault energy cal-
culations. In addition, ab initio calculations show that a screw
dislocation dissociated in the basal plane is unstable: the two
partial dislocations are then recombined so that the disloca-
tion can then spread in the prismatic plane.
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Fig. 155. a) Schematic of the hexagonal lattice representing the Burgers vector 7⃗ and the various possible dissociation planes in zirconium:
prismatic plane of the hexagonal close-packed (hcp) crystal lattice (in orange), and basal plane (in green). Generalized stacking fault energies
for the (b) basal, and (c) prismatic plane. The various dissociations relating to the minima are highlighted with blue arrows.

Fig. 156. a) a) Core structure of a screw dislocation in zirconium obtained ab initio: the differential displacement map [15] shows dislocation
spreading in the prismatic plane (01̅10). b) Corresponding displacement discontinuity F(H) and dislocation density [(H) = ^F/^H evidencing
the dissociation distance 9.
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conium easily glide in the prismatic planes. This is in agree-
ment with the experimental observations showing that dislo-
cation glide in zirconium is athermal with a low Peierls stress,
if the oxygen content of zirconium is very low (~100 ppm). In
contrast, for oxygen contents more characteristic of indus-
trial zirconium alloys, screw dislocations do not glide easily,

The Peierls barrier obtained by ab initio calculation [16] for
this very screw dislocation gliding in a prismatic plane shows
that this barrier is very low. So is the corresponding Peierls
stress, i.e. 17 MPa at maximum, which is not very different
from the stress expected for edge dislocations. Ab initio cal-
culations therefore show that screw dislocations in pure zir-

Ab Initio Calculation of Plasticity: Core Structure
and Glide Mechanisms of Screw Dislocations
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and their motion gets thermally activated. So ab initio calcu-
lations will now have to focus on understanding this strong
hardening effect of the oxygen impurity, a hardening that
seems related with an alteration by oxygen of the disloca-
tionʼs core structure through an electron interaction.
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Fig. 157. Plane view of the bypassing of a coherent ordered-phase
precipitate (thin line circle) by a dislocation (strong line) in a type
Ni(Al) face-centered cubic alloy. See Ref. [2].

Plasticity and Fracture: Modeling Examples

Dislocation pinning
In order to push up the threshold stress of plastic deforma-
tion and, thus, make materials more resistant, the glide of
dislocations can be blocked by obstacles of various nature,
such as precipitates or impurities. The previous methodol-
ogy was applied to the process of crossing dislocations
pinned by precipitates for an alloy representative of an
austenitic alloy. In the case of strongly pinning precipitates,
the crossing of dislocations is carried out through obstacle
bypassing (see Fig. 157). This is the Orowan mechanism*
[2]. The phenomenological model generally applied for this
process is that of D.J. BACON, U.F. KOCKS and R.O.
SCATTERGOOD (BKS) [3]. A typical result of Orowan bypass-
ing simulation can be seen on Figure 157. These simulations
were analyzed in detail, and improvements of the BKS model
were achieved as reported in Ref. [2]. It was shown that it
was necessary to take account of the dislocation dissocia-
tion due to the low stacking fault energy of face-centered
cubic (fcc) crystals. This phenomenon common to all fcc
crystals involves the formation of two partial dislocations sep-
arated by a stacking fault ribbon.

Molecular dynamics* modeling (see supra, pp. 25-28,
the chapter “Multiscale Approach in Materials Modeling”) is
used today to simulate atomic motion in some model crystals
containing several million atoms for periods of time reaching
the microsecond. These computational capacities enable us
to examine the basic processes relating to dislocation glide
in various types of model materials. As dislocations are
extended defects, with a Coulombian type elastic deforma-
tion field, atomic-scale simulations require focusing on the
geometry of simulation cells [1]. Apart from these technical
aspects, the main limitation of these calculations is imposed
by the accuracy of interatomic potentials which are used to
describe forces between atoms. The development of these
potentials is in constant progress (see supra, pp. 25-28, the
chapter “Multiscale Approach in Materials Modeling“), since
predictions get increasingly accurate from the quantitative
viewpoint. Yet, the lack of accuracy in these potentials does
not prevent us from studying the mobility of dislocations at
the atomic scale. Indeed, if we cannot consider the data
directly extracted from the atomic-scale simulations as pre-
dictive for realistic materials, we can however use these sim-
ulations as tests of the phenomenological models that deter-
mine the dislocation mobility laws. The latter are constructed
according to statistical physics principles, and rely on a
series of approximations that aim at escaping the atomic
scale complexity. In order to test the validity of these models
and the related approximations, and also to improve theory,
if need be, it is particularly interesting to compare them with
atomic simulations. To do so, two steps are required. A first
step consists in determining the parameters involved in
mobility models, basing upon the atomic simulations.
Predictions can then be established in relation to mobility,
referring to the phenomenological models for a model mate-
rial corresponding to the simulations. The second step con-
sists in carrying out simulations of dislocation glide in the
most realistic conditions, and directly measuring the quanti-
ties predicted by the statistical models. The predictions of the
statistical models and atomistic simulations can then be com-
pared. This work was performed for dislocation glide in var-
ious situations of practical interest for metallurgy.

Dislocation Mobility Modeling

Nuclear Materials
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Fig. 158. Atomistic simulation of dislocations dissociated in two solid
solutions of different concentrations. The atoms of solutes are
represented in grey, and the atoms located in the core of partial
dislocations are colored in blue [5].

Fig. 159. Comparison between the tensile experiments on iron single
crystals (conducted by E. KURAMOTO et al. [9]), and the theoretical
predictions established from the atomistic simulation of screw-type
dislocations in iron. A good agreement could be reached through
taking the quantum nature of the atomic vibrations into account.
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Solid Solution Hardening (SSH)
Another broadly used metallurgical process is solid solution
hardening* [4]. Phenomenological models [5] were put for-
ward by various authors such as F. NABARRO [6] and J. FRIEDEL
[7]. These models rely on the line-tension approximation
according to which the dislocation is assumed to be a mere
elastic line. In addition, as part of these models, this line only
interacts with one type of obstacle. F. NABARROʼs model is val-
idated for some types of alloys [6], and some improvements
are proposed in order to take better account of atomistic
details [4], such as the increase in the dissociation of partial
dislocations with the solute atomic concentration, or the order-
ing energy effect in alloys tending to ordering. These effects
become quantitatively notable for concentrations higher than
about 4 atomic percent (at.%).

Thermal activation
of dislocation mobility
Attention is also focused on the thermal activation of screw
dislocation mobility in body-centered cubic (bcc) metals,
such as pure iron. Screw-type dislocations glide according
to a “Peierls process”, i.e. through kink-pair thermal activation
along the dislocation line [8]. The quantum nature of crystals
can be taken into account in the mobility law. The results
(Fig. 159) show a very good agreement with the experiments
[9]. In particular, it appears that within the range of very low
temperatures, taking account of quantum effects [10] signif-
icantly contributes to decreasing the critical (or maximum)
resolved shear stress, referred to as “Peierls stress”. In these
calculations, with various model materials, this decrease
exceeds 0.4 GPa, and is essentially related to the quantum
nature of the crystal at low temperature.

Laurent PROVILLE,
Nuclear Materials Department
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Fig. 160. Intense glide band displayed according to different directions: dislocation structures and corresponding surface displacements for a
material with a 5-µm diameter grain undergoing 23 cycles of a VON MISES plastic strain of �εA52 = 10-3. a) Perspective view. b) Section parallel to
the primary glide plane. Simple-glide simulation. c) Atomic-force microscope observation of surface displacements associated with the persistent
glide bands. d) Dislocation microstructure under equi-biaxial loading: Dislocation Dynamics simulations and Transmission Electron Microscope
observations.
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Plasticity and Fracture: Modeling Examples

the tridimensional character of plastic strain is explicitly taken
into account. Thus, plastic strain localization could be
described in detail basing on the distribution of internal
stresses, coupled with the action of cross-slip* [1]. The chief
conclusion of these analyses is that, through its sole effect,
cyclic plastic strain can result in the occurrence of a superficial
(extrusion-type) relief comparable to those experimentally
observed, even in the absence of any initial superficial defect
[2]. After validation (Fig. 160), DD simulations were applied to
the analysis of peculiar factors (see above), generally associ-

Cracking by thermal fatigue* of PWR cooling systems
(austenitic steels of series 300) has induced numerous stud-
ies worldwide. The approaches used are above all experimen-
tal, and highlight the peculiarities of thermal fatigue versus
conventional isothermal uniaxial fatigue tests.

It is difficult to correlate superficial phenomena, potentially
responsible for crack initiation, with the underlying intragran-
ular mechanisms. This difficulty can be overcome using
Dislocation Dynamics* (DD) numerical modeling, in which

Stainless Austenitic Steels Fatigue
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Fig. 161. Multiscale modeling of fatigue-induced cracking in a polycrystal. a) Cyclic consolidation curve predicted by modeling compared with the
experimental data obtained in various austenitic steels. The tested polycrystal has 125 grains with distinct orientations. The individual grain
behavior law is based on dislocation dynamics simulation data. b) The loading �εA,:B at the level of each grain is calculated for a configuration
(blue) of grain embedded on the surface of a matrix (green). Each grain has a specific crystallographic orientation, selected among 180 options.
The grain size is fixed at 50 µm.
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the sinuous character of the initiated cracks observed under
thermal fatigue, and, second, with an accelerated crossing of
the first microstructural barriers (grain boundaries) and a faster
crack initiation. In presence of a mean stress, an increase of
plastic irreversibility can be observed: it directly affects the
growth of the superficial relief, and so of the crack initiation
kinetics. This effect can be explained by an alteration of dislo-
cation structures.

ated with thermal fatigue: the bi-axial character of cyclic load-
ing, and the existence of a mean stress.

Simulations can help explain the phenomenon of cracked
grain selection in relation to their crystallographic orientation.
They also show that the glide bands and the related micro-
cracks entail two preferential directions at least (instead of one
under uniaxial fatigue). This peculiarity is compatible, first, with

Stainless Austenitic Steels Fatigue172
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The studies described in this chapter are related to a restricted
temperature range, where cyclic strain chiefly depends on the
glide phenomenon. Now, an increasing number of applica-
tions, especially in the energy sector, needs a better predic-
tion of lifetime at high temperature. In the medium and long
term, it will be a must to extend the application field of the pre-
sented models integrating in them new physical phenomena
specific of extreme conditions (point defect diffusion [8], dislo-
cation climb…).

Christian ROBERTSON, Maxime SAUZAY

and Ludovic VINCENT,
Nuclear Materials Department
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Dislocation dynamics simulations, adapted to the grain scale,
do not however help predict the lifetime of a polycrystal sub-
jected to fatigue stresses, or the lifetime dispersion from a
polycrystal to another. Pursuing this objective requires the tak-
ing account, and chaining, of models describing phenomena
specific of the higher scales. The heterogeneity of the stress
field associated with the neighboring grains, for instance,
requires the implementation of simulations at the scale of sev-
eral grains. For example, with the help of finite-element calcu-
lations, the various grains are explicitly meshed, and each
grain displays a mechanical behavior likely to be associated
with its crystallographic orientation.

Damage modeling
of a polycrystalline austenitic steel
This model (or model chaining) developed at the CEA involves
three main steps. The first step consists in predicting the initi-
ation of microcracks on the individual grain scale. This predic-
tion is based on the growth kinetics of extrusions related to a
given grain. These extrusions occur as an excess of material
gradually leaving the material from its free surface. On account
of the stresses induced in surface, these extrusions induce
superficial crack initiations along their edges. The loading val-
ues of each grain are estimated using 3D finite-element calcu-
lations in grain-matrix configuration (Fig. 161b), where the
behavior law of the central grain is determined with the help of
independent DD simulations [3], or results of tests on single
crystals [4,5] (Fig. 161a). The second step consists in predict-
ing the formation of cracks of a size higher than the grain size.
Here the crossing of the microstructural barriers (i.e. grain
boundaries) is related to microcrack coalescence as a func-
tion of the various critical angles (in the 3D space). The full
model is then tested on a polycrystal consisting of 500 super-
ficial grains, with a crystallographic orientation selected among
180 options. The densities of cracks displaying a critical size
(i.e. between two and four grain sizes), under a bi-axial load-
ing in tensile and compressive conditions, are comparable with
the available experimental data [3].

A full modeling of a polycrystalʼs lifetime requires a third step
that describes the propagation of cracks exhibiting a critical
size, up to the final fracture. On this scale, intercrack interac-
tions are explicitly taken into account through their long-range
stress field described by mechanics of continuous media. This
approach was developed and validated referring to mechani-
cal fatigue data [6,7].
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Fig. 162. a) Schematic microstructure of a tempered martensitic steel. The slightly misoriented (or ʻlow-angleʼ) boundaries (disorientation
angle lower than 5°) are plotted in dashed lines, while the other boundaries are plotted in full lines (block boundaries, packet boundaries,
former austenitic grain boundaries). b) TEM observation of the initial microstructure.
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Plasticity and Fracture: Modeling Examples

The initial microstructure of tempered martensitic steels is
characterized by the occurrence of a high number of sub-
grains, with a size about 0.5 µm, along the martensitic laths.
The dislocation density is high (~1014 m-2). Dislocations are
more numerous in slightly misoriented boundaries than
inside sub-grains. Generally, sub-grains are equiaxially
shaped, and are separated by slightly misoriented (or ʻlow-
angleʼ) boundaries (i.e. either some lath boundaries, or
boundaries transverse to laths). At a larger scale (a few
micrometers), blocks and packets are strongly misoriented.

This fairly dense initial microstructure explains the softening
of this category of materials observed during fatigue and/or
creep loading [8].

The design of fast neutron reactors or thermal power
plants fostered a high number of studies dealing with the
behavior of tempered martensitic* steels subjected to
fatigue* and/or creep* at high temperature (450-650°C).
Since the eighties, the instability of their microstructure in
some loading conditions (fatigue, creep) was evidenced in
literature ([5] and [1]). Contrary to the general case when
materials strain results in strain hardening*, this instability
here induces a strain softening* that has to be understood
and predicted. An intergranular creep cavitation can also
be observed for longer lifetimes (100,000 h at 600°C) [6].
The involved mechanisms have to be understood and
predicted in order to put forward strain rate and lifetime pre-
dictions more realistic than the extrapolations of laboratory
data, most often obtained for lifetimes much shorter than in-
service lifetimes.

Strain and Damage of Tempered
Martensitic Steels at High Temperature
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location densities are on the whole in agreement with experi-
mental measurements on interrumpted tests, whatever the
martensitic steel under consideration, such as e.g. the grade
92 steel, or low-activation Eurofer 97 steel, investigated in
relation to fusion [3].

Evolution kinetics were issued in relation to creep in tem-
pered martensitic steels. The same mechanisms could pre-
vail in creep, indeed, with however an enhanced role of
vacancy diffusion, of dislocation climb (annihilation mecha-
nism speed-up), and of precipitation, too (altered conditions
of sub-boundary pinning, altered solid solution effects…).
Cumulated densities of misorientations between sub-grains
could be measured using SEM-FEG-EBSD (field scanning
electron microscopy with electron backscatter diffraction) [9].
Measurements were also performed prior to and following
creep (minimum rate, and end of life). The initial data were
used as input for the sub-boundary annihilation model, which
then allowed a comparison to be made between the evolu-
tions of predicted data, and of data measured during creep
testing. The comparisons made for a 12% chromium tem-
pered martensitic steel under loading at 650°C show that the
evolutions of predicted misorientations reasonably agree
with the FEG-EBSD (Fig. 164b).

Damage and creep fracture
The strain localization in a portion of test specimens, referred
to as necking*, is a phenomenon systematically observed
during the creep characterization of martensitic steels, up to
very long lifetimes (i.e. 160,000 h at 500°C, and 100,000 h at
600°C) [8]. R. LIM et al. (2011) [6] simulated the appearance,
and then the evolution of necking during creep strain taking

Strain softening modeling based
on decreased sub-boundary number
A mean-field polycrystalline model was put forward ([4] and
[8]). It is based on:

• The softening* model: the number of sub-boundaries
decreases as a function of the activation of the blockʼs slip
systems, which causes an increase in mobile dislocation
pinning distances due to the growth in sub-grain size.
Indeed dislocation density decreases following annihila-
tions between mobile dislocations. So the stress required
for going through the dislocation forest also decreases;

• A block → polycrystal localization law and a homogeniza-
tion procedure: the SIDOLO computer code is used to
implement macroscopic or crystalline viscoplasticity laws,
as well as homogenization models.

The number of parameters to be identified is small: activation
energy and volume of the viscoplastic flow law describing
the stress-assisted, thermally activated glide. The experi-
mental distributions of the dislocation density and sub-grain
size are used as input data. The predicted values are stable
compared with the material parameters.

A light strain rate effect on strain softening is predicted in
agreement with experimental results. Figure 163a highlights
this effect on macroscopic strain softening, i.e. the continu-
ous decrease in stress during cyclic tests with imposed over-
all strain amplitude. Stress evolutions are correctly predicted.
Microstructural evolutions in terms of sub-grain size growth,
and lower dislocation density are shown on Figures 163b
and 164a. The evolution kinetics of sub-grain sizes and dis-
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lation carried out from the time to fracture-stress curve
obtained at 600°C for lifetimes lower than 100,000 h. At
650°C, extrapolating the high-stress mode results in strongly
overestimating lifetime beyond 20,000 h. Two mechanisms
can explain this long-term effect:

• Figure 166a highlights a low-stress regime on the strain
rate response which, coupled with the MONKMAN-GRANT law
(minimum strain rate – time to fracture) induces a deviation
relative to the linear extrapolation in the stress diagram.
The necking prediction above presented would be still valid,
but would be accelerated at the abnormally high strain rate
prevailing under low stress loading. For a stress

account of the minimum creep rate and the materialʼs strain
softening under creep. Their lifetime predictions are in good
agreement with a high number of experimental results over a
broad range of materialʼs grades, stresses, and temperatures
(Figure 165a). The predicted and measured section evolu-
tions during testing are also in agreement (Figure 165b).

The longest tests to fracture evidence a speed-up of the
damage mechanisms during long-term testing, especially at
high temperature. For example, a still pending test at 600°C
has now already stepped into the tertiary (or accelerated)
stage following a time to fracture of about 250,000 h-
350,000 h, i.e. lower by a factor of about 4 than the extrapo-
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pp. 67-69, the chapter “Generating Materials Microstructures
for Simulation”). They evidence a notable variation in
stresses at triple points, which may explain the heteroge-
neous, continuous feature of nucleation. Ongoing works are
related, first, to the simulation and observation of void nucle-
ation, and, secondly, to applying lifetime predictions under
creep to austenitic stainless steels. Predictions are in agree-
ment with the NIMS fracture data (Japan), for various alloys
and for lifetimes up to 25 years [2].

Maxime SAUZAY,
Nuclear Materials Department
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of 60 MPa, the stationary strain rate is higher by a factor of
10 than the extrapolation of the data obtained under high
stress loading. The resulting prediction is much closer to
the experimental value, but is still an overestimate
(Fig. 166b);

• Regarding long lifetimes (about 100,000 h at 500-600°C),
intergranular creep voids are formed during the tests. They
result in a reduced ductility of the material. As the fractions
of intergranular voids corresponding to interrupted tests are
of a few 10-3 at the most, they do not have a strong impact
on the strain rates, as evidenced in a continuous damage
modeling approach.

The growth of intergranular voids through diffusion along
general grain boundaries (blocks, packets, former austenitic
grain boundaries) was simulated using the classical model
of growth under continuous nucleation. In contrast with spe-
cial grain boundaries, these boundaries do not display a sim-
ple crystallographic structure, and are well known diffusion
fast-paths. The nucleation ratio was experimentally identified
by counting the voids. The evolutions of average void sizes
are qualitatively reproduced. But the average size is proba-
bly overestimated, as boundaries orthogonal to the tensile
stress axis are considered in the modeling. The experimen-
tal lifetime of the ongoing test seems to be bounded with the
simulated curves taking account of the intergranular dam-
age, and of the low strain rate regime.

Today no model makes it possible to simulate the continu-
ous nucleation of voids, that is a key parameter in predicting
creep damage. Crystalline finite element calculations on ran-
dom or real microstructures were performed [7] (see supra,
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Plasticity and Fracture: Modeling Examples

between slip systems that exhibit dislocations densities [F.
The evolution of these densities follows the generic law
put forward above, on p. 71, with, however, temperature-
dependent parameters. Irradiation hardening* can be taken
into account quite simply modifying the alloy friction ]/, or
adding a strain hardening* term dependent on the product
of a radiation defects density, [K>CC, by their obstacle force,6>CC.
All of the equations constitutive of the crystal plasticity model
are integrated in the CAST3M finite element computation
code, within a finite strain formalism.

Numerical homogenization
of polycrystals
The macroscopic behavior of the polycrystalline material can
be described using a numerical homogenization method (see
supra, pp. 75-79, the chapter “Homogenization Methods in
Mechanics of Continuous Media”) which averages the results
collected during a simulation on a large-sized aggregate
(Fig. 167a), or, reversely, during multiple simulations on
small-sized aggregates (Fig. 167b). In the last case, no
aggregate is individually representative of the materialʼs
average behavior, but the average macroscopic behavior no
longer evolves after a sufficient number of simulations (about
thirty calculations on thirty-grain aggregates).

Temperature dependence, or irradiation hardening can be
conveniently described using this type of approach, as
shown on the following figure (Fig. 168).

Apart from the macroscopic behavior, this homogenization
method also gives access to the average behavior in grains
displaying a peculiar crystal orientation relative to the tensile
axis (Fig. 169). This behavior can be compared with experi-
mental results collected using neutron diffractions [6], and a
good qualitative agreement between simulations and experi-
ment can then be observed, which somewhat validates the
approach (good description of local fields, and of mean
homogenized behavior).

One of the objectives of materials mechanics simulations
applied to current PWR vessel steels is to guarantee the
integrity of vessels when they undergo loading representa-
tive of accidental scenarios (concept of sudden fracture pre-
vention). Fracture phenomena and damage modeling is dealt
with in a specific chapter (see infra, pp. 185-188, the chapter
“Local Approach to Steels Brittle Fracture and Ductile
Fracture”). In order to be efficient this modeling has to rely on
a description as accurate as possible of the materialʼs
mechanical behavior (stress/strain relationship). One particu-
lar purpose is to well reproduce temperature and neutron
fluence* effects on the materialʼs macroscopic behavior. As
irradiation hardening originates in the atomic-scale mecha-
nisms, a multiscale approach is naturally followed, especially
as part of the Perfect [1] and Perform60 [2] European proj-
ects.

This chapter will be focused on the last scale transition of
this approach, that is, here, the grain-to-grain aggregate tran-
sition representative of the macroscopic behavior. This scale
transition relies on crystal plasticity laws [3] (see supra,
pp. 71-74, the chapter “Crystal Viscoplasticity”), and on
a numerical homogenization* method (see supra, pp. 75-
80, the chapter “Homogenization Methods in Mechanics of
Continuous Media”), detailed below more specifically.

Crystal plasticity law
A thermally activated mobility law [4] is selected in order to
account for the reduction of screw dislocation mobility
observed as temperature is decreasing. The shear strain rate
of the D slip system is written as follows:

– �00 ]K:;; BV�K = V�0:HA u———j1 – 〈——–〉Ak v D><@ (]K ), (1)?.4 ]0
with ]K the shear stress* applied on the system, ?. the
Boltzman constant, and V�0, �00, ]0, A and B material-
dependent parameters. As for the effective shear stress,
denoted ]K:;;, it is expressed by the following relationship [5]:

(Z7)2 ∑F6DF[F] K:;; = |] K| – ]/ – ——————– (2)|] K| – ]/
with ]/ the alloy friction, Z the materialʼs shear modulus, 7,
the norm of Burgers vector, and 6DF, an interaction matrix

Steels Macroscopic Behavior
As deduced from Crystal Plasticity
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182 Steels Macroscopic Behavior As deduced from Crystal Plasticity

This approach of the polycrystal finally gives access to a dis-
tribution of mean stresses per grain (in the spatial meaning),
and this information can be used to enrich a model of local
approach to fracture (see infra, pp. 185-188, the chapter
“Local Approach to Steels Brittle Fracture and Ductile
Fracture”).

Ludovic VINCENT, Bernard MARINI and Lionel GÉLÉBART,
Nuclear Materials Department

Fig. 167. Examples of microstructures used for homogenizing vessel steels behavior. a) Real microstructure (2D, 200 µm x 200 µm) obtained
by EBSD mapping. b) Virtual microstructures obtained through multiple random sampling processes. Each color stands for a different crystalline
orientation.
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Fig. 168. Macroscopic behavior curves of a vessel steel.
Symbols: experimental results. Full lines: simulation on aggregate.
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Fig. 169. Examples of comparison of numerical results (finite element calculation) and experimental results in relation to the average behavior
of grains displaying a particular orientation with respect to the tensile direction (A: {-100}<001>, B:{110}<1-11>) [7].
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Fig. 170. a) Meshing of a notched 9Cr-steel bending test specimen with a view to a finite element simulation (CAST3M). The green area 100 µm
thick stands for the area implanted in He. b) Description of the experimental results basing on the local approach to brittle fracture (BEREMIN)
with and without He implantation. Thus, He role in embrittlement is evidenced [10].
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Plasticity and Fracture: Modeling Examples

• Predicting the scaling effect of C-Mn steels under ductile frac-
ture [5];

• Predicting vessel steels toughness from a reduced number
of Charpy* specimens [6];

• Predicting the ductility dispersion of austeno-ferritic steels
following aging [7];

• Modeling ductile shearing during the impact strength*(or
resilience*) test [8];

• Assessment of the Fracture Toughness Master Curve based
on numerical simulations [9];

• Helium influence on 9Cr steels brittle fracture (Fig.170) [10].

Since 2008, the two highlights relating to the local approach to
fracture were the application to the warm prestress effect*,
and the development of a new model using the results of poly-
crystalline cluster simulations. A synthesis of these two lines of
investigation is set out in the following pages.

The local approach to fracture was developed in the early
eighties by the group F. M. BEREMIN, basing on the contribu-
tions of representatives of the ENSMP Materials Center
(Centre des Matériaux), Framatome, and the French Nuclear
Safety Authority [1]. The objective of this development was
to refine the criteria used in the safety analyses of nuclear
facilities, especially in the case of the cleavage* fracture and
ductile fracture* of water reactor vessel steel. The CEA was
one of the earlier users of this approach, and contributed to
its development. The first application was rationalizing the
scaling effects of test specimens, of test temperature effects,
and of neutron irradiation effects on the brittle fracture of an
irradiated vessel steel [2]. Later on, the CEA regularly imple-
mented the local approach to fracture in order to cope with
various issues relating, first, to PWR vessel steel, and, sec-
ondly, to other structural materials of nuclear facilities. In par-
ticular, it is worth mentioning the following issues:

• Modeling the toughness of a PWR vessel steel undergoing
intergranular brittle fracture [3];

• Predicting ductile-brittle transition* of unirradiated PWR
vessel steel [4];

Local Approach to Steels Brittle Fracture
and Ductile Fracture

Nuclear Materials
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Fig. 171. Warm PreStress effect (WPS): a) WPS loading paths under study; b) Comparison between post-WPS toughness predictions
of F. M. BEREMINʼs and S. R. BORDETʼs models and the experimental results.

90

100

110

120

130

80

LCF LCDKF1 LCDKF2 LCDKF3 LCIKF1 LCIKF2 LCIKF3 LCOIKF

K
el

as
tic

(M
P

a
m

1/
2 )

Lo
ad

in
g

Cyclea b
T2 T1

Fracture
Toughness Kic

KWPS (T1)

Modified Beremin
Bordet
Experimental points
Wallin K5%
Wallin K50%
Wallin K95%

T (°C)

LCIKF

LCDKF
LUCF

LCF

LCOIKF

loading paths displaying a variation in loading during the
thermal transient. A decreasing or constant loading path (on
Figure 171a: LUCF or LCF path) will help evaluate the pre-
stress effect on the mechanisms controlling cleavage (nucle-
ation and/or propagation of microstructural defects), as
described in S. R. BORDETʼs [13] model, whereas an increas-
ing loading path (on Figure 171a: LCIKF or LCOIKF) will
allow to determine whether cleavage initiation is related to
plasticity activation as described in the pioneering F. M.
BEREMINʼs [1] model and explained in [14].

A predictive modeling of toughness following warm prestress
has to rely, first, on constitutive equations, that can describe
the local mechanical fields, and, potentially, their statistical
distribution (see the following paragraph) at the crack tip
depending on the loading path, and, secondly, on a model
of brittle fracture by cleavage that can be used to describe
the various steps of cleavage fracture [15]. Besides F.M.
BEREMINʼ model, S. R. BORDETʼs model was implemented in
CAST3M, and the predictions of the toughness probability
fractiles obtained with both models for various loading paths
were compared in [16] using a temperature-parameterized
elastoviscoplastic behavior law which describes the behav-
ior of 16MND5 vessel steel [17].

The result (Fig. 171) shows that S. R. BORDETʼs model, that
explicitly describes the influence of plasticity on microcracks
nucleation, and their potential blunting, if the propagation cri-
terion is not complied with, improves cleavage fracture predic-

Simulating the Warm PreStress
Effect
The Warm PreStress effect*, or WPS effect*, was particu-
larly investigated in the nuclear industry [11]. It introduces
the concept of effective fracture toughness which depends
on the history of the materialʼs loading. This effect highlights
the two following features: (a) when a crack-type defect is
loaded in tension at a temperature T, at which the cleavage
is not active, to a stress intensity factor KWPS, no brittle frac-
ture will occur if the stress intensity factor decreases or is
held constant between T1 and T2 (T2<T1), even if the
isothermal fracture toughness of the virgin material (i.e. with-
out prior loading) is exceeded, (b) the apparent enhance-
ment of the fracture toughness of the material if the crack is
reloaded at T2. A potential application of this concept is
checking the reactor vessel integrity during a Loss-Of-
Coolant Accident (LOCA), in which the mechanical loading
applied to the vessel fluctuates during the thermal transient
[12].

The study and predictive modeling of the WPS effect is espe-
cially useful and interesting, because, on the one hand, the
WPS effect is a loading case in which the overall approach
to conventional Fracture Mechanics cannot be applied, and,
on the other hand, the various loading paths are expected to
help discriminate the involved fracture and plasticity mecha-
nisms, and so the proposed modeling of brittle (cleavage)
fracture. CEAʼs attention was particularly focused on the

Local Approach to Steels Brittle Fracture and Ductile Fracture186
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• Inside the basic volume 50 there exist brittle fracture initia-
tion sites with the number density nc, e.g. carbides randomly
distributed in a homogeneous way, and whose size distribu-
tion C can be described by an analytical statistical law /(C)
(Fig. 172b);

• Each potential initiation site is likely to initiate cleavage frac-
ture when the \* stress exceeds a critical value \8 (C) given
by the Griffith criterion*.

The fracture probability of the 50 volume then results from the
convolution of the two distributions previously mentioned
(Figure 172b):

+∞ 9/(C)3;(50, Σ) =m————3s\*qΣ (50)r > \8 (C)t 9C,0 9C
The fracture of the specimen or structure is then obtained by
application of the weakest link theory. Thus, this model,
implemented in CAST3M, can help take account of the phys-
ical mechanisms of fracture related to the metallurgical
microstructure. In some conditions, it is reduced to
F. M. BEREMINʼs model, and can so be considered as an
extension of this model. Yet, in contrast with F. M. BEREMINʼs
model, it displays the advantage of having but one adjustable
parameter, and it can conveniently describe the effects of
specimen size, triaxiality, temperature, and irradiation
(Fig. 173). The “MIBF model” is currently used to investigate
the low fracture probabilities, as well as temperature effects
on cleavage initiation.

tion following warm prestress, especially for loading paths with
an increasing slope (LCIKF or LCOIKF). As regards cycles
LCF and LCDKF, less discriminating for fracture mechanisms,
both models give similar predictions, in good agreement with
experimental data. An interesting perspective for this study is
evaluating the warm prestress effect on the statistical distribu-
tion of the local mechanical quantities that control cleavage
fracture. The major interest is to numerically evaluate if the
alteration in the toughness value distribution, that results from
warm prestress, arises from an alteration of the defect popu-
lation, or from the distribution of the mechanical fields that con-
trol the nucleation and propagation of these defects. This eval-
uation can be achieved using the tools developed at the CEA
and displayed hereafter.

Brittle fracture modeling
in relation to crystal plasticity
Crystal plasticity modeling of materialʼs behavior helps lay the
foundations of a local-approach brittle fracture model E taking
account of the microstructural effect (lath array and lath
packet) on materialʼs mechanical behavior.

This model, named MIBF (for “Microstructure Informed Brittle
Fracture model”) [18], is based on the following assumptions:

• The stresses and strains are distributed within the basic vol-
ume 50 as shown in crystal plasticity calculations, and their
distributions can be described using an analytical statistical
law 3 (Fig. 172a);

Nuclear Materials
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Plasticity and Fracture: Modeling Examples

conditions, it is necessary to well appreciate and model the
strain and damage modes of these structures. Below are
depicted the studies conducted at the CEA on irradiation
creep, plastic strain localization, and the potential effects of
irradiation-induced voids on the mechanical behavior of irra-
diated austenitic stainless steels.

Irradiation creep
When subjected to stress these materials are deformed
under irradiation by irradiation creep*, whereas no defor-
mation can be observed in the same conditions in the
absence of irradiation. Contrary to the evolution of tensile
properties with increasing fluence, creep deformation does
not get saturated. Compared with the materialʼs post-irradi-
ation ductility, ductility under irradiation is significant, indeed
[5].

The absence of swelling in a certain range of temperature is
corroborated by Transmission Electron Microscope (TEM)
observations that reveal no void/bubble. In this case, simu-
lating the growth of Frank loops by cluster dynamics (Code
CRESCENDO jointly developed by the CEA and EDF) helps
identify the mechanisms that lead to hardening, and to the
increase of yield strength following irradiation [6,7]. These
simulations have also helped quantify the irradiation creep
mechanism through stress-induced anisotropic growth of
Frank loops [8] (or SIPA, an acronym standing for “Stress
Induced Preferential Absorption” of defects). The simulation
of the loop growth anisotropy is in good agreement with TEM
observations. However, the strains induced by this mecha-
nism do not allow the experimentally measured strains to be
accounted for quantitatively. So the stress-induced
anisotropic loop growth mechanism is not the main mecha-
nism. Basing on these results, taking account of the slip-
assisted dislocation climb mechanism was identified as an
area to be explored. Going on with these studies will rely on
the intercomparison of TEM observations of austenitic stain-
less steels, that undergo an in situ ion irradiation carried out
on the CEA JANNUS platform, with the predictions of irradi-
ation microstructure obtained from the CRESCENDO code.

Austenitic stainless steels are mainly used in Light Water
Reactors (LWRs) which constitute most of the worldwide
nuclear reactor fleet, particularly in part of vessel internals.
They are also considered for future systems such as fast
neutron reactors and ITER, in which they will be potentially
subjected to more severe operating conditions (temperature,
flux, dose, pressure). In French LWRs, the integrity of these
structures is ensured by periodic controls. In parallel, a semi-
empiric predictive approach is developed basing on studies
conducted on an international scale, especially at the CEA,
for improving understanding and modeling.

In an irradiating environment under loading which exposes
them to several dozens of dpas (displacements per atom),
at temperatures close to 350°C, these materials display a
microstructural evolution which induces an alteration of the
mechanical properties, and the appearance of new damage
modes. As early as the low doses, the radiation-induced
defects (dislocation networks, Frank loops*, nanovoids,
and, if any, precipitates in second phase) resulting from the
clustering of the interstitials*, from dislocation* lines, and
from the clustering of the vacancies* induce a hardening
which is accompanied with decreased ductility*, plastic
strain localization, and loss of fracture toughness* in the
material. Hardening and loss of ductility get saturated
beyond ten displacements per atom (dpa*) [1]. Macroscopic
swelling* that would result from the nucleation and growth
of voids and helium bubbles, mainly due to Ni and B trans-
mutation, is still insufficiently described for PWR conditions
(290°C to 380°C, and flux of 10-7-10-8 dpa/s) out of lack of
experimental data available at high doses (~80-100 dpa).
Beyond a certain fluence, these grades, that initially display
good corrosion resistance properties, prove to be sensitive
to stress corrosion cracking in nominal primary medium: this
is then referred to as Irradiation-Assisted Stress Corrosion
Cracking, or IASCC* [2]. This damage mode originates from
the complex combination of chemical segregation at grain
boundaries, hardening of the material, and probably modifi-
cation of plasticity mechanisms (plastic strain localization)
[3] and of oxidation mechanisms [4]. Besides, evaluating the
operating lifetime of these structures, e.g. cold-worked 316
steel baffle/former bolts, requires a good knowledge of the
applied loading, that, through an irradiation creep mecha-
nism, leads to stress relaxation on the bolts as soon as the
first displacements per atom (dpa) have taken place. In order
to control the integrity of these internal structures, and to con-
sider an extension of their operating time in the best safety

Irradiated Austenitic Steels
Strain and Damage
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Fig. 174. a) Intergranular stress fields predicted by finite element
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vation. The surface and grain boundary energies of the mate-
rial, whether affected or not by corrosion, can then be
involved, too [10,11]. Basing on experimental, or ab initio
calculated values published in literature, predictions of
macroscopic stress with environment-dependent crack initi-
ation are obtained. They seem to better agree with the exper-
imental results than the predictions of pile-up models
(Fig. 174b) which, indeed, seem to overestimate local
stresses (Fig. 174a). Irradiation creep induces relaxation of
intergranular stresses, but their level may remain high during
the few months following a reloading of the bolts, which,
referring to laboratory tests, may be sufficient to induce the
initiation of stress corrosion intergranular cracks.

This approach will be generalized to the study of the interac-
tion between strain-induced twins (twin crystals) and grain
boundaries, and will take the oxidation kinetics of grain bound-
aries into account through resolving the diffusion equation,
and using models of intergranular cohesive areas.

Investigating strain localization
and its consequences
on intergranular crack initiation
in Irradiation-Assisted Stress
Corrosion Cracking (IASCC)
IASCC damage mode results from the complex, and still
incompletely understood, combination of chemical segrega-
tion* at grain boundaries induced by irradiation, of materialʼs
hardening*, and probably of oxidation mechanisms, and of
the alteration of plastic strain mechanisms. The latter have
recently been emphasized as having a first-rank role in the
intergranular damage of austenitic steels irradiated at high
doses and strained in an inert environment. So it is impor-
tant to quantitatively evaluate the mechanical loading of grain
boundaries due to plastic strain localization.

The pre-irradiated austenitic stainless steels subjected to a
strain test with imposed strain rate show, in some experimen-
tal conditions, development of plastic strain localization as
thin, clear bands in which most of plastic strain is concen-
trated. Referring to literature, this strong localization is the
origin of the occurrence of intergranular microcracks due to
the alteration of stress fields at grain boundaries, and this,
whatever the environment (inert, PWR…). A grain-scale
modeling was thus put forward in order to help predict the
initiation of these microcracks, using the crystal finite ele-
ment method with which the required microstructural ele-
ments can be taken into account [3]. The proposed model-
ing [8] is based on an elastoplastic description of the
mechanical behavior of the clear bands, with low values of
critical resolved shear stress and hardening coefficient, in
agreement with observations [9]. The grain material out of
the clear bands, as well as the neighboring grains, obey
cubic elasticity, whereas the matrix surrounding the grain
cluster is isotropically elastic [9]. Simple analytical formulae
have been deduced from a very high number of results of
finite element calculations based on sets of parameters vari-
ables in terms of band thickness and length, behavior law
coefficients, elastic modules, orientations of neighboring
grains. The calculation of stress fields normal and tangential
to the grain boundaries show that they exhibit a power sin-
gularity lower than that predicted by the dislocation pile-up
model which describes stress singularity on a grain bound-
ary created by this pile-up. The numerous results of finite ele-
ment calculations obtained give access to an analytical
expression of the fields depending, in particular, on band
thickness, E, and grain size, 1. The predicted stress fields are
significantly lower than those predicted by the pile-up theory
(Fig. 174a). The prediction of microcrack initiation then relies
on the Griffith criterion*, which is based on energy conser-
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with [�KN the dislocation density of system D, 1K the mean free
path of mobile dislocations prior to being immobilized by obsta-
cles, <8 the proportionality factor which depends on the mech-
anism of dislocation dipole annihilation, 7N the normalized
Burgers vector of dislocations 1–2 6〈110〉, 7KM the matrix of inter-
action between dislocations, _O the diameter of Frank loops,A (A = 1…4) the number of the glide plane, [JO the Frank loop
density on the glide plane A, and ?PQ the coefficient of effective
interaction between dislocations and Frank loops.

The interaction between mobile dislocations and Frank loops
is described in the mean free path 1K. V� is the slip rate.

Strain softening due to plastic strain localization in clear bands
(see the pararaph above) is implicitly described in the evolu-
tion of Frank loop density. The experimental observation show-
ing that only part of Frank loops is swept out by plastic strain
is introduced in the model via a parameter [OKIL [12]. The abil-
ity of the proposed model to reproduce the behavior in both
the unirradiated and irradiated state is shown on Figure 175a
where the model is compared with experimental results. This
modeling helps evidence the structural effect (necking*) on
the loss of ductility observed in the irradiated state (Fig. 175b)
[12].

Taking account of porosity related to voids at the crystal scale
is developing through a new plasticity criterion for a porous
single crystal coupled with a porosity evolution law [13].
Starting from calculations of crystalline aggregates displaying
a spherical porosity (Fig. 176a), the parameters of the plastic-
ity criterion can be obtained. Thus the evolution of porosity

Degradation of mechanical
properties in irradiated austenitic
steels
The degradation of mechanical properties in irradiated FCC
materials results from Frank loops formation (hardening), and
strain localization (strain softening). The formation of voids or
pores and their growth, either by irradiation (vacancy clusters,
macroscopically evidenced by swelling), or by plastic strain
under loading, also takes part in the degradation.

The purpose here is to understand the alteration under irradi-
ation of mechanical properties, such as fracture toughness*,
relating to voids growth and coalescence. The developed
modeling relies on the calculation of crystalline aggregates
(see supra, pp. 71-74, the chapter “Crystal Viscoplasticity”),
and on the finite strain formalism of crystalline laws based on
dislocation density and irradiation-induced microstructural
defects in order to describe irradiation-induced hardening (see
supra, pp. 75-79, the chapter “Homogenization Methods in
Mechanics of Continuous Media”). For austenitic stainless
steels, hardening is considered as being mainly due to Frank
loops, at least for low doses [12]. Under loading, for unirradi-
ated material, the evolution of dislocations is given by what fol-
lows:

1 1[�KN = —– j—– – <8[KNk |V�K|,7N 1K 112 4 _ _
with 1K = Y jn7KM[MN + ?PQn_O [JOk 2F A
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(and so of the percent volume of swelling) can be determined
on the materialʼs yield surface threshold (or yield stress)
(fig. 176b) for different levels of triaxiality.
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Physically-Based Modeling of Zirconium Alloys
Mechanical Behavior Before and After Irradiation,
and in Accidental Conditions

Zirconium alloys have been used for over thirty years in
the nuclear industry as a material constituting the structural
elements of the Pressurized Water Reactor (PWR) fuel
assembly. In particular, fuel rod clads* made of zirconium
alloys stand as the first barrier against radioactive element
dissemination. Therefore it is crucial to guarantee their in-
pile mechanical resistance in normal operating conditions, in
accidental hypothetical situations, as well as during their
transport and storage following their use.

Towards a mechanical behavior law
of zirconium alloys
The behavior of these materials is well characterized from
the macroscopic viewpoint, and empirical models allowing
their behavior to be simulated are commonly used by indus-
tries. However, in order to get increasingly more predictive
modeling, a multiscale approach has been implemented that
aims at developing a polycrystalline model able to simulate
the behavior of zirconium alloys prior to and following irradi-
ation, and even, in the long term, under irradiation. Yet, such
models require a good knowledge of the involved deforma-
tion mechanisms, and access to behavior laws relating to
individual grains.

Now, the behavior laws of zirconium single crystals are not
well known, even before irradiation. So both experimental
and numerical studies have been implemented at the CEA
in order to complete these basic data. Thus, specimens of
rather pure zirconium alloys, mainly containing one grain in
their gage length, have been recently tested. With the help
of micro-extensometry, and analysis of surface slip traces,
on the one hand, it was confirmed that dislocation glide in
the prismatic planes of the hexagonal close-packed (hcp)
crystal was the main activated mechanism, and, on the other
hand, the single-crystal behavior of zirconium could be deter-
mined [1]. In parallel to this experimental work, a dislocation
dynamics simulation approach, using the NUMODIS code,
was initiated with the aim of better defining the zirconium
behavior laws. Specific algorithms were developed to simu-
late dislocation motion in metals and alloys exhibiting high
lattice friction (Fig. 177) [1]. Finally, basing on the proposed
single crystal behavior law, finite-element calculations in

crystalline plasticity were carried out with the help of the
CAST3M software, on a structure representative of the whole
specimen under study. The good agreement between simu-
lation and experiment resulted in the validation of the pro-
posed behavior law (Fig. 178).

Plasticity and Fracture: Modeling Examples

Fig. 177. Simulation of the motion of a dislocation
(with the NUMODIS code) taking account of a specific mobility law
for screw dislocations.

Fig. 178. a) Optical image of a specimen.
b) Experimental strain field.
c) Strain field simulated by finite elements (CAST3M).
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Fig. 179. Transmission electron microscope photograph of a clear
band, i.e. the “channel” in which the dislocation loops have been
swept out.

Fig. 180. Dislocation dynamics simulation (NUMODIS code)
of the interaction between a dislocation and a loop.

70 nm

In order to complete this approach, a polycrystalline model
(see supra, pp. 71-74, the chapter “Crystal Viscoplasticity”) ini-
tially developed to simulate the behavior of unirradiated zirco-
nium alloys was adapted to the irradiated material. The hard-
ening induced by radiation defects, as well as their
sweeping-out were introduced in the model (see supra, pp. 75-
79, the chapter “Homogenization Methods in Mechanics of
Continuous Media”). Moreover, internal stresses (referred to
as “back stress”) induced by the strong strain incompatibilities
between the “channels” and the other grains were taken into
account by an intra-granular kinematic strain hardening* term
(see supra, p. 73) [4].

A crystal plasticity model identified on monotonous tests was
validated at the macroscopic scale by simulating cyclic tests
available in literature (Fig. 181). Indeed, these tests demon-
strate a notable kinematic strain hardening resulting from
strain incompatibilities, as well as a cyclic softening* relating
to radiation defect sweeping-out. In addition, the model was
validated at the microscopic scale, systematically confronting
the activation of the slip systems observed in each grain with
the activation predicted by the model [5].

Irradiation effect on zirconium alloy
mechanical behavior
During their in-reactor use, zirconium alloy clads may
undergo fast loads likely to induce high stresses during
power ramps, due to the Pellet-Clad Interaction* (PCI). In
such situations, plastic deformation may take place. So it is
important to correctly understand and predict the plastic
behavior of irradiated zirconium alloys. Neutron irradiation in
metals induces a very high density of small point defect clus-
ters, mainly as dislocation loops [2]. This high density of
small dislocation loops which act as obstacles to dislocation
glide (or slip) explains the very strong hardening* induced
by irradiation. However, for a sufficiently high stress, these
loops may be swept out by the dislocations, which results in
the formation of defect-free bands where the following dislo-
cations can freely glide. This is the dislocation “channeling”
mechanism (Fig. 179). In addition, as demonstrated, the
easy slip system is modified by irradiation as basal slip gets
predominant. This phenomenon is assigned to the interac-
tion differences between dislocations and loops [3]. Using
dislocation dynamics (NUMODIS code), simulations of radi-
ation-induced defect/dislocation interactions were performed.
These first works illustrate the process of sweeping-out of
loops by dislocations (Fig. 180).

Physically-Based Modeling of Zirconium Alloys Mechanical Behavior
Before and After Irradiation, and in Accidental Conditions
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Fig. 181. Cyclic behavior of a zirconium alloy before and after irradiation.
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the material [8]. After identifying these laws for each of the
phases, various homogenization approaches were set up:

• The analytic approach through two rustic models (Sachs,
Taylor);

• A self-consistent model, in which, in order to account for the
interactions between the alpha and beta phases, we assume
that the medium surrounding one of the phases is an infinite
medium whose characteristics are those of the homogenized
material of interest;

• A numerical approach through the simulated microstructures
(see supra, pp. 67-69, the chapter “Generating Materials
Microstructures for Simulation”), the behavior of which is
deduced from finite-element simulations (see supra, pp. 71-
74, the chapter “Crystal Viscosity”).

Figure 182 compares these various approaches for a 860°C
temperature (50% of U phase). Here it can be observed that
both approaches are in very good agreement with one
another, and with the experimental results. Thus, as regards
this material, the study conducted shows that the effect of the
distribution of the T/U phases is limited, and that a simplified
approach, far less heavy than the numerical approach, is suf-
ficient to depict the materialʼs behavior under creep.

Zirconium alloys creep
After being used in a reactor, the fuel assemblies are stored,
and then carried to a reprocessing site, or to a long-term stor-
age site. During the dry transport, the decay heat of the fuel
may result in a strong rise in the fuel rod temperature (about
400°C), thereby inducing an increase in the fission gas pres-
sure. In such conditions, the clad may happen to be
deformed (creep). A good prediction of the post-irradiation
creep behavior is therefore crucial for this back-end issue.
An experimental study demonstrated that, in such stress
conditions, radiation damage can be partially annealed [6].
This phenomenon of radiation defect annealing* was mod-
eled with the help of the CRESCENDO cluster dynamics*
code (see supra, pp. 137-140, the chapter “Structure and
Kinetics of Radiation Defects in Iron”). Moreover, a behavior
model based on the evolution of dislocation and irradiation
defect densities under creep was proposed, so as to allow for
a better understanding and prediction of the post-irradiation
creep behavior [7].

Finally, the Zr alloys behavior was investigated as part of a
Loss-Of-Coolant Accident (LOCA) scenario during which the
fuel clad temperature rises over 1,000°C, which may induce a
notable swelling of the clad tubes liable to reduce the fuel cool-
ing efficiency. Between 600°C and 1,000°C, these alloys
undergo a (T hexagonal -> U cubic) phase transformation that
makes it difficult to analyze the creep behavior of these mate-
rials. In these conditions, it is indispensable to take the grain
size into account as a behavior parameter of each of the
phases, in order to hopefully reproduce the creep behavior of

Nuclear Materials
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Fig. 182. Homogenization of the behavior of a Zr alloy under creep at 860°C: comparison
of different approaches. The ends of the arrows indicate the state of mean stress,
and the mean strain rate in each phase.
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Fig. 183. The SiC/SiC composite material: a) 3D representation of the woven material (assembly of tows). b) SEM observation of a tow.
c) SEM observation of an area of the tow.

Plasticity and Fracture: Modeling Examples

Tow-scale mechanical behavior
In order to study the elastic behavior of the tow, a virtual
microstructure generation tool validated on experimental
microstructures was developed (see on Fig. 45, in the chap-
ter “Generating Materials Microstructures for Simulation”,
supra, pp. 67-69). Here it is worth recalling that the tow elas-
ticity tensor can be evaluated through the unit cells generated
and introduced in a (finite-element) multiscale homogeniza-
tion procedure (see supra, pp. 75-79, the chapter
“Homogenization Methods in Mechanics of Continuous
Media”). The findings [1] made it possible to quantify the micro-
porosity resulting from the CVI process: the effect of its form
(Fig. 184a), and the effect of its volume fraction (Fig. 184b)
were thus evidenced.

The damage behavior of the tow is experimentally investigated
on model unidirectional composites: microcomposites. In situ
tests performed under scanning electron microscope and
under X-ray tomography (ESRF line ID19) provided quite new
experimental data in relation to the fine characterization of the
damage of these minicomposites (multiple cracking of the
matrix, and fiber fracture) (Fig. 185a) [2]. These experimental
data on the basic damage mechanisms are then used to vali-
date a 1D micromechanical modeling [1,3] of the mechanical
behavior of these minicomposites taking account of matrix
cracks, fiber fractures, and the load transfer related to the

Owing to its stability at high temperature and under irra-
diation, silicon carbide (SiC) is considered as a structural or
fuel cladding material in Gen IV reactors. In a monolithic con-
figuration, SiC exhibits a brittle character (random fracture
or failure, and low levels of strain to failure) unacceptable for
the applications under consideration. In contrast, when made
in the form of a woven composite (SiC/SiC), the material dis-
plays a reproducible behavior, and a higher level of strain to
failure. These qualities are related to a complex microstruc-
tural architecture, with nested scales, and a multiscale
approach is under development so as to relate the behavior
of the anisotropic, damageable composite to the arrange-
ment of the various constituents. Although the material can
be considered as homogeneous at the macroscopic scale,
various scales constitutive of the material can be distin-
guished as shown on Figure 183: the weaving scale, at
which the material is seen as an assembly of tows assumed
to be homogeneous, separated by a porosity referred to as
“macroporosity”, and the tow scale, which reveals the basic
constituents of the material: the fibers (Hi-Nicalon-S), the
pyrocarbon interphase* and the matrix deposited by chem-
ical infiltration in vapor phase (CVI*), and the porosity
referred to as “microporosity”, generated by the CVI process.

Mechanical Behavior and Damage
of SiC/SiC Composite Materials
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duce the elastic anisotropic behavior deduced from the study
conducted at the tow scale (see previous paragraph),
thereby ensuring a homogenization procedure from the scale
of basic constituents (fiber, matrix, porosity) to the macro-
scopic scale [5].

Mechanical behavior
at the macroscopic scale
If the multiscale approach, that is a deductive approach,
helps improve the understanding of the phenomena which
the macroscopic behavior of the composite material arises
from, it proves heavy to implement and little efficient, indeed,
as used by engineers in a structural design code. Hence, in
parallel, a more pragmatic approach is also being developed.
This approach, referred to as “phenomenological”, relies on
developing behavior laws and macroscopic criteria likely to
reproduce the materialʼs behavior for different types of loads.
Yet, these laws contain very few information about the mate-
rialʼs microstructure, and cannot help predict this behavior,
e.g. as part of an approach to optimize the material. An
orthotropic, nonlinear law [6] was thus developed, display-
ing the major interest not to rely on an often delicate param-
eter identification stage: this law only relies on an interpola-
tion by spline functions of some experimental curves
(stress = f [strain]). However, this model exhibits the draw-
back to introduce some couplings which reduce the latitudes
to reproduce a high number of experimental curves. This is
why the possible use of phenomenological models inspired
from the ONERA works [7] is also explored.

interphase decohesion in the neighboring of these events
(Fig. 185b). This confrontation, the first ever done in relation
to damage mechanisms, shows that the initial step of the ten-
sile test, associated with the development of the matrix
cracking, is well reproduced, whereas the end of the test,
associated with fiber fractures, is not easy to reproduce. As
a matter of fact, the usual ingredients used in the model do
not successfully reproduce the fiber fracture density
observed experimentally. An additional ingredient is pro-
posed in order to improve this confrontation: dynamic phe-
nomena associated with the matrix fracture could induce the
fracture of some fibers (Fig. 185b).

Mechanical behavior at the woven
composite scale
The elastic behavior of the woven composite is investigated
through a numerical multiscale homogenization procedure
presented in the chapter “Homogenization Methods in
Mechanics of Continuous Media”, supra, pp. 75-79. Using
experimental cells selected among X-ray tomography
images makes it possible to take account of the materialʼs
real microstructure, and, especially, the existing fluctuations
around a microstructure generally considered as periodic.
However, the tow orientation cannot be identified on the
image through tomographic observation, and simulations are
carried out assuming an isotropic behavior of the tow [4,5].
A tool for generating woven microstructures was then devel-
oped (and confronted with the 3D tomographic images:
see Figure 46 in the chapter “Generating Materials
Microstructures for Simulation”, supra, p. 69), so as to intro-

Mechanical Behavior and Damage of SiC/SiC Composite Materials198

260

280

300

320

340

360

240

0 20 40 60 80

200

250

300

350

400

150

0 20 40 60 80

Fig. 184. Evolution of the apparent Youngʼs modulus in a SiC/SiC composite for a tensile direction forming a (90°-X13) angle with the fiber
direction. a) The brown color is obtained with a microporosity representative of the CVI process (Fig. 183c), and the grey curve is obtained
with pores of circular section. b) The various curves are coupled with various matrix thicknesses (CVI deposition), and so with various residual
microporosity fractions.

A
pp

ar
en

tY
ou

ng
’s

m
od

ul
us

(G
P

a)

A
pp

ar
en

tY
ou

ng
’s

m
od

ul
us

(G
P

a)

c13 (°) c13 (°)

CVI
CIRC

fp = 11.5%
fp = 9%
fp = 6.6%
fp = 4%
fp = 2.8%

a b

Mono10CEA_Part5&finGB_3.qxd:Mono4CEA_FR3.qxd  28/11/18  15:29  Page 198



[6] E. CASTELIER, G. CAMUS and S. SAUDER, “Identification of a nonlin-
ear elastic model with damage variables for a 2.5D SiC/SiC compos-
ite”, 14th European Conference on Composite Materials, 2010,
Budapest.

[7] J.L. CHABOCHE and J.F. MAIRE, “A new micromechanics based
CDM model and its application to CMCʼs”, Aerospace Science and
Technology, 6, Issue 2 (2002), pp. 131-145.

Lionel GÉLÉBART and Étienne CASTELIER,
Nuclear Materials Department

�References

[1] C. CHATEAU, Analyse expérimentale et modélisation microméca-
niques du comportement élastique et de l’endommagement de

composites SiC/SiC unidirectionnels, 2011, Thèse de lʼÉcole
Polytechnique.

[2] C. CHATEAU, L. GÉLÉBART, M. BORNERT, J. CRÉPIN, E. BOLLER,
C. SAUDER and W. LUDWIG, “In situ X-ray microtomography charac-
terization of damage in SiC(f)/SiC minicomposites”, Composites
Science and technology, 71, Issue 6 (2011), pp. 916-924.

[3] E. CASTELIER, L. GÉLÉBART, C. LACOUR and C. LANTUÉJOUL, “Three
consistent approaches of the multiple cracking process in 1D com-
posites”, Composites Science and technology, 70, Issue 15 (2010),
pp. 2146-2153.

[4] L. GÉLÉBART, C. CHATEAU, M. BORNERT, J. CRÉPIN and E. BOLLER,
“X-ray tomographic characterization of the macroscopic porosity of
CVI SiC/SiC composites: effects on the elastic behavior”,
International Journal of Advanced Ceramic Technology, 7, Issue 3
(2010), pp. 348-360.

[5] L. GÉLÉBART and C. LESTRINGANT, “FFT-based homogenization of
the mechanical behavior of SiC/SiC composites”, Note Technique
DEN/DANS/DMN/SRMA/LC2M/NT/2011-3255/A.

Nuclear Materials
Structural Materials Modeling and Simulation

199

0.5

1

1.5

2

2.5

3

0

0 20 40 60 80

Fig. 185. a) Measurement of the matrix crack opening displacement as a function of the applied load (in situ test in a scanning electron
microscope). b) Display of a partially propagated matrix crack, pinpointed basing on a 3D image of the minicomposite under loading
(74N, tensile axis perpendicular to the image) (in situ test, ESRF, line ID19).
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Nuclear Materials:
What About the Perspective?

This Monograph on nuclear materials presents a broad
range of approaches and issues characteristic of the role of
materials in most industrial fields: materials either make
things achievable, or remain an insuperable obstacle. There
exist innumerable “paper designs” that are fine creations of
the mind, and cannot go beyond the stage of the apparently
simple question “Which material for this object?”, and of the
even more frequently forgotten question “How to make it?”.
This concern, which must be at the core of industrial objects
design, gets even more indispensable when their aging is a
major concern. This is especially the case in the nuclear field.

Moreover, due to irradiation, the nuclear environment
exhibits additional specificities that make it quite peculiar in
the boundless field of materials science. Indeed, materials
loading under irradiation does jeopardize their inner features:

• Irradiation may lead to an evolution of chemical features,
either overall through transmutation of some elements, or
local through induced segregations;

• Irradiation induces a structural disorder in crystalline sys-
tems through the generation of a high number of point
defects that can agglomerate as a population of dislocation
loops. This structural disorder may sometimes go as far as
amorphization;

• Finally, as irradiation induces atoms to leave their equilib-
rium sites, and generates an excess in point defects, it
results in an accelerated transport, and modifies the way
in which the system under irradiation explores the phase
space.

In these three major radiation-induced perturbations of solid
materials characteristics lies the very origin of variety in the
observed phenomena. As Georges MARTIN, who brought a
considerable contribution to the understanding of nuclear
materials, used to say: “Under irradiation everything may
happen… but not anything!”.

This overview of materials evolution under irradiation high-
lights the fact that the nuclear metallurgy field has been a
pioneer in the key issue of scale change. That means, first,
a change in the spatial scale: even if damage does take
place, indeed, at the atomic scale, however the quantitative
understanding of the consequences at the macroscopic
scale entails a fine analysis of the collective behavior at the

intermediate scales, i.e. the scale of dislocations, grains, and
polycrystal clusters. Second, that means a change in the
time scale, too, as one of the objectives of this understand-
ing is to predict the time evolution in the properties of a
nuclear reactorʼs materials. Quite naturally, nuclear metal-
lurgy is at the front line of multiscale simulation.

Then are to be addressed at once the issues related to mod-
els reliability: how to describe interactions between atoms?
How to analyze dislocation glide conditions, and their inter-
actions between atoms? How to understand the transition
from a Charpy test to a toughness test? How to introduce
transport mechanisms out of, and under irradiation at the
required reliability level?

This Monograph shows a few examples of true successes in
multiscale modeling. Yet one must withstand the temptation
to “oversell” it. As a matter of fact, a large number of ”basic
bricks” are still lacking. Chemistry is treated very roughly
using modeling that seldom goes beyond binary alloys,
unless it relies on a less controlled phenomenology.
Interfaces (grain boundaries, interphases) are taken into
account quite rustically; yet, they play a crucial role in numer-
ous cases of embrittlement. In the allowed relationship
between fracture toughness and hardening, the contribution
of strain hardening is somewhat quickly neglected. Chemical
segregations under irradiation can be rationalized, but are
still far from being predictable. In addition, the modeling of
major phenomena such as irradiation creep or stress corro-
sion, not to mention irradiation-assisted corrosion, is still to
be developed. Praiseworthy efforts are made to transfer to
fuel the concepts developed for metallic materials; yet, the
specificities of ionic solid irradiation leading to charged point
defects have to be taken into account. Finally, if the “local
mechanics of fracture” provides the study of post-irradiation
behaviors with a relevant framework, its application under
irradiation and the prediction of macroscopic model quanti-
ties from the microstructure are still to be achieved. As a con-
clusion, there is quite a long list of still open issues, so that
triumphalism may give way to discouragement. However, the
advances made in the last decade, illustrated in this
Monograph, are indeed both impressive and stimulating.

Experimentation in the field of materials in nuclear environ-
ment is costly, and heavy to implement. The ion or electron
irradiation tools provide an environment far less constrain-
ing than when using neutron irradiation. Having to work on
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irradiated alloys-316 is a generic approach: understanding
the decomposition kinetics, under heat treatment, or under
irradiation, requires to first consider a “model” system, which
is nothing else than an A-B binary alloy in which the com-
plexity will be gradually introduced using interaction param-
eters to describe the effects of magnetism on the phase dia-
gram distortion.

In the above detailed case, most of physics is known, and
resisting the temptation of too quickly comparing simulation
and the experimental corpus motivating simulation does not
require an excessive heroism: conceptual tools do exist
indeed to “tailor” simulation, validated for a simple situation,
to a more complex situation.

In contrast, when situations such as irradiation-assisted
stress corrosion cracking, or friction, or irradiation creep are
considered, the basic mechanisms are not clearly identified.
In these cases, carelessly using “multiscale simulation”
would be as judicious as building a wall with ill-baked bricks.
Thus, the key role of “model” materials in an experimental
validation approach to multiscale modeling clearly appears.
Such materials allow a necessarily simplifying simulation to
be compared with experimental results obtained on a mate-
rial for which these simplifications are acceptable: the robust-
ness of the simulation can thus be checked, and the tailor-
ing stage can then take place. Hence two fundamental rules
that prove indispensable due to the intrinsic complexity of
loading under irradiation:

• Identifying the basic mechanisms and their description,
either analytically or through simulation, on model materi-
als selected as tools for understanding;

• Validating numerical simulation, and especially multiscale
simulations where error propagation is a fundamental fea-
ture to be taken into account, on materials exhibiting a
degree of complexity comparable to that of simulations.

After carefully avoiding the confusion between qualifying a
material and understanding a phenomenon, and resisting the
temptation of too quickly comparing the results of a simula-
tion with the situation motivating the research, time will be
saved indeed, and some of it will be first devoted to getting
solid bases with the help of experiments, especially of well
chosen irradiation experiments. This is the price to be paid
for numerical simulations to lead to a reliable assessment of
component aging, or to be used as a guide to develop
Generation IV reactor materials.

low amounts of material leads to consider special devices
(swelling core specimens, micromachines, nano-indenta-
tion). However, it is still tempting to substitute numerical simu-
lations for these hard experiments. Such a perverse temp-
tation must absolutely be pushed away! Whatever subtle and
refined a numerical modeling may be, the Reference still
remains comparison with experiment, basing upon such a
resource as the set of experiments that helps provide models
with the relevant parameters and their numerical value. A rule
of good behavior – to be recommended as far as reasonably
achievable – is to push away the temptation of too quickly
inducing a tolerant comparison between simulation and
experiment. The following figure describes the intellectual
approach to treat complex systems, in order to apply to the
latter numerical simulations developed and validated on sim-
pler systems. It is worth mentioning that, generally, numeri-
cal simulations are developed on far simpler systems. For
example, the simulation of metals plasticity using a disloca-
tion dynamics simulation 3D code is calibrated on a model
material such as copper. So “back-of-the-envelope” calcula-
tions have to be used to determine the value of parameters
for alloy-316, such as, e.g., the parameters controlling the
cross-slip or the instability of “edge” dipoles. Once this “recal-
ibration” has been performed, that opens the way to the
straight comparison stage, but this is not possible before.
What has just been described in relation to the plasticity of
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Once this careful approach reminded of, it is worth mention-
ing that the list of the topics set out in this Monograph is well
and truly a list of “success stories”. Yet, this is also the list of
“dark areas” previously reviewed in this article. This must
lead to neither an exaggerated optimism nor an excessive
discouragement. This must drive the new generation of
nuclear materials scientists to cope enthusiastically with
these issues. The only sensible reaction is Raphaelʼs words
in front of Michelangeloʼs frescos: “Am I not a painter, too!”.

Yves BRÉCHET,
High Commissioner for Atomic Energy

Nuclear Materials
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Glossary – Index

ab initio: of first-principles calculations, without adjustable param-
eters. This term is especially used for calculations aimed at deter-
mining the structure and properties of atoms, molecules, or mate-
rials directly from the Schrödinger equation resolution. Today
Density FunctionalTheory (DFT)* is one of the most often used
ab initio approaches in chemistry, and in materials sciences. For
example, it gives access to the spectroscopic, transport, and
cohesion properties of materials, whatever the nature of the bonds
between atoms (metallic, covalent, or ionic). 5, 18, 19, 25-27, 29-
31, 33-37, 42, 44, 48-51, 57, 59, 63, 64, 117-119, 123, 125, 133, 134,
136, 137, 140, 141, 143-145, 153, 154, 157, 163-167, 190.

Accelerator: a device designed to impart a very high kinetic
energy to charged particles under the effect of an electric field. In
the case of a Van de Graaf accelerator, the accelerating field is
electrostatic. 85, 90, 101, 112, 113.

Amorphous: of a solid in which atoms are not arranged in a peri-
odic, ordered manner as in a crystal, but in a random manner. 16,
35, 40, 128, 129.

Antisite: in an ordered binary material consisting of atoms of type
A and B, the term “AB antisite defect” is used when two atoms,
of type A and B, are exchanged. 133-136.

APT: see Atom Probe Tomography*.
ASTRID (Advanced Sodium Technological Reactor for Industrial
Demonstration): an integrated technology demonstrator designed
for industrial-scale demonstration of 4th-generation Sodium-cooled
Fast Reactor (SFR) safety and operation, which is being investi-
gated at the French Alternative Energies and Atomic Energy
Commission (CEA: Commissariat à l’énergie atomique et aux
énergies alternatives). 13, 19.

Atom Probe Tomography (APT): an analytical tool of the space
distribution of atoms in a material. Its operating principle relies on
the field-effect evaporation of surface atoms in a tip-shaped spec-
imen. In presence of an intense electric field, an atom located on
the surface of a metal can be removed and evaporated as an ion.
The evaporated ions are then accelerated by the electric field, and
projected onto a space detector. The initial position of the atom in
the specimen can be obtained by reverse projection. The ion
nature can be determined by a time-of-flight mass spectrometer.
The specime is evaporated atom by atom, atomic layer by atomic
layer, so that a map of atomic distribution in the specimen can
then be obtained. 19, 92, 93, 113, 151, 158, 159.

Austenistic steel: a steel mainly consisting of iron atoms, and
endowed with a face-centered cubic (fcc) crystalline structure. 8,
10, 12, 14, 17, 77, 112, 113, 173.

Austenitic structure: a face-centered cubic (fcc) crystalline struc-
ture that can be found in some metal alloys, especially some
steels. 13, 14, 17, 63-65, 72, 77, 83, 100, 112, 113, 151, 152, 158, 169,
171-173, 175, 178, 189-191.

Austenitic-ferritic (or austenitic and ferritic): austenitic-ferritic
stainless steels contain 20-30% chromium, 2-10% nickel, and a
nitrogen content between 0.1 and 0.3%. The main advantage of
these steels lies in their excellent tensile properties, combined with
a good ductility and a high impact strength. 185

Backscattered Electron Diffraction: see EBSD*.
Behavior law US (or behaviour law UK): an empirical or semi-
empirical relationship between a property, e.g. of a material, and
a parameter of the material, which may be intrinsic (chemical com-
position, microstructure…), or extrinsic (i.e. related to the environ-
ment and testing conditions: temperature, pressure…). 78, 99, 100,
172, 173, 186, 193.

Brittle rupture (or Brittle failure): the failure of a material that is
not preceded by a plastic deformation. See also Brittleness*. 79,
95, 96, 161, 181, 182, 185-188.

Brittleness: the property of a material that experiences failure
without previously undergoing plastic deformation. 9, 95.

Burgers vector: a vector representing the amplitude and direction
of the strain carried by a dislocation*. 20, 21, 59, 63, 64, 71, 147,
149, 164-166, 181, 191.

Burn-up (or burnup, also called burn-up fraction): strictly speak-
ing, the percentage of heavy atoms (uranium and plutonium) that
have undergone fission* over a given time interval (referred to as
“burn-up fraction”). It is commonly used to determine the amount
of thermal energy generated in a reactor per unit mass of fissile*
material, between fuel loading and unloading operations, and is
then expressed in megawatt.days per ton (MW.d/t): this is referred
to as “specific burn-up*” (see this term). Discharge burn-up is
the value for which a fuel assembly* must be effectively
unloaded, i.e. after several irradiation cycles. 7, 11.

CALPHAD: a semi-empirical method for computing phase dia-
grams*. 49, 51, 52, 117, 119, 120, 124, 152.

Cascade: see Displacement cascade*.
Cell (hot): see Hot cell*.
Charpy impact test (or impact strength test, impact test): an
impact test on a notched specimen in order to determine the
resistance of a material to non-ductile fracture by measuring the
energy required to break the specimen. See also Impact
strength*. 97, 185.

Charpy test: see Charpy impact test*.
Chemical Vapor Infiltration: see CVI*.
Cleavage: the ability of some materials to undergo fracture along
plane surfaces, in privileged directions, when subjected to a
mechanical force. 14, 79, 81, 185-187.

Climb (of dislocations): see Dislocation climb*.
Cluster Dynamics (CD): the “Cluster Dynamics”, or “Homog-
eneous Chemical Kinetics”, is used to describe the overall evolu-
tion of defect populations and defect clusters (voids, dislocation
loops) in a material with no space limitation and during very long
periods of time. This simulation relies on the classical equations
of the absolute reaction rate of defects to determine defect con-
centration in the material over time. 18,19, 25-27, 33, 34, 39, 60, 114,
118, 128, 144, 148, 149, 157, 159, 189, 195.

Note to the readers.– This set of terms and definitions is strictly intended to be a
translation of the French DEN Monograph Glossary and is provided only for
convenience purposes. Accordingly, the definitions herein may differ from
standard or legally-binding definitions prevailing in English-language countries.
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Dimers: a situation in which two molecules of similar structures
are made very close by intermolecular interactions. 139.

Discharge burn-up: see Burn-up*.
Dislocation: a linear defect affecting atomic arrangement in a
crystalline solid. Two types of dislocations can be distinguished,
which can be respectively visualized as dislocations caused by
insertion of a half-plane of atoms into the crystal (edge disloca-
tions), and as dislocations formed by cutting through the crystal
along a half-plane, and shifting the crystalʼs atoms parallel to the
edge of the cut half-plane (screw dislocations). 147-151, 158, 161,
163-167, 169-173, 175-177, 181, 189-196, 203, 204.

Dislocation climb (or climb of dislocations): the displacement
of a dislocation* out of its glide (or slip) plane. This process takes
place through the diffusion of vacancies* or interstitial atoms*
within the material, towards the dislocation core*. 18, 72, 107, 173,
176, 189.

Dislocation core: an area in a dislocation where deformations
are locally significant, and where the elastic theory cannot be
applied. 164.

Dislocation Dynamics (DD): an analytical computing or numeri-
cal method aimed at simulating plastic deformation mechanisms
on the grain scale (a few µm) through modeling the behavior of all
of the underlying dislocations. As a matter of fact, the motion of
these linear crystalline defects, their mutual interactions, or their
interactions with other microstructural components (i.e. grain
boundaries, precipitates…) are responsible for a great number of
the materialʼs mechanical properties (plasticity, strain hardening*,
resistance to fatigue*, fracture toughness*…). 2, 19, 25-28, 63,
71, 72, 163, 171, 172, 193, 194.

Dislocation loop: a dislocation line recoiled on itself (see inset,
supra, p. 20). 130, 158.

Dislocation pinning: see 21.
Displacement cascade (or cascade, displacement spike, col-
lision cascade): a succession of atomic displacements induced
in a material by the ballistic shock between an incident particle
(neutron, ion) and an atom of the material. 14, 15, 17, 22, 34, 41, 43,
53-55, 117, 127-131.

Displacement spike: see Displacement cascade*.
Divertor: in a tokamak (i.e. a thermonuclear fusion machine using
magnetic plasma confinement), the divertor is a component that
ensures (a) the extraction of the power carried by the particles
escaping from the magnetic confinement field, and (b) the pump-
ing of these particles, especially helium, that constitutes the fusion
reaction “ashes”, and would stifle fusion energy generation if it
piled up in the plasma. 12.

Dose: the amount of ionizing radiation energy imparted to a
medium. This general term used in radiation protection can also
be used in the area of materials: in the case of a material under-
going irradiation, the “radiation dose” or “dose” is expressed in
specific units such as the number of particles per unit surface
(fluence*), or the number of displacements per atom* (dpa*).
See also Radiation damage*. 8, 10-16, 22, 60, 88, 107, 111, 112-
114, 129, 147-149, 152, 153, 159, 189, 191.

Dpa: displacements per atom. A unit of radiation damage in mate-
rials. See also Number of displacements per atom*. 15, 54.

DTA: Differential Thermal Analysis. See Thermal analysis*.
Ductile: of a material likely to undergo plastic deformation before
failure (as opposed to brittle). See also Brittleness*. 13, 14, 74,
79, 95-98, 107, 181-183, 185, 186.

Cold working (or cold work): a process consisting in pressing
(forging…), rolling, or drawing a metal at a temperature lower than
its annealing temperature. Cold working generally increases metal
resistance to deformation (or strain). 11, 63, 73, 77, 81, 175, 181,
183, 194, 203, 204.

Collision cascade: see Displacement cascade*.
Constitutional diagram: see Phase diagram*.
Creep: the progressive deformation of a solid under a stress field
applied for long periods of time. Creep may be activated by heat
(it is then referred to as “thermal creep”), and/or irradiation (“irra-
diation creep”). 9-14, 16-19, 69, 79, 85, 88, 89, 100-102, 105, 107-
109, 149, 161, 175-179, 189, 190, 195, 196, 203, 204.

Critical Resolved Shear Stress (CRSS): the plastic strain or
deformation of a material results from the displacement of the dis-
locations in their glide plane. The gliding starts as soon as the
stress reaches a threshold value referred to as the “Critical
Resolved Shear Stress”. 71.

Cross-slip: screw dislocation* change in glide plane, that makes
it easier to accommodate crystalline strain. 171, 204.

Crowdion: the possible motion of atoms in crystal lattices. This
configuration corresponds to the presence of an additional atom
located in the lattice plane, but not in an interstitial position. Such
a phenomenon leads to the formation of a system of many atoms
located at non-equilibrium positions, that can move through the
crystal lattice in two directions, along the row of atoms. 137, 138.

CRSS: see Critical Resolved Shear Stress*.
CVI (Chemical Vapor Infiltration): a process for manufacturing
composite materials in which the material connecting the fibers is
generated in situ in the fibrous structure by infiltration of chemical
reactives in vapor phase. 197-199.

Damage: the gradual reduction in the mechanical resistance prop-
erties of a material through its microstructural evolution, and the
creation of defects or cracks. 27, 43, 53, 54, 63, 67, 69, 72, 73, 78,
81-83, 86, 98, 102, 105, 111, 112, 159, 161, 173, 175, 177-179, 181,
189, 190, 197.

DBTT: see Ductile-Brittle Transition Temperature*.
Debye temperature: the characteristic temperature that appears
in the theory of solids specific heat, and that is defined as49 = ℎ.Gmax/?, where ℎ is Planckʼs constant, ? the Boltzmann con-
stant, and Gmax the maximum vibration frequency of the atomic
lattice the solid consists of (phonons). 35.

Defect annealing: the at least partial removal of defects in mate-
rials under the effect of a temperature rise. 136, 195.

Density Functional Theory (DFT): a mean field theory currently
used to describe atomic systems (in molecules or materials) with
a high number of electrons, without explicitly treating the Coulomb
interaction between the latter. In order to accurately reproduce the
chemical interatomic bond, it is necessary, indeed, to treat inter-
actions between atomic nuclei and electrons at the quantum level.
In materials physics, DFT is used to investigate the structures and
energies of crystalline defects: point defects* such as vacan-
cies*, interstitials*, or antisites, dislocations*, insertion of solutes
or dopants. Starting from the energies obtained with the help of
DFT codes, it is possible, referring to the defect-free crystalline
state, to go back to the physically relevant energies (defect forma-
tion energies, dopant solution energies…). 25, 29, 136, 141, 207,
212.

DFT: see Density Functional Theory*.
Differential Thermal Analysis (DTA): see Thermal analysis*.

Glossary – Index208
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First-principles: see ab initio*.
Fluence: the integral of a particle flux density over a given time
interval. Fluence is a dose unit used to quantify materials irradia-
tion. This is the number of incoming particles (e.g. neutrons) per
unit area during irradiation. 88, 102, 107, 108, 111, 149, 181, 189.

Focussed Ion Beam: see FIB*.
Fracture toughness (or toughness): a characteristic quantity for
a material, expressed in MPa.m1/2, a measure of its resistance to
crack propagation. 9, 10, 13, 14, 19, 63, 79, 85, 96, 107, 185-187, 189,
191, 203.

Frank loop: see Frank-Read source* and Dislocation loop*.
Frank-Read source: a mechanism by which a pinned disloca-
tion* generates dislocation loops* under stress.
Frenkel pair: two defects consisting of a vacancy* and an inter-
stitial atom* in a material (see Point defect*). In part of literature
these defects are assumed to be coupled, or at least close to each
other. However, in a statistical approach the definition of “pair” may
refer to defect numbering alone. Most often, the void and the inter-
stitial are of the same element, in which case the Frenkel pair is a
stœchiometric defect. 129, 134, 143.

Fuel clad (or clad, fuel cladding): a sealed envelope containing
nuclear fuel, designed to ensure radioactive materials containment
and fuel mechanical strength (i.e. its protection against coolant
aggressions) in the reactor core. 7, 10-13, 15, 16, 88, 90, 91, 108,
119, 121, 133, 193-195.

Gas-cooled Fast Reactor (GFR): a fast neutron reactor, in which
coolant is gas, generally helium. 194, 208.

GFR: see Gas-cooled Fast Reactor*.
Gibbs energy (or free enthalpy): the Gibbs energy of a system
is defined by its enthalpy H, its entropy S, and temperature T, as
follows: G = H – TS. For a system with constant temperature and
pressure, the approach to thermodynamic equilibrium is related
to G minimization. 52, 119.

Grain boundary: the surface separating two crystals of different
orientations, composition, or structures. 15, 17, 72, 73, 92, 93, 112,
113, 143, 144, 151, 153, 154, 190.

Griffith’s criterion: a criterion for the fracture of a cracked mate-
rial, that relates the fracture stress, the crack length, the Youngʼs
modulus, and the materialʼs cleavage stress. 79, 187, 190.

Growth: see Irradiation growth*.
Hardening: the evolution of a material under irradiation, or under
mechanical loading (“strain hardening”), characterized by a more
resistant (generally thinner) microstructure, and an increase in
hardness and in yield strength, i.e. the stress on which the mate-
rial leaves the reversible elastic deformation regime. See also
Cold working* and Strain softening*. 13, 14, 16, 65, 72, 107, 118,
147-149, 157, 164, 170, 175, 181, 189-191, 194, 203.

Hardness: the ability of a material to withstand penetration, espe-
cially punching. 19, 85,149.

Hill criterion: a criterion that generalizes the von Mises criterion*
for anisotropic materials. 65, 77, 108.

Homogenization method: in the context of materials mechanics,
a calculation method allowing the behavior of a material to be pre-
dicted on the macroscopic scale using the description of its behav-
ior on a lower scale. The scale change can be performed either
through modeling (hence the term “homogenization model”), or
through explicitly representing the numerical microstructure (the
term “numerical homogenization” is then used). 19, 27, 67, 69,
71, 75-78, 88, 176, 181, 182, 191, 196-198.

Ductile fracture (or ductile failure): the failure of a material fol-
lowing plastic deformation (or strain). 13, 79, 181, 182, 185-188.

Ductile-Brittle Transition Temperature (DBTT): most of crys-
talline materials are brittle* at low temperature, and become duc-
tile* above a certain temperature, referred to as the ductile-brittle
transition temperature. This temperature is determined testing the
impact strength* of a notched specimen in a Charpy impact
test*, using an impact testing machine. 185, 208, 212.

Dumbbell: in a metal, a pair or atoms consisting of a self-intersti-
tial atom that shares a site of the crystal lattice with an atom occu-
pying a normal position, which endows the atom pair with a dumb-
bell configuration. 26, 130, 134, 137-140, 158.

EBSD (Electron BackScatter Diffraction): a microstructural
analysis technique used to measure crystal orientation in materi-
als. 19, 67, 88, 89, 92, 94, 176, 182, 187.

Edge dislocations: see Dislocations*.
EDS (Energy Dispersion Spectrometry): a technique for ana-
lyzing the spectrum of an X radiation emitted by a material under
an impacting electron beam. The emitted spectrum is character-
istic of the elements present in the sample. EDS can provide the
elemental analysis of a material on surfaces of the nanometer size
in diameter. The analysis can be used to determine the local ele-
mental composition, or to carry out the mapping of elemental dis-
tribution in the material. 90.

Electron BackScatter Diffraction: see EBSD*.
Energy Dispersion Spectrometry: see EDS*.
Equilibrium diagram: see Phase diagram*.
ERDA (Elastic Recoil Detection Analysis): a method for the ele-
mental analysis of a materialʼs surface based on detecting the
elastic recoil of a beam of ions sent onto the sample. This method
is well adapted to analyzing light elements, particularly hydrogen.
90, 91.

Extrusion: a process in which a piece of material is forced through
an opening, perpendicular to which a persistent slip band is gen-
erated. 171, 173.

Fatigue: the loss in mechanical properties undergone by a mate-
rial through generation of cracks, under the impact of repeated
stresses*. In the specific case of thermal fatigue*, these stresses
arise from thermal loads through expansion. 14, 63, 64, 71, 73, 74,
78, 82-84, 105, 161, 171-173, 175, 179, 188.

Fermi level: in the electronic theory of solids, the energy level that
corresponds with to the chemical potential of electrons, that is the
energy level at which an electronic state at the thermodynamic
equilibrium has the same probability to be occupied or empty. 133.

Ferritic: of a metallic phase crystallized in the body-centered cubic
(bcc or cc) system (by analogy with ferrite made out of pure iron).
8, 11-13, 89, 113, 114, 131, 152, 185, 204.

Ferromagnetism: the property of some bodies to exhibit a fairly
marked increase in magnetization under the effect of an external
magnetic field, and, for some of them, to retain magnetism in a
significant portion even after the external field has vanished.
FIB (Focused Ion Beam, Focussed Ion Beam): a nanomachin-
ing technique for manufacturing thin plates for Transmission
Electron Microscope* (TEM) (a few dozen to a few hundred
nanometer thick), or samples shaped as tips with a radius of cur-
vature of a few dozen nanometers, to be used for Atom Probe
Tomography* analyses. An intense beam of heavy ions (a few
tenth to a few dozen keV) is sent onto the area to be cut out. 87,
92, 100.
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Homogenization model: see Homogenization method*.
Hot cell: a shielded containment intended for high-level radioac-
tive objects and materials.The latter can be remotely handled or
treated, or can be stored. 96, 99, 100.

Hot laboratory: a laboratory specially designed for investigating
radioactive materials or objects, e.g. irradiated materials, or chem-
ical compounds containing radionuclides. 99.

IAEA (International Agency for Atomic Energy): an organization
set up by the United Nations in order to control and foster the
pacific uses of nuclear energy. 105, 106.

IASCC: see Irradiation-Assisted Stress Corrosion Cracking*.
9, 108, 189, 190.

Impact strength (or resilience, impact toughness): ability of a
material to withstand shocks; it is characterized by the impact test,
and expressed in joule per cm². 95-97, 100, 185.

Interatomic potential: a potential used to describe the interaction
between atoms in a molecule or a material. Using interatomic –
empirical or semi-empirical – potentials allows the fine description
of the interatomic bond electronic structure to be replaced by func-
tional terms judiciously selected in order to reproduce these inter-
atomic bonds, thereby simplifying the modeling of the system. 27,
34, 36, 45, 46.

Intermetallic compound: a compound of two or several metals
(e.g. Nb3Sn). Unlike an alloy, an intermetallic compound includes
metals in stoechiometric proportions. 10.

Interphase: a bonding material between the matrix and the fibers
in a composite material. 197, 198, 203.

Interstitial atom: an additional atom located between the ordinary
atomic positions of a crystal lattice. 60, 130, 137, 142, 144, 147-149.

Irradiation-Assisted Stress Corrosion Cracking (IASCC): the
damage* mode especially observed in the nuclear Light Water
Reactor (LWR) internals that are subjected to a chemically aggres-
sive coolant medium, mechanical stresses, and irradiation. It is
evidenced by an intergranular cracking on components such as
baffle-former bolts, or former plates. 9, 10, 107, 108, 189, 190.

Irradiation creep: see Creep*.
Irradiation damage: see Damage*.
Irradiation growth (or growth): the constant-volume process of
dimensional variation, with no stress applied, that takes place in
a material under irradiation. 7, 9, 10, 13, 14, 16, 17, 39, 68, 72, 83,
105, 114, 118, 147-149, 172, 173, 176, 178, 189, 191.

Irradiation-induced segregation: see Radiation-induced segre-
gation*.
Isopleth: the line connecting points of equal values on a map. 52.

JANNUS: a research tool platform including that consists of par-
ticle accelerators and characterization tools for studying dedicated
to investigating materials under irradiation. 19, 22, 93, 101, 102, 111,
115, 159, 190.

JHR: see Jules Horowitz Reactor*.
Jules Horowitz Reactor (JHR): a research reactor dedicated to
investigating materials and fuels under irradiation, studying some
accidental situations, and producing radio-isotopes, currently
under construction on the CEA Cadarache site. 19, 105, 106, 108,
109.

Kick-out mechanism: a mechanism whereby an interstitial
atom* can eject a substitutional impurity atom of its site, thereby
leading to the generation of an interstitial impurity. 143.

Kinetic models: in materials physics, modeling materials evolu-
tion over time under thermal aging, or under irradiation. 26, 27, 33,
34, 48, 57-61, 125, 128, 144, 157, 158.

Kinetic Monte-Carlo (KMC): in materials physics or in chemistry,
a method used for modeling the jumps of a system from an initial
state to a set of possible final states, the total number of jumps
being governed by a stochastic process. 19, 25, 26, 33, 34, 39, 57,
59, 60, 128, 153, 154, 157.

Liquidus (or liquidus line): in a phase diagram*, the line
obtained by joining the points that represent temperatures at the
onset of solidification. 51, 119-121.

Loading path: the evolution over time of the status of mechani-
cal stresses in a material. 108, 186.

LOCA: see Loss Of Coolant Accident*.
Loss Of Coolant Accident (LOCA): a hypothetical accident
caused by a breach in the primary cooling system. This breach
induces a pressure drop in the primary system and a loss of the
water inventory in this circuit, leading to fuel rod overheating. 90,
186.

Low-angle grain boundary: See Sub-boundary*.
Magnetite: a ferrimagnetic mineral of the oxide family. It crystal-
lizes in the cubic system, and is part of the spinella group. Its
chemical formula is Fe3O4.
Martensitic: a body-centered cubic (bcc or cc) crystalline structure
found in some metallic alloys, especially in some steels. In the lat-
ter the martensitic structure may be induced by a quench suffi-
ciently quick to impede carbon diffusion. It takes the form of a hier-
archy of scales (former austenitic grains, packets, blocks, and
subgrains), and displays high dislocation densities. 8, 11,12, 16,
71, 72, 90, 91, 123, 175-179.

Materials Testing Reactor (or Materials Test Reactor): see
MTR*.
Microprobe: a tool for analyzing a solid sample, in which an elec-
tron beam (in the case of the electron microprobe), or an ion beam
(in the case of the nuclear microprobe*) is focused on the surface
of the sample. The spectrum of emitted X rays, or of diffused ions
provides information about the local composition of the sample.
87, 90, 91, 120.

Microstructure: the shape, size, and arrangement of a materialʼs
components (grains of a polycrystalline material, minerals), as well
as its voids (porosity, vacancies*) at the microscopic scale. 7, 14,
16-19, 25-28, 39, 45, 55, 57, 58, 60, 65, 67-69, 71-76, 82, 87, 90, 91,
105, 107, 111, 114, 115, 117, 118, 120, 125, 128, 137, 142, 145, 147-
151, 154, 157, 158, 160, 171, 175, 178, 182, 187, 189, 190, 192, 195,
197, 198, 203.

Miscibility gap: the partial miscibility of a compound in another
one. 45, 123, 125.

Molecular Dynamics (MD): a method for simulating molecules
and materials on the nanometric scale, that describes atom motion
basing on the formalism of classical mechanics. It uses time dis-
cretization (stepwise calculation) in order to integrate Newton
equations, and requires a model providing the atomic interaction
forces. 14, 18, 19, 25-27, 33, 39, 43-46, 53, 63, 72, 117, 127-132, 163,
169.

MTR (MaterialsTesting Reactor*, or MaterialsTest Reactor): a
research reactor designed for investigating the behavior of mate-
rials and fuels under irradiation. 19, 105, 106, 109, 110.

Necking: a damage* mode resulting from the localization of strain
on a portion of an unnotched specimen. It is often modeled as an
instability of the specimen diameter that leads to an increasingly
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fast local reduction of area during the deformation process. 98,
177, 178, 191.

Nuclear microprobe: see Nuclear probe*.
Nuclear probe (or nuclear microprobe): a nondestructive analyt-
ical tool allowing the elemental characterization of solid samples
on the micrometer scale (interfaces and grains in materials…).
The method relies on the detection and spectrometry of the radi-
ation emitted by interaction of a light ion microbeam with the atoms
constitutive of the major elements and traces in the samples. 90.

Number of displacements per atom (or number of dpa): the
number of times that each atom in a given sample of solid mate-
rial has been ejected from its site under irradiation. This is an
appropriate unit to quantify irradiations in metals. See also Dpa*.
15, 54.

Numerical homogenization: see Homogenization method*.
Obscuration zone: a stress relaxation area on either side of the
edges of a crack subjected to loading. 82.

ODS: of steels strengthened by a dispersion of nano-sized oxide
particles that are considered as fuel clad* materials for
Generation-IV Sodium-cooled Fast Reactors* (SFRs). As a mat-
ter of fact, they display a good dimensional stability under irradia-
tion owing to their body-centered cubic (bcc or cc) structure, as
well as excellent properties in thermal creep* due to nano-sized
reinforcing oxides. 8, 11, 12, 37, 55, 91-94.

Orowan mechanism: the mechanism by which precipitates are
bypassed by dislocations* moving in a material under plastic
strain. 27, 169.

OSIRIS reactor: a research reactor located at CEA Paris-Saclay,
dedicated to investigating materials and fuels under irradiation and
generating radio-isotopes. 19, 22, 85, 105-107.

PCI: see Pellet-Clad Interaction*.
Peierls force: the friction force of the crystal lattice that opposes
to dislocation* glide. 41, 163-165, 167, 170.

Peierls potential: a two-dimensional energy landscape seen by
a linear dislocation* as it is moving in the crystal. 164, 165.

Peierls stress: a shear stress from which a dislocation* gets into
motion. 163-165, 167, 170.

Pellet-Clad Interaction (PCI) (also called Pellet-Cladding
Interaction (PCI)): the mutual influence between fuel pellets and
fuel clad*. During a power transient, the fuel rod temperature
increases, thereby inducing the pellet expansion, which causes a
mechanical contact between the pellet and the fuel clad. That
entails a local increase in the stresses applied to the clad, and
stress corrosion likely to lead to the clad failure. 194.

Peritectoid: of a reaction in which a solid is decomposed into
another solid and a solid solution in an isothermal reversible
process. 120.

Persistent Slip Band (PSB): a thin platelet in which plastic strain
(or deformation) is localized during a cyclic loading.
Phase diagram (or equilibrium diagram, constitutional dia-
gram): a generally two- or three-dimensional graphical repre-
sentation used in thermodynamics, that represents the domains
of the equilibrium physical state of a system (i.e. a pure sub-
stance, or a mixture of pure substances), as a function of vari-
ables selected so as to facilitate the understanding of the inves-
tigated phenomena. The most simple diagrams are relating to a
pure substance, with temperature and pressure as variables.
The other variables often used are enthalpy, entropy, volume per
unit mass, and the mass or volume concentration of one of the
pure substances constitutive of the mixture. 117.

Phase field method (or phase-field method, phase field mode-
ling): a method for simulating solids or liquids in which the various
phases involved are represented by continuous fields, used as a
tool for modeling the phase evolution in a condensed medium. Its
principle is to describe the local state of matter using one or sev-
eral phase fields, which can often be assimilated with order param-
eters. The key point is that these fields take well-determined vol-
ume values and continuously vary between these values through
diffuse interfaces. The kinetic equations for phase fields are cou-
pled with the transport equations that control the motion of inter-
faces (diffusion, hydrodynamics, elastic stresses…). 27.

Pinning of dislocations: See 21.
PKA: see Primary Knocked-on Atom*.
PKA energy spectrum (or Primary Knock(ed)-on Atoms
energy spectrum): the energy distribution of the first atoms dis-
placed in a displacement cascade* during an irradiation. This
spectrum informs about the energy transferred to the various
atoms the material consists of. 54.

Plasticity criterion: see Yield surface*.
Point defect: a local defect in a point of a crystal lattice, that
results either from a missing atom (vacancy*), or from an addi-
tional atom located between normal atomic sites (interstitial
atom*), or from a foreign atom substituting for one of the lattice
atoms. A Frenkel pair* is produced by pushing an atom off its site
in the crystal, thereby forming a vacancy and an interstitial atom.
16, 58, 133, 152.

Polar figure: a mode of representation of spatial orientations
based on the stereographical projection of a sphere. In crystallog-
raphy, a polar figure corresponds to a description of crystal orien-
tation. In a polycrystalline material, the polar figure informs about
the statistics of crystallite orientation. 88, 89.

Polytypes: forms of close crystalline structures consisting in iden-
tical layers that only differ in the manner they are stacked. 133.

Primary Knock(ed)-on Atom (PKA): see also PKA energy spec-
trum*. 15.

Pseudopotential calculation (or pseudopotential computa-
tion): a method for modeling molecules or materials that is aimed
at replacing the Coulomb interaction potential of the nucleus, and
the effects of the so-called “core” electrons, assumed as strongly
linked, by an effective potential only interacting with the so-called
“valence” electrons. This approximation is of high interest for the
theoretical calculation of matterʼs electronic structure, for it allows
the low-energy electrons alone (e.g., involved in chemical bonds)
to be explicitly treated, thereby making the calculations less com-
putationally demanding.
Quench: the cooling of a metal or an alloy which is often fast and,
generally, deliberate and controlled. Quench impacts on the mate-
rialʼs crystalline structure as well as on its mechanical character-
istics. 8, 10, 11, 39.

Radiation damage (or Irradiation damage): see Damage*.
Radiation dose: see Dose*.
Radiation-Induced Segregation (or irradiation-induced segre-
gation) (RIS): a local variation in the chemical composition of an
alloy near its defect sinks* in the case of a preferential transport
of one of the alloyʼs components. 17, 58, 93, 112-113, 118, 123, 151-
154, 158, 190.

Radiation-induced void swelling: see Swelling*.
Radiolysis: the breakdown of molecules by ionizing radiation. 7,
107, 108.
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Radionuclide: an unstable nuclide* of an element which sponta-
neously decays emitting radiation.
Representative ElementaryVolume (REV): in materials physics,
one of the main steps of homogenization* of a material (i.e. deter-
mining an equivalent homogeneous material) consists in deter-
mining a Representative Elementary Volume (REV), i.e. a mini-
mum volume on which the materialʼs properties have to be
averaged so as to obtain a steady mean value, independent of
where this average has been built on the material. 75.

Resilience: see Impact strength*.
Resistivity annealing: see Resistivity recovery*.
Resistivity recovery: a technique for analyzing a metal sample
which consists in measuring its resistivity after annealing at vari-
ous temperatures. This technique informs about the type of crys-
tal defects occurring in the solid, these defects having an impact
on the materialʼs resistivity. 138, 140, 153.

Resolved Shear Stress (RSS): projection of the stress tensor on
a slip system characterized by a glide (or slip) plane and a glide
direction. It corresponds to a shear stress acting on this plane in
parallel to the glide direction. 21, 71, 163.

REV: see Representative Elementary Volume*.
RIS: see Radiation-Induced Segregation*.
Schmid factor: the ratio of the Resolved Shear Stress* on a
grain glide system to the uniaxial macroscopic tensile stress
applied to the material. 73.

Schottky defect: a stœchiometric defect in a compound AB2 con-
sisting of two vacancies* of B, and one of A. The stœchiometric
defect consisting of three interstitial atoms* is sometimes referred
to as “anti-Schottky”. As for Frenkel pairs*, the three vacancies,
or interstitial atoms, are not necessarily bonded. 75.

Screw dislocations: see Dislocations*.
Second-order approach: of a system governed by a second-
order differential equation with constant coefficients.
Self-Consistent Mean Field (SCMF) method: a statistical
method for computing the transport coefficients of matter in a
material described on a lattice. 33, 34, 39, 58.

SEM: Scanning Electron Microscope. 19, 68, 90, 92, 100, 102,
120, 176, 197.

SFR: see Sodium-cooled Fast Reactor*.
Simple thermal analysis: see Thermal analysis*.
Sink: in a material, the location where point defects* may be
trapped, or absorbed. This is the case, for example, of defects of
larger size, such as dislocations*, surfaces, interfaces, grain
boundaries*. 16, 17, 39, 59, 60, 118, 134, 143, 151, 154, 158.

SIPA: Stress-Induced Preferential Absorption. 17,…

Small-Angle Neutron Scattering (SANS): the SANS experiment
consists of sending a neutron beam with low divergence on the
sample of material to be investigated, and measuring the scat-
tered intensity variation as a function of the scattering angle. Such
a technique is used to determine the mean quantities that charac-
terize the size and shape of scattering objects on space scales
ranging from 0.5 to 50 nm. 19, 22, 93.

Sodium-cooled Fast Reactor (SFR): a fast neutron reactor* in
which coolant* is liquid sodium. 8, 11, 12, 37, 55, 91-94, 101.

Softening (strain): see Strain softening*.
Solidus (or solidus line): in a phase diagram*, the line obtained
by joining the points that represent end-of-solidification tempera-
tures. 51, 119-121.

Solvus (or solvus line): in a phase diagram*, the line obtained
by joining the points that represent the maximum compositions
corresponding to the partial solid solubility limits of components in
one another. 119.

Specific burn-up (or specific burnup, burn(-)up): the total
amount of energy released per unit mass in a nuclear fuel.
Generally expressed in megawatts x days per ton (MW·d/t). See
also Burn-up*.
Strain hardening: see Hardening*.
Strain softening (or softening): the evolution of a material under
loading, resulting from the evolution of its microstructure following
a thermal aging or a strain, and characterized by a decrease in
hardness and in yield strength, i.e. the stress on which the mate-
rial leaves the reversible elastic deformation regime. Strain soften-
ing is the opposite of (strain) hardening*. 71-73, 164, 165, 175-177,
191, 194.

Stress: in materials mechanics, the force applied on a body per
unit area. Compressive and shear stresses can be distinguished.
More generally, in a solid, stress is a tensor field. If the solid is
elastic, the stress field is related to the strain field by the Hooke
law. 2, 8-10, 12-14, 16, 18, 20, 21, 27, 33, 39, 41, 46, 64, 65, 67, 71-77,
79, 81, 82, 87, 95, 97, 101, 102, 107-109, 111, 148, 149, 151, 163-167,
169-173, 176-178, 181, 182, 187, 189, 190-192, 194-196.

Stress intensity factor (K): a quantity characteristic of a mate-
rial, expressed in MPa.m1/2, that provides a measure of its frac-
ture toughness*. 79, 97.

Stress-Induced Preferential Absorption: see SIPA*.
Sub-boundary: a grain boundary of low misorientation, referred
to as “low-angle grain boundary”. Sub-boundaries can be seen as
a 2D dislocation lattice. 71, 72, 175, 176.

Swelling (or radiation-induced void swelling): a phenomenon
of increased volume that affects materials under irradiation. 7, 9-
14, 16, 17, 91, 105, 107, 108, 112, 123, 134, 141, 145, 189, 191, 192,
195.

Synchrotron radiation: any charged particle submitted to an
acceleration emits an electromagnetic radiation. Such a property
is used to produce intense X-ray beams in dedicated particle
accelerators, e.g. ESRF or Soleil synchrotrons. Synchrotron radi-
ation is used to probe matter structure on the atomic scale. 85, 87.

TEM: see Transmission Electron Microscopy*.
Texture: the preferential orientation of crystallites in a polycrys-
talline material. The texture can be assessed by neutron or X-Ray
Diffractometry* (overall method), or by scanning electron micro-
scopy* using EBSD* (crystallite-by-crystallite orientation determi-
nation). The texture can be displayed through polar figures* cor-
responding to the crystallographic plane densities. 13, 78, 87, 88,
108.

Thermal analysis: the principe of thermal analysis is to record the
temperature of a sample on heating or cooling, so as to detect the
temperatures at which structural transformations (phase transi-
tions) take place. If the temperature measure is compared with
that of a standard temperature, this technique is referred to as the
Differential Thermal Analysis (DTA); otherwise, it is called a
simple thermal analysis. 119, 120.

Thermal creep: see Creep*.
Thermal fatigue: a damage* mode resulting from cyclic fluctua-
tions of stresses* in structures, the latter being generated by tem-
perature variations over time. See also Fatigue*. 171, 172.

Toughness: see Fracture toughness*.
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Transmission Electron Microscopy (TEM): a technique allow-
ing the analysis of solid samples on the atomic scale, and relying
on the interaction of a beam electron with matter and the detec-
tion of the electrons that have gone through the sample. So the
samples under investigation have to be made thinner as a previ-
ous step, so that they can be transparent to electrons. The data
obtained through TEM are the morphology of materials, their
(amorphous or ordered) structure, the nature of crystalline defects,
crystalline orientation, and grain size in the case of polycrystalline
samples. 22, 91.

Transmutation: the transformation of a nuclide into another
through a nuclear reaction. 10, 12-14, 16-18, 22, 111, 123, 189, 203.

Vacancy: an unoccupied site in a crystal (see also Point defect*).
VAR: in materials physics or in chemistry, a method used to model
the jumps of a system. 19, 25, 26, 33, 34, 39, 57, 59, 60, 128, 153,
154, 157.

Very HighTemperature Reactor (VHTR): a thermal neutron reac-
tor in which coolant is helium with a core outlet temperature over
900°C.
VHTR: see Very High Temperature Reactor*.
Viscoplasticity: in mechanics of continuous media, a theory that
describes the inelastic behavior of a solid as a function of its strain
rate. Creep* is one of the usual occurrences of a viscoplastic
behavior.
Volterra field: an elastic displacement field in a material that
accommodates the shear associated with a dislocation*. 164.

Von Mises yield criterion (or von Mises criterion): a plasticity
criterion that helps estimate whether a part under a given mechan-
ical loading is plastically deformed, or remains within the elastic
domain. The criterion compares the material yield strength with
an equivalent stress computed from the stress tensor of the part.
171.

Warm PreStress effect (or WPS effect, warm prestressing
effect): an effect affecting crack propagation in a material depend-
ing on its mechanical and thermal loading history. 186, 187.

Wigner effect: the relaxation of radiation-induced defects in
graphite resulting from a temperature rise. As this relaxation is
exothermic, it contributes to graphite overheating, hence a risk of
thermal excess that may lead to an accident in nuclear reactors
using graphite as a moderator. 7.

Work hardening: See Cold working* and Hardening*.
X-Ray Diffractometry (XRD): a technique for analyzing crystalline
materials, in which an X-ray beam is sent onto the crystal to be
analyzed. A three-dimensional picture of the electron density in
the crystal can be obtained through measuring the angles and
intensity of the diffracted radiation. Starting from this density, it is
possible to access to the crystalline atomic arrangement. 87, 88.

X-ray spectroscopy: the analysis of the atomic composition of a
material through measuring the X ray spectrum emitted by the
sample under an electron beam. The beam can be focused so as
to sweep the sample (an X “microanalysis” technique, named
“EDS*, Energy Dispersion Spectrometry”, often available on a
scanning electron microscope*), thereby providing a mapping of
its composition in addition to the picture of its surface.
Yield surface: in mechanics of materials, a surface within the
stress* space. The stress vectors within this surface correspond
to elastic states, whereas the vectors on the boundary correspond
to plastic states. The outer part of the surface cannot be accessed
to. The surface is referred to as the “plasticity surface” or “yield
surface”. 108.

Zirconium: a metallic element with atomic number 40. Zirconium
alloys are widely used for water reactor fuel clads*. 2, 7, 10, 13, 14,
17, 29, 30, 60, 65, 67-69, 72, 74, 75, 78, 82, 87, 88, 90, 91, 93, 100, 107-
109, 119-121, 129, 130, 147-150, 165-167, 193-196.
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Even as civilian nuclear energy is experiencing a real resurgence in interest, there is a need also to know
precisely what is involved in the issue, whether it be nuclear energy itself, or the associated science and
technology. And yet, overviews of a good scientific level are scarce… In order to fill this gap, and highlight
its own work in due manner, the French Alternative Energies and Atomic Energy Commission (CEA:
Commissariat à l'énergie atomique et aux énergies alternatives) is issuing, in the form of short Monographs,
a comprehensive overview of its own ongoing research in the area of civilian nuclear energy.

Such research being diverse and multidisciplinary, this series of CEA Monographs explores, and surveys
topics as varied, if complementary, as reactors for the future, nuclear fuel, materials under irradiation,
or nuclear waste…

Aimed both at scientists hailing from other areas of expertise, wishing to appraise themselves of the issues
at hand, and a wider public, interested in learning about the present and future technological environment,
these CEA Monographs set out the recent findings from research, together with their context and the
related challenges.

Materials are the key (or showstopper) of broad areas
of industry, and, more specifically, of nuclear industry.
The safety and operating time of nuclear reactors, and the
feasibility of fuel cycle operations are dependent on the
materials used.

Nuclear materials are harshly treated, indeed, as they are
exposed to loading due to mechanical, thermal, chemical
and radioactive conditions. The latter often act in synergy
(stress corrosion, irradiation creep…). The first three types of
loading are “classic”, but the last one (irradiation) is specific
of nuclear materials.

With the purpose of guiding the design of these materials,
and predicting their behavior, modeling and simulation tools
have become indispensable. So a wide range of modeling
tools has been developed, from the atomic to the macro-
scopic scale. These models have to be interconnected, and
validated by experiments with well-defined targets, so as to
make sure that the involved phenomena are well controlled.
These experiments are first conducted on model materials of
simple structure and composition, before dealing with the
more complex case of real materials subjected to multiple
stresses.

Such is the scientific approach described in this Monograph.
The reader will find in it a simple description of modeling
methods for materials under irradiation, and of related
experimental methods, as well as a few recent highlights.
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